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Anneal hardening and elevated temperature strain rate sensitivity of nanostructured metals: Their
relation to intergranular dislocation accommodation
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Abstract

Nanocrystalline materials exhibit various properties or phenomena not common in the conventional grain
size regime, including enhanced strain rate sensitivity for FCC metals or strength increase during recovery
annealing. These peculiarities are associated with the enhanced confinement of plasticity. Accordingly, the
interaction of dislocations with the numerous grain boundaries, the boundary state as well as its local
chemistry are of importance for a complete understanding. Due to the various influencing factors,
determination of the dominant and rate controlling processes remains challenging. Here, we present a
study on selected nanostructured FCC materials where dislocation-grain boundary interactions have been
studied earlier for their coarse grained counterparts. High temperature nanoindentation revealed for all
materials a pronounced increase of strain rate sensitivity when exceeding a certain temperature, peaking
prior to the occurrence of significant grain growth. Static annealing of samples close to these peak
temperatures leads, for sufficiently small grain sizes, to a maximum hardness increase. Interestingly,
despite the nanocrystalline grain size, these temperatures perfectly agree with those obtained earlier for
annihilation of lattice dislocations at grain boundaries in coarse-grained samples. This suggests that at
elevated temperatures the dominant mechanism controlling the enhanced rate sensitivities in
nanocrystalline metals is the thermally activated annihilation of lattice dislocations at grain boundaries.
Measurements of activation energies being close to reported values for grain boundary diffusion further
support this concept.
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1) Introduction

Besides the enormous strength increase achievable by reducing the grain size of polycrystals to dimensions
well below one micrometer, several phenomena not accessible in their coarse grained (CG) counterparts
are observed. For instance, the strength of nanostructured metals can increase rather than decrease when
subjected to recovery annealing treatments [1-4]. Apart from that, for FCC metals an enhanced strain rate
sensitivity (SRS) compared to CG samples was frequently reported [5-7]. Since these phenomena are
already observed in the submicrometer range, they do not necessarily arise from deformation mechanisms
subject to change, but due to the different nature of dislocation slip in these fine-grained specimens. In
CG materials dislocations are continuously produced from intragranular sources, stored and rearranged
during plastic deformation, subdividing the original crystal [8,9]. Such dislocation cells have typical sizes in
the range of several 100 nm, depending on material and deformation conditions [9,10]. For this reason, in
CG crystals the majority of processes during plastic deformation typically occur within the grain or cell
interior, leading mainly to dislocation-dislocation interactions. This is also reflected in their mechanical
response such as high work hardening rates or diminishing rate sensitivity of plastic deformation in CG FCC
metals at low temperatures. During recovery annealing of cold worked structures dislocation based
processes occur, reducing the defect densities as redundant dislocations annihilate and the substructure
is reordered, followed by subgrain growth [9]. Consequently, such heat treatments lead to a softening of
the material. However, recovery is not restricted to the cell or subgrains, since high angle grain boundaries
(HAGB) can also act as sinks for lattice defects and may themselves reorder their structure during recovery
treatments [11-13]. Decreasing the grain size not only increases the fraction of HAGBs, but also, once
reaching the dimensions of typical dislocation substructures, dislocation-grain boundary interactions
become dominant. In addition, the grain size is unfavorable for intragranular sources and dislocations are
mostly emitted from grain boundaries [13]. Accordingly, for such fine grain sizes, the dominant and rate
dependent processes not only during deformation, but also during annealing, are expected to change
compared to CG samples.

Indeed, for nanostructured metals, a pronounced increase of hardness or strength can be obtained when
using proper recovery heat treatments [1-4,14]. The hardening is attributed to a loss of dislocation debris
due to accommodation of dislocations at the boundaries and the lack of intragranular sources,
necessitating the activation of grain boundary sources. After annealing their activation is impeded, as
rearrangement and equilibration processes of the boundary occurred [1-3,12]. The observation of
segregation in some cases suggested that the hardening originates from strong interaction of dislocations
with the segregated atoms [14—16]. Although such heat treatments can impressively alter the strength of
nanostructured materials, their deformability is practically lost and deformation after the heat treatment
will lead to strain softening [1] promoting early strain localization and failure.

The absence of frequent dislocation-dislocation interactions in nanostructured materials is also
manifested in a change of the SRS and activation volume of plastic flow [5-7,17]. Compared to CG metals,
in nanostructured samples, the SRS is reduced for bcc metals except for very fine grain sizes of ~ 10 nm,
where again a slight increase was reported [5,18]. In contrast, a significant increase was measured for FCC
materials, becoming more pronounced for smaller grain sizes [5,7]. Similar to the hardening phenomena,
the increased rate sensitivity is generally related to the occurrence of dislocation grain boundary
interactions [6,7,19,20]. Processes such as emission of (partial) dislocations [13,20,21], annihilation of
lattice dislocations at grain boundaries [6] or, especially at low strain rates or applied stresses a shift from
dislocation to GB mediated deformation processes such as grain boundary sliding or stress assisted
boundary migration [22-25] were therefore suggested.



To date, most of the existing studies were performed at room temperature, while only some were carried
out at slightly elevated temperatures, focusing mostly on nanocrystalline (NC) nickel [20,26-28]. A further
increase of the rate sensitivity with testing temperature was measured. This increase of the SRS at elevated
temperatures seems promising to enhance the formability of nanostructured materials that undergo
anneal hardening, as enhanced strain rate sensitivities are known to stabilize deformation [29].
Therefore, the present study aims to identify the responsible processes leading to enhanced SRS in
nanostructured metals, as this could offer the possibility to combine easy metal forming with attractive
hardening mechanisms. Because both, anneal hardening and enhanced SRS, are thought to be related to
dislocation-grain boundary interactions, materials were deliberately chosen such that interactions were
already studied in detail on a CG scale [30]. Using the same materials with NC structures in the current
study, we will show that the peak temperature for anneal hardening as well as the temperature leading to
maximum SRS corresponds well with the reported average annihilation temperatures of dislocations at
grain boundaries.

2) Experimental

Different FCC materials have been selected (316L steel, Ni 99.99 %, Ni4.5Al, Al1Mg, given compositions in
wt-%) according to an earlier study on dislocation annihilation in HAGBs [30]. The high purity nickel was
delivered from Good Fellow, while the 316L steel (Bohler grade A220) and the Al1Mg samples were
purchased from standard suppliers. The Ni4.5Al samples were produced by arc melting. Buttons of about
30 g were remelted at least five times to ensure homogenous distribution of solute elements. All materials
have been deformed by quasi-constrained high pressure torsion (HPT) at ambient temperature to produce
nanostructured materials [31]. Disks of 8 mm diameter and 0.8 mm height were processed under an
applied pressure of 7.8 GPa for 10 revolutions with a rotational speed of 0.2 rot/min, corresponding to a
strain rate of & = 0.05 s at a radius of 3 mm. These strains are sufficiently large to obtain constant
mechanical properties throughout the whole disk except for the very center part. All microstructural and
mechanical investigations were conducted at a radius of 3 mm, yielding an equivalent von Mises strain of
ewm = 136. The deformed samples were isothermally annealed for 30 min in selected temperature intervals
and microhardness was measured on both, the as-deformed and annealed specimens in order to
determine the onset temperatures for significant grain coarsening. These measurements were carried out
along with quantitative grain size measurements of the as-deformed and additionally annealed
microstructures. Apart from the NC 316L and Al1Mg samples, where microstructural evolution was already
reported in previous studies [3,32,33], samples were analysed using electron backscatter diffraction
(EBSD) data in radial direction of the HPT disk, acquired with a Zeiss LEO 1525 field emission gun scanning
electron microscope (SEM). For clarification, the three principal axis of a HPT disk are shown in an inset in
Fig. 1. Standard orientation imaging micrograph (OIM) software was applied to analyse the acquired data.
A critical misorientation angle of 15 degrees was set for identification of a grain and only data points with
a confidence index larger than 0.05 were taken into account to exclude unindexed pixels and to avoid
possible errors introduced during data cleanup procedures. To determine possible phase decomposition
upon deformation or annealing, conventional transmission electron microscopy (TEM) was applied on the
alloyed samples. The specimens were prepared using standard methods followed by electrolytic thinning.
The alloys were investigated in the as-deformed and annealed condition using an imaging-corrected JEOL
JEM-2100 microscope operated at 200 keV.

Except for the pure Ni (99.99 %) samples, where SRS and activation volumes were already frequently
reported for NC samples [7,17,20,27,28,34], both quantities were determined for the other three



materials at room temperature and in selected temperature regimes by nanoindentation strain rate jump
tests. Indentation was carried out along the axial direction of the HPT disk. The surfaces were mechanically
ground and polished, followed either by a mechano-chemical polishing step with colloidal silica (Ni4.5Al
and Al1Mg), or by electro-polishing (316L steel) using a Struers electrolyte A2.

Local mechanical properties in terms of hardness and thermally activated deformation processes were
investigated by means of nanoindentation using a platform Nanoindenter G200 (Keysight-tec, Santa Rosa,
CA, USA). The system was equipped with a continuous stiffness measurement (CSM) unit, which
superimposes a sinusoidal load signal in order to determine the contact stiffness, thus hardness and
modulus, continuously over indentation depth. For elevated temperature testing a laser-heating stage
(SurfaceTec, Hiickelhoven, Germany) was used, where the tip and sample can be heated independently to
adjust and stabilize the contact temperature and minimize thermal drift influences [35]. Moreover, a well-
defined homogenous temperature distribution during the entire indentation process can be guaranteed.
Additionally, during high temperature testing the entire system including sample tray and the Cu-cooling
shield surrounding the heated indentation tip was actively water-cooled and the chamber temperature
was kept close to 291 K. An inert gas flooded (forming gas — N, containing 5% H,) environment was
preserved by two individually controllable valves which regulate the gas flow around the sample tray and
the heated tip. This allows an oven-like atmosphere, which reduces oxidation of the tested samples. After
each experiment, the sample surface was inspected visually, but an oxide formation was not quantified.
For all experiments three sided Berkovich pyramids were chosen, fabricated from diamond for room
temperature testing (Synton-MDP, Nidau, Switzerland), while sapphire (Synton-MDP, Nidau, Switzerland
together with Surface Tec, Hiickelhoven, Germany) was selected for high temperature testing, since
according to literature this minimized chemical interactions between tip and sample [36]. Frame stiffness
as well as tip shape calibrations were performed on a regular base with the reference material fused silica
according to the Oliver-Pharr method [37]. The initial allowable thermal drift for all temperatures was set
to less than 0.1 nm/s and determined for each temperature before the start of every array, and
additionally quantified after each indentation. Arrays of at least four indentations were performed at
individually chosen temperatures within the heating and the cooling cycle, ranging between RT and
maximum 723 K depending on the tested materials and expected properties (Ni4.5Al: 295, 323, 373, 423,
448, 473, 498, 523, 548, 573, 473 and 373 K; Al1Mg: 295, 323, 348, 373, 398, 423, 473, 523 and 423 K;
316L: 295, 373,473, 523,573, 623, 673 and 723 K).

All indentations were performed in a constant strain-rate controlled mode [38], where hardness and
modulus were recorded continuously and averaged for a strain-rate of 0.05 s between 1050 — 1450 nm
indentation depth. Local strain-rate sensitivity and activation volume were calculated from
nanoindentation strain-rate jump tests [39], where the applied strain rate was changed abruptly every 500
nm, starting at 0.05 s, then dropping to 0.01 s, followed by an increase to 0.05 s, then dropping to
0.005 s, and back to the initial strain rate of 0.05 s. Thermally activated deformation processes were
quantified instantaneously as described elsewhere [5,40] by calculating the SRS, m, and the apparent
activation volume, V*, according to Eq. (1), and Eq. (2)

_ d(In(H))
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V= m*H Eq. (2)

where H denotes the hardness and € the strain rate, C* being a constraint factor of 2.8, ks the Boltzmann
constant and T the absolute temperature.



3) Results

3.1) Mechanical properties and microstructural stability

Because both, the apparent activation volume, V*, and the SRS, m, of plastic flow have been reported to
be grain size dependent [5,7], knowledge of the thermal stability of the structures is essential to select a
proper temperature range for the nanoindentation jump tests. To determine the maximum temperature,
Tmax, upon which the severely deformed structures remain stable, room temperature micro hardness
measurements were carried out on the as-deformed as well as on isochronally annealed samples.
Complementary, grain sizes of the samples were analysed based on electron microscopy investigations.
Measurable onset of grain growth agrees with the hardness measurements. Evolution of room
temperature hardness as a function of the annealing temperature (30 min annealing time) showed quite
different trends for the investigated materials, see Fig. 1. The HPT deformed nickel and the Al1Mg samples
showed a typical recovery behaviour of cold worked structures with slightly decreasing hardness up to a
certain temperature Tmax, before grain growth accompanied by a large drop in hardness occurred. The
other investigated materials (Ni4.5Al, 316L) exhibited a quite pronounced increase of hardness with
annealing temperature, peaking at Tmax. For higher annealing temperatures, hardness decreased again
along with slight grain coarsening, before at even higher temperatures pronounced grain growth
accompanied by a severe drop in hardness occurred. Up to Tmax the microstructures remained rather stable
and even in the case of nickel and the aluminium alloy up to Tmax no significant structural changes were
observed, indicating that only defect annihilation was responsible for the hardness reduction. This
temperature therefore separates pure recovery from the recrystallization and grain growth regime.
However, Tmax should only be considered as an approximate value for the onset of grain growth, as the
intervals between the chosen annealing temperatures were rather wide. Although the temperature range
for high temperature nanoindentation was restricted to the coarsening temperature, Tmax, the slow growth
rates of the Ni4.5Al and the Al1Mg alloys allowed to measure also at slightly higher temperatures, compare
Fig. Al.

The maximum annealing temperature before grain growth occurred, Tmax, the measured hardness values
of the as-deformed state, Hger, and the maximum achievable hardness by a proper recovery annealing
treatment, Hmax, as well as the grain size, d, of all materials under investigation are summarized in Tab. 1.
In addition, the average temperatures for dislocation annihilation in HAGBs of these materials as reported
in [30] are listed in Tab. 1. Microtexture measurements based on the EBSD data showed for HPT
deformation in the entire temperature range from room temperature up to Tmax only the occurrence of
ideal deformation texture components expected for simple shear [41]. This is exemplarily shown in Fig. 2
for the Ni4.5Al samples, where high intensities are present only close to the ideal positions indicated by
black dots. Increasing the deformation temperature to 573 K only leads to a slight spread of the intensities.
Texture measurements of the other samples (not shown) consistently revealed similar results. This
emphasises that for all testing temperatures within this study during HPT dislocation based plasticity
prevails. Furthermore, it is established that a HPT deformed structure in the saturation regime consist of
about 70 - 80 % of HAGB which are random in nature, with no preferred misorientation angle or axis
appearing, as previously reported for a variety of different materials [42—-47].

Analysis of the Debye Scherrer rings of the as-deformed and annealed Al1Mg samples showed for both
conditions only reflections of the FCC lattice, while for the Ni4.5Al samples an additional peak appeared in
some areas, which could be identified to originate from nickel oxide (NiO), but formation of an
intermetallic phase can be excluded in both cases, compare Fig. 3. Similarly, the NC 316L samples were



investigated previously, confirming the existence of a single FCC phase up to 823 K [3]. Thus, all samples
used within this study can be treated as single phase FCC materials.

3.2) High temperature nanoindentation strain rate jump tests

As outlined above, nanoindentation strain rate jump tests were carried out on the various samples at
different temperatures, starting at room temperature up to Tmax, the thermal stability limit of the individual
samples, except for the AllMg and Ni4.5Al samples, which were tested also at slightly higher
temperatures. Because numerous data is already available on nanocrystalline and ultrafine-grained nickel
(e.g. Refs. [7,17,20,27,28,34]), the pure nickel samples were excluded from this experimental effort. For
each given temperature, the strain rates during indentation testing were changed repetitively in the range
of 0.05 s t0 0.005 s%. The temperature dependency of the Young’s modulus and hardness for all materials
tested at a strain-rate of 0.05 s are displayed in Fig. A2.

For all samples investigated, a similar behaviour was observed and the hardness response as a function of
indentation depth, including multiple strain rate jumps, is shown exemplarily for the Ni4.5Al samples in
Fig. 4. Moreover, the depth independent modulus data (small inlay) verifies the reliability of these
indentations. Clearly, for all tested temperatures hardness is changing noticeable when the applied strain
rate is altered. Hardness becomes smaller for reduced strain rates and larger for the higher strain rates
tested. This indicates a positive SRS and no significant influence of the solute atoms on the plastic flow of
the alloyed samples, at least in the investigated grain size and temperature range. Switching back to a
previous strain rate leads to identical hardness levels as before, demonstrating that the tested structures
are not only thermally but also mechanically stable during testing. From Fig. 4 it is evident that for higher
testing temperatures the change in hardness due to a strain rate jump becomes more pronounced.
Calculating the SRS, m, according to Eq. 1, and evaluating it as a function of temperature confirms this
trend, see Fig. 5 and Tab. 2. For all tested materials, the SRS remains relatively low up to a certain
temperature, although still an order of magnitude higher than for CG FCC metals. Above this temperature,
the SRS increases noticeably with further temperature increase, see Fig. 5. At elevated testing
temperatures especially the Ni4.5Al and the Al1Mg samples reach rather high SRS values of 0.1 and 0.15,
respectively. Interestingly, the pronounced increase does not occur at similar homologous temperatures
and is different for each material. While a strong increase of m could be measured for the Ni4.5Al samples
starting already at 0.25 T,,, for the two other materials, Al1Mg and 316L, a pronounced increase of m does
not occur below 0.35 T,. Although the 316L samples could not be tested up to Tmax due to the instrument
limitation in testing temperature, also here an increase of m above a certain temperature is clearly visible.
Thus, similar trends as for the other materials can be expected for higher testing temperatures. It is
important to note that exposing the samples to higher testing temperatures does not alter the SRS values
when testing back at lower temperatures, exemplarily shown for the Ni4.5Al samples in Fig. 5. Clearly, the
measurements performed during the heating cycle perfectly match with the ones obtained during cooling
at the same testing temperature. This can be attributed to the negligible growth of Ni4.5Al grains, although
Tmax Was exceeded. However, this does not hold true in case distinct coarsening occurred during the high
temperature tests, as for the Al1Mg samples that were tested well above their stability limit (~ 400 K).
Strain rate jump tests on those samples performed during the cooling cycles at somewhat lower
temperatures showed even a negative SRS (m=-0.003), as expected for CG as well as UFG AlMg alloys in a
suited temperature range [40,48]. Interestingly, although the grains already coarsened to some extent as
Tmax Was exceeded for Ni4.5Al and Al1Mg during the heating cycle, the SRS did not drop as would be
expected, see Fig. 5. This behaviour could be related to the persisting high grain boundary density present



for both materials (Fig. A1), as it was previously shown that for significant grain growth, a pronounced
drop of the SRS occurs [49,50].

Fig. 6 summarizes the calculated values of the apparent activation volume V* for all materials as a function
of testing temperature. The calculated values for V* are on the order of several tens of b® for all materials
and about one to two orders of magnitude smaller than observed in CG FCC metals, see Fig. 6 and Tab. 2.
Measured V* values of the Al1Mg alloy at ambient temperature are significantly larger than those of the
others, which can be related to the relatively low hardness values of this alloy compared to the other
samples tested, compare Eq. (2) and Tab. 1. Similar to the SRS, the values measured during the cooling
cycle showed no significant difference compared to the ones obtained during the heating cycle, see Fig. 6.
While the overall trends for the SRS are similar for all tested materials, this does not appear on first view
for the activation volumes. Except for Al1Mg, the other two materials showed increasing or relatively
constant V* values at moderate testing temperatures ranging from 10 to 30-b3, which are decreasing again
at higher temperatures. Different, for the Al1Mg samples, V* continuously decreased with an increase of
testing temperature until reaching relatively constant values of about 10 b3. However, these are tested
already above 0.30:T,,, where also for the other samples a decrease of V* was observed. Taking a closer
look on the parameters influencing V* (Eq. 2) and their evolution with temperature (Fig. 4, Fig. Al) it
becomes clear, that the pronounced reduction of V* is for all materials occurring at the temperature where
also the rate sensitivity, m, starts to increase markedly. As V* serves as a fingerprint of the underlying
deformation mechanisms and processes, this suggests that the processes leading to enhanced SRS also
provoke the reduction of the activation volume.

4) Discussion

Nanoindentation revealed distinct differences of the various nanostructured FCC metals compared to their
CG counterparts. For all materials consistent trends were measured and already at room temperature
enhanced SRS values of about 0.02 were determined (Tab. 2). As shown in Fig. 5, SRS values increase
further up to 0.1 and 0.15 above certain testing temperatures for the Ni4.5Al and AllMg samples,
respectively. On the other hand, compared to CG materials significantly reduced apparent activation
volumes of 10 — 60-b® were determined. These results are consistent with earlier findings on the SRS and
activation volume of NC or ultrafine-grained (UFG) materials, see for example [5-7,20,28]. The increased
SRS and decreased activation volumes compared to CG metals are generally explained by a change in the
underlying rate controlling processes, when the grain size is reduced to the submicrometer regime. Yet,
still discrepancies about the dominant and rate controlling processes causing the investigated effects are
reported in literature [6,7,20,21]. However, as the average annihilation temperatures of lattice
dislocations in HAGBs [30] match with those where maximum SRS values and onset of grain growth
occurred in the severely deformed materials (compare Tab. 1), in the remainder we will discuss how
accommodation of dislocations at grain boundaries can serve as basic mechanism to explain the measured
trends in SRS, and how it can be linked with the onset of grain coarsening.

To understand the reasons that provoke the enhanced SRS of the NC materials, let us first consider the
underlying processes at the mesoscale. As indicated by the deformation textures in Fig. 2, for the grain
sizes and temperature intervals tested here plasticity is still dislocation based. Therefore, any change in
the rate controlling processes cannot be explained by a change of the deformation mechanisms, but has
to be related to differences in dislocation slip in these confined volumes. If during plastic deformation
lattice dislocations enter a grain boundary, so called extrinsic grain boundary dislocations (EGBDs) are
formed. The term extrinsic refers to the fact that they are not part of the equilibrium grain boundary



structure [51,52]. These intergranular dislocations are accommodated either by decomposition into ones
having smaller burger vectors, in case of infinitesimal small ones also referred to as dislocation spreading
[51,52]. Anyway, these processes leading to a relaxation of the grain boundaries and reduction of their
energy, require temperatures high enough to enable local rearrangements or mobility of these defects
within the boundary. Therefore, only above sufficient temperatures thermally induced intergranular stress
relaxation can occur. As mentioned, the obtained SRS values peaked close to Tmax (Tab. 2), agreeing well
with the average annihilation temperature of lattice dislocations, compare [30]. Based on the
considerations above, this is not surprising. Above a certain temperature, impinging lattice dislocations
can be thermally accommodated and their stress fields decay with time. Therefore, testing a material at
sufficiently high temperatures and low strain rates, the annihilation process of the dislocation at the grain
boundary take place before a subsequent dislocation enters the boundary. In this case, the remaining
stress field of the lattice dislocations is already relaxed, causing reduced interaction. On the other hand,
for high strain rates, the accommodation may not be complete and subsequent dislocations interact with
the remaining stress fields, leading to enhanced stresses required for plastic deformation. In principle,
once a material is tested at temperatures where dislocations can thermally annihilate at grain boundaries,
no SRS should be measured at all, as no stress field will remain to interact with subsequent dislocations.
However, transmission electron microscopy (TEM) studies on intergranular dislocation absorption indicate
that this is not a spontaneous process, rather the stress contrast of the dislocations vanishes with time
[30,53]. Nevertheless, absorption kinetics might be enhanced above some temperature to a rate
comparable to that of the flux of incoming dislocations, resulting in a decrease of the SRS. To evaluate if
such temperatures are potentially reached in the present experiments, we can estimate the underlying
time scales for deformation and intergranular stress relaxation. As an example we consider the Ni4.5Al
samples with an average grain size of d = 120 nm. Taking into account the equivalent strain caused by the
Berkovich indenter of € = 0.08 and the burgers vector b = 0.25 nm, the necessary number of dislocations
per grain, Ngs, to realize this strain can be estimated to be Ngis = £d/b, yielding values of about 40.
Considering the lowest strain rates applied within the experiments, ¢ = 0.005 s, time scales of about a
second between individual dislocations entering a grain boundary can be assumed. On the other hand, the
relaxation time, 7, of an array of random EGBDs at a given temperature T, can be calculated according to
Eq. 4, [52,54]

kBTS3
GODgpd

where A denotes a constant (for severely deformed materials found to be 1/200 [54,55]), ks the Boltzmann
constant, s the spreading distance, G the shear modulus, £2the atomic volume, Dgg the grain boundary
self-diffusion coefficient and dthe grain boundary width (usually taken as 0.5 nm). In case the spreading
distance equals the grain size, the boundary can be considered to be completely relaxed. Thus, the
appropriate value of the relaxation time can be considered as the required time scale to remove remaining
stress fields from inserted dislocations. Again, the Ni4.5Al samples are considered at maximum testing
temperature (573 K). The shear modulus (64 GPa) is taken from the nanoindentation results, the boundary
width as 0.5 nm and the atomic volume for nickel as 10.9 A® [55]. Because reliable grain boundary
diffusivities for Ni4.5Al are not available for the desired temperature range, the ones obtained on severely
deformed nickel with low purity (99.6 %) will be used as an approximation (Des = 1.8*107-5 *exp(-



162000/RT)) [56]. Accordingly, relaxation times of about 6500 s are derived, being orders of magnitude
larger than the relevant time scales for deformation imposed by the nanoindenter.

Therefore, as the temperatures where maximum SRS values were measured agree with the ones observed
for annihilation of lattice dislocations in the same materials, one might conceive that the mechanism
responsible for the increase of SRS at elevated temperatures is thermally activated accommodation of
lattice dislocations within the grain boundaries. Reducing the testing temperature not only causes an
increase of the relaxation time, but also that such processes may not occur on all types of boundaries,
reflected in reduced SRS values measured. Depending on the exact nature of the boundary, different
annihilation temperatures have been reported, being significantly higher for special boundaries such as
low sigma ones [30,52]. Below a certain temperature, thermally activated accommodation of dislocations
is inhibited, but similar accommodation processes can be considered based on a mechanical driving force.
In that case, the applied strain rate does not influence the accommodation kinetics significantly, resulting
in the observed low rate dependency of mechanical properties, becoming almost independent of testing
temperature. Such mechanical incorporation of dislocations into GBs was also experimentally observed
and it was found that small pile-ups or stress fields from subsequent dislocations can accelerate this
mechanically driven accommodation process [53]. For sufficiently low testing temperatures, this process
can be considered to occur purely mechanically driven and no rate dependency is to be expected. Such
change from a thermally activated to a mechanical driven accommodation of dislocations into the
boundary is comparable to observations of boundary migration in nanostructured materials, which
progressively changes from a thermally to a mainly mechanically driven one at low temperatures [57,58].
The transition from thermally to mechanically activated accommodation can be expected to be also
reflected in different apparent activation energies, Q, of the underlying processes. For mainly mechanical
activation, as previously suggested for migration of boundaries in nanostructured metals [57,58],
significantly reduced Q values can be assumed. The apparent activation energy, Q, can be evaluated from
indentation data using the modulus-compensated hot hardness analysis [59]. Accordingly, Q is related to
the hardness H, and the Young’s modulus E, by Eq. (3).

Q om
% =G+ expGrr) = G’ expRT Eq. (4)

In Eq. 3, G’ is a pre-exponential factor, R the gas constant, T the absolute temperature and n the stress
exponent, related to the rate sensitivity m via n = 1/m. Fig. 7 shows the In(H/E) over 1/T plots for all
investigated materials. Within certain temperature intervals, the data can be well described by a linear fit,
except for the data of the NC 316L steel at low temperatures. From the slope of these linear fits the
apparent activation energy Q can be deduced. As the SRS m itself changes with temperature (Fig. 5), for
the calculation of the activation energy Q, the average value of m in the two distinct regimes was used to
determine Q, see Fig. 7. Obviously, depending on the testing temperature, two distinct regimes with
different activation energies can be distinguished, with a crossover occurring at a critical temperature T..
For comparison, this temperature T¢ is also indicated for each material in Fig. 5 and Fig. 6 as well. Doing
so, for the Ni4.5Al samples, at low testing temperatures a relatively low activation energy of Q = 27.4
klJ/mol is calculated, while the one at elevated testing temperatures yields higher values of Q = 120.1
kJ/mol. Similarly, for the other materials tested, two distinct regimes are identified, and the calculated
activation energies for both regimes are summarized in Tab. 2. In the high temperature regime (larger Q



values) one would expect activation energies similar to those for boundary diffusion, as the dislocation
absorption requires rearrangements within the boundary, compare Eq. (4). Grain boundary diffusion data
for Ni4.5Al and 316L are not accessible; however, data for AIMg alloys with slightly higher Mg
concentration is available. Therefore, focusing on the Al1Mg samples, the activation energy of the rate
controlling processes at higher testing temperatures (Q = 87.3 kJ/mol) is in good agreement with literature
data for grain boundary diffusion in AIMg alloys of Q ~ 90 kJ/mol [60,61]. Similarly, the calculated activation
energies for the Ni4.5Al samples in the high temperature regime are in the range for those obtained from
grain boundary diffusion measurements on nickel [56]. This provides additional evidence for thermally
activated dislocation accommodation being the rate controlling process responsible for enhanced SRS
values, especially at elevated temperatures. Therefore, T. separates to our notion the mechanically
dominated regime from that where accommodation of dislocations at grain boundaries starts to become
possible. Indeed, around T, SRS starts to become temperature sensitive. As mentioned before, at this
temperature at certain boundaries thermally induced processes become dominant, whereby the exact
temperature will differ from boundary to boundary. Pumphrey and Gleiter reported for all materials an
annihilation temperature spectrum of about + 50 K around the average values [30]. This temperature
spectrum is in line with the difference between T. and Tmax of about 50 — 100 K for the aluminium and
nickel alloy tested. However, for the 316 L steel this difference is notably larger. The reason for this could
be related to the difference in the microstructure between the samples. In case of the 316 L steel, many
nanocrystallites are further subdivided by twins [32]. Accommodation of dislocations at twin boundaries
requires significantly higher temperatures, and instead of a spreading climb within the boundary plane is
more likely to occur [30,52].Therefore, this significant difference between the involved boundaries likely
causes the enhanced temperature window between Tc and Tmax in case of the NC 316L steel.

Taking a closer look at the trends for the apparent activation volumes V*, which serves as fingerprint of
the underlying processes and deformation mechanisms, supports this conclusion. For all materials, V*
evidently starts to decrease to lower values at the temperature where the SRS starts to increase
significantly. This reduction cannot be explained by precipitation of intermetallic particles at the grain
boundaries that could limit the moving distance of a dislocation between pinning points, see Fig. 3. Rather,
we consider this reduction as a signature of the rearrangements or defect movement occurring within the
grain boundary necessitating diffusion based processes. While such processes are expected to result in
single digit activation volumes, dislocation based processes in nanostructures manifest in values of several
tens of b3. As dislocation based plasticity prevails for all testing temperatures (Fig. 2), the reduction of V*
may be a consequence of measuring an effective value of both processes, emission and propagation of
dislocations through the grain in conjunction with the thermally induced rearrangements after absorption.
It is interesting to note that measurements taken during the cooling cycles on the Ni4.5Al samples gave
identical values for m and V* as obtained during the heating cycle, see Fig. 5 and 6. This confirms that the
microstructures were stable. Furthermore, it indicates that segregation and relaxation of grain boundaries,
possibly occurring at elevated testing temperatures, does not influence the mechanical properties when
testing them again at lower temperatures, at least for the accessible strains and strain rates applied during
indentation. Similar results have been obtained on NC Ni-W for grain sizes larger than 10 nm [2]. If pinning
or strong interaction of dislocations with boundary ledges or impurities would play a distinct role as
suggested for instance in [15,62], different values should be measured during the cooling cycle. However,
to clarify such influence on the dislocation nucleation from boundaries, similar measurements with an



indenter tip having a larger opening angle, realizing reduced equivalent strains, or testing with a spherical
indenter would be necessary.

As mentioned before, the thermal stability limit also showed good agreement with the reported average
annihilation temperatures of lattice dislocations in random HAGBs, compare Tab. 1 and [30]. For the
materials undergoing anneal hardening, the maximum hardness of the nanostructures could be obtained
by annealing treatments at or close to these temperatures, see Tab. 1 and Fig. 1. Again, the excellent
agreement between these temperatures can be understood considering the processes at the mesoscale.
Grain coarsening necessitates the movement of grain boundaries, which occurs by the motion of boundary
steps, either thermally induced or due to the interaction with external stress fields. Indeed, boundary
migration in submicron sized metals caused by the movement of disconnections (i.e. steps associated with
a dislocation) under applied temperature and mechanical load has been investigated recently [63—65].
Such disconnections can also be generated by absorption of lattice dislocations into the grain boundary
[64]. Therefore, it is not surprising that at temperatures where accommodation can occur frequently,
boundary migration will take place as well. This is also in agreement with recent observations where
structural coarsening in severely deformed metals was found to initiate by motion of triple junctions which
can be easily pinned by lattice defects such as dislocations or substructures within the grain [66].
Accordingly, if lattice dislocations can be accommodated at boundaries at a given temperature, the
movement of the junctions is facilitated and coarsening proceeds. We can therefore understand the
processes occurring at the peak temperature as a competition between grain growth and recovery,
involving at least for submicron grain sizes still a reduction of the intragranular dislocation content and
relaxation of boundaries, as suggested earlier [1]. The fact that anneal hardening is occurring already at
temperatures below Tmax (see Fig. 1) is not contradicting the explanation above, as accommodation of
dislocations is not occurring at a specific temperature for a given material, but in a certain temperature
spectrum, depending on the exact character of the boundary such as misorientation angle, excess volume
and local chemistry [30,67,68]. For this reason the good agreement between the average temperatures
observed in the present work and those reported in [30] are not surprising, as HPT and related processes
of severe plastic deformation are known to produce random boundary structures in the saturation regime
[42-47].

Another astonishing finding was that the thermal stability, or the temperatures leading to the peak
hardness, of various nickel samples reported in literature [7,62,69—72] was close to 473 K, which was also
the annihilation temperature in Ref. [30]. As Pumphrey and Gleiter reported in their study, grain boundary
migration did in any case occur after or during the dislocation spreading process, but never prior to it [30].
This seems at first glance not surprising as both processes, accommodation and migration, necessitate
rearrangements in the boundary region. However, the referenced nickel samples had quite different grain
sizes, ranging from 30 nm up to 200 - 300 nm. Based on Eq. (3), which provides an estimate of the
relaxation time, one would expect a pronounced difference of the relaxation times for samples having
different grain sizes. In fact, the differences in grain size of the compared samples (30 nm versus 200 nm,
respectively) should reduce the relaxation time and so presumably the migration/growth kinetics by a
factor of 300. However, this would only be the case if all other parameter could be kept constant. In case
of the referenced nickel samples this will not be the case, as for synthesis of the finest grain sizes always a
certain amount of impurity atoms is necessary. As mentioned earlier, the activation energy for boundary
diffusivity is quite sensitive to the purity level [56]. Due to the exponential dependency of the boundary
diffusivity on the activation energy, the difference induced by the grain size can be easily surpassed,



rendering it the more important parameter in Eq. (3). The correlation of extrinsic grain boundary
dislocation stability with boundary migration and its strong dependency on the boundary diffusivity may
provide, apart from the well-established kinetic and thermodynamic approaches [73-75], a different view
on the thermal stability of nanostructures.

5) Summary and conclusions

In the present study the annealing response, strain rate sensitivity and apparent activation volume of
several nanostructured FCC materials were investigated by high temperature nanoindentation jump tests.
The materials were chosen with respect to a previous study focussing on annihilation of lattice dislocations
in high angle boundaries for a CG microstructure. The results showed excellent agreement between these
bulk annihilation temperatures and the thermal stability of the tested nanomaterials. Samples that
undergo anneal hardening reach a peak hardness close to these temperatures. Similarly, the strain rate
sensitivity is increasing with temperature and peaks at these critical temperatures. The results suggest that
the enhanced strain rate sensitivity at elevated temperatures originates from thermally activated
annihilation of lattice dislocations at high angle grain boundaries. This is supported by the measured
activation energies of the responsible processes which are in the range expected for grain boundary
diffusion. In contrast, at low temperatures the accommodation process is mainly mechanically driven.
Although the rate sensitivity generally increased for all materials, quite different absolute values among
the individual materials were measured. As dislocation accommodation is closely related to interfacial
diffusivity, future work should be devoted to understand which interface design improves these properties
and how it can be controlled, as this would pave the way for enhanced formability of nanostructured
materials.
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Fig. Al) a,b) Representative micrographs of the investigated Al1Mg and Ni4.5Al alloys in the as-deformed
state and after various annealing conditions. Grain growth occurs rather slow for both alloys, especially
for the Ni4.5Al samples. c) Misorientation distribution of the Ni4.5Al alloy in the as-deformed and annealed
condition confirming that the majority of the grain boundaries is of high angle type being almost random
in nature.
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Table 1) Overview of the mechanical properties, grain sizes and critical annealing temperatures of the
various samples investigated. Hqer, denotes the hardness of the as-deformed samples, Hmax, the maximum
hardness achievable after a 30 min recovery annealing treatment with the standard deviation giving the
error bar. d, denotes the average equivalent grain size after HPT deformation, and Tpme, the maximum
temperature before significant grain growth occurs. Tanniniation denotes the average temperature for
dislocation annihilation in high angle grain boundaries as reported in [30]. Please note that the
compositions used in [30] slightly differ from those used in the present study.

Material Hdef [GPa] Hmax [Gpa] d [nm] 7—max [K] 7—a\nnihilation [K] [30]
AllMg 1.40+0.02 - ~ 200 [33] 398 K+12.5K ~ 413 K(Al0.9Mg)
Ni (99.99%) 3.19+0.01 - 239 £137 423 K+ 25K ~493K

Ni4.5Al 419+0.02 4.44+0.01 120*66 523 K+25K ~ 573 K(Ni5Al)

316L 5.01+0.02 5.94+0.02 ~60([32] 823 K+12.5K ~ 773 K(Fe25Ni20Cr)

Table 2) Strain rate sensitivity, m, and apparent activation volume, V*, measured by nanoindentation at
room temperature (mgr, V*rr) and elevated temperature (mMmax, V*ur) where maximum values of m have
been determined. Values of m and V* for Ni are taken from Refs. [7,20,27,28]. The apparent activation
energy, Q, was calculated based on Ref. [59] for the two clearly distinguishable regimes at lower and higher
temperatures (Fig. 7).

Material __mgy [-] M [-] V¥*pr [b3] V¥ (D3] Qriow [kI/mol]Qx high [ki/mol]

AllMg 0.009 £0.001  0.15+0.06 (423 K) 57175 13.7+£03 726%0 87354
Ni 0.015-0.04 0.12 (473 K) 15-30
Ni4.5Al 0.014+0.001 0.096 £0.005 (573 K) 183+1.0 9.0+0.8 27.4+3.0 120.1+15.2

316L 0.017 £0.0002 0.041+0.003 (723 K) 11.6+0.1 17.1+05 12.2+16.9 80.6+7.0
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Fig. 1) Evolution of room temperature microhardness of the investigated samples as a function of the
annealing temperature. In all cases, the duration of the heat treatments was fixed to 30 minutes. The inset
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Fig. 2) Orientation distribution function (ODF) sections of a Ni4.5Al sample deformed by HPT at different
temperatures. The appearance of expected deformation texture components provides evidence that
dislocation based plasticity prevails for all test temperatures. Black data points indicate the position of
ideal shear texture components [41].
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Fig. 3) Representative bright field images and experimental Debye Scherrer rings compared to the
theoretical ones of the Ni4.5Al and the Al1Mg samples after HPT and additional annealing treatments.
Except for the NiO peaks (highlighted in blue), no additional reflections except for the expected FCC ones
were observed.
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Fig. 4) Change of hardness as a function of the indentation depth over which multiple strain rate jumps
have been performed exemplarily shown for the Ni4.5Al samples at various temperatures. A positive strain
rate sensitivity is evident, being more pronounced for higher testing temperatures.
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Fig. 5) Strain rate sensitivity, m, as a function of test temperature showing a common trend for all tested
materials. At low temperatures m remains relatively constant, but increases significantly after exceeding
a specific temperature. The Ni4.5Al samples were also tested during the cooling cycle and exhibited
identical values compared to the heating cycle. The shaded area indicates the critical temperature range
where the activation energy of the underlying processes changes, as detailed later.
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Fig. 6) Apparent activation volume, V*, as a function of the testing temperature for the investigated
materials. The critical temperature range where the activation energy of the underlying processes changes

is highlighted.
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Fig. 7) Modulus compensated hardness as a function of the inverse temperature for all materials. Two
regimes with different activation energies can be identified, with a crossover from mainly mechanically to
thermally induced dislocation accommodation at a critical temperature T..
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