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Abbreviations and symbols

α α-Ti(Al), a disordered hexagonal close packed solid solution

α2 α2-Ti3Al, an ordered intermetallic phase with D019 structure

β β-Ti(Al), a disordered body centered cubic solid solution

βo βo-TiAl, an ordered intermetallic phase with B2 structure

γ γ-TiAl, an odered intermetallic phase with L10 structure

ε creep strain

ε̇ creep strain rate

θ diffraction angle

λ wavelength

ν electron beam scanning speed

ϕ logarithmic degree of deformation (true strain)

ϕ̇ logarithmic strain rate

AC air cooling

AM additive manufacturing

at.% atomic percent

bcc body centered cubic

BDTT brittle-to-ductile transition temperature

BSE back-scattered electrons

CNC computerized numerical control

DSC differential scanning calorimetry

EBM electron beam melting

EBSD electron back-scatter diffraction

EDX energy dispersive X-ray spectroscopy

FC furnace cooling

FL fully lamellar
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hcp hexagonal close-packed

HIP hot isostatic pressing

I current

kf true stress (flow stress)

kf,max maximal flow stress

L liquid

LE line energy

LEAP leading edge aviation propulsion

LOM light optical microscope

m.% mass percent

NL nearly lamellar

OPS oxide polishing suspension

Rm tensile strength

Rp0.1 0.1% offset yield strength

Rp0.2 0.2% offset yield strength

RT room temperature

SE secondary electrons

SEBM selective electron beam melting

SEM scanning electron microscope

SM subtractive manufacturing

t time

Tβ β-transus temperature

Tγ-solv γ-solvus temperature

Teut eutectoid temperature

Tliq liquidus temperature

Tsol solidus temperature

Ti-6Al-4V a Ti-alloy with a nominal composition of Ti, 6 m.% Al and 4 m.% V

TiAl titanium aluminide
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VIGA vaccuum induction melting inert gas atomization

VIM vacuum induction melting

vol.% volume percent
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1 Introduction
Additive manufacturing (AM) methods use computer based models to produce geometrically
complicated three-dimensional products. In contrast to so-called subtractive manufacturing
(SM) methods, such as computerized numerical controlled (CNC) milling, which rely on the re-
moval of material to create complex parts, in AM material is added locally in order to create
a near net shape product. Ideally this leads to a higher utilization of material and production
speed while decreasing the need for later machining, thus increasing overall productivity [1].
One of the major challenges is to find suitable manufacturing methods to gain ideal material
properties while still being able to produce in a fast and cheap way. The range of materials to
which AM methods are applicable has grown steadily since the 1980s when for the first time
polymers were 3D printed [2] and now includes metals, ceramics and others [1, 3, 4]. One ap-
proach to AM are powder bed fusionmethods where a precursor powder is introduced layer by
layer into a build chamber and then molten or sintered by an external energy source. This en-
ables the production of very complex structures that can even contain internal features, which
are very difficult to achieve by SMmethods, while minimizing the necessity for machining. An-
other advantage of thesemethods is the chance to recycle the unused powder to be used again
in further parts leading to a high material yield [1, 5].

For (inter-)metallic materials electron beam melting (EBM or selective electron beam melting,
SEBM) is a versatile powder bed fusion method to produce high quality near net shape parts.
Since its introduction into the market by Arcam (Sweden) in the late 1990s, this technology has
been successfully employed in a variety of metallic materials, for example the most common
α-β-Ti alloy Ti-6Al-4V (in m.%), steels as well as Ni- and Co- based alloys [1]. In 2017 for the first
time a 3D-printed nozzle from a Ni-alloy has been introduced inside the LEAP jet engine by GE
and the first LEAP powered Airbus A320neo started ferrying paying passengers in the summer
of 2017 [6, 7].

In order to improve the efficiency and performance of engines in the automotive and aerospace
industry higher turning rates of turbines and increased combustion gas temperatures are neces-
sary. This means that thematerials need to satisfy these increasingly challenging requirements
with regard to density, creep resistance and high-temperature strength. One class of materials
that arose from this set of “circumstances” are the intermetallic γ-titanium aluminides (TiAl)
which show promising material properties with regards to application at high temperatures.
These include good creep properties, high strength and good oxidation resistance in a temper-
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ature range of up to 800 ◦C. All of these qualities are combinedwith a lowdensity in comparison
to other commonly used high temperature materials, such as Ni-base alloys. As a consequence
they have seen increased use in recent years, especially in the aerospace sector [8, 9]. An ad-
ditive manufacturing factory in Cameri, Italy, is already printing TiAl turbine blades [7].

This work aims to investigate the properties of a powder metallurgical TiAl alloy known as TNM
(acronym for Titanium-Aluminide-Niobium-Molybdenum), fabricated bymeans of EBM. To that
end several cylindrical test specimens have been manufactured in an EBM-machine with pow-
der produced by vacuum induction melting inert gas atomization (VIGA) for later investigation
on their microstructure, strength and creep properties.
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2 Fundamentals

2.1 Alloy System

2.1.1 The Ti-Al-System

The basis of the TNM alloy is the binary system Ti-Al. It therefore helps to first consider this
phase diagram in order to better understand the alloy. A thorough investigation of this system
has been conducted by Schuster and Palm [10], which resulted in the phase diagram displayed
in figure 2.1.
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Figure 2.1: The binary Ti-Al phase diagram as published by Schuster and Palm [10]. The relevant
part of the phase diagram for γ-TiAl alloys ranges between around 40 and 50 at.% Al.

The interesting concentration range for γ-TiAl alloys lies between roughly 40 and 50 at.% Al.
For lower Al-concentrations within this concentration range the binary system solidifies via the
β-phase. At lower temperatures the α- and γ-phases precipitate, for further details see section
2.1.5. Above the β-transus temperature (Tβ) only the β-phase is thermodynamically stable,
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below the γ-solvus temperature (Tγ-solv) the γ-phase coexists. For increased Al-concentrations
the solidification takes place through a peritectic reaction. In this case the α-phase is stable
at higher temperatures and for Al-concentrations above the peritectic point no β-phase ex-
ists after the peritectic reaction L+β→α. With decreasing temperature the γ-phase precipi-
tates [10,11]. The γ- and α2-phases are of great importance with regard to the mechanical and
creep properties of any γ-TiAl based alloy, a further description is provided in section 2.1.5.
By using an appropriate Al-concentration, alloying elements and heat treatments the material
properties can be adjusted to optimally suit the respective application conditions, i.e. suitable
for use at elevated temperatures and under higher mechanical loading [8, 11, 12].

2.1.2 Phases and Crystalline Structures

For high temperatures the prevalent phase below 45 at.% Al is the disordered body centered
cubic (bcc, A2 structure, Im3m) β-phase. At lower temperatures an ordering transition occurs
and the β-lattice transforms into the bcc B2-ordered (Pm3m) βo. This ordered βo-phase has a
detrimental influence on the material properties, in particular on the creep properties [8, 13].
However, due to its high number of independent slip systems, its disordered high temperature
counterpart β allows a better deformability at elevated temperatures and thus the forging of
the material [13].
The hexagonal close packed (hcp, A3 structure, P63/mmc) α-phase is stable at lower temper-
atures or higher Al-concentrations in comparison to β. At lower temperatures it transforms
into the ordered phase α2-Ti3Al (D019 structure, P63/mmc). The order transitions of β/βo and
α/α2 occur in the temperature range of 1120-1250 ◦C [10].
The third occurring phase is the face-centered tetragonal L10 (P4/mmm) γ-TiAl. It is ordered
over the entire temperature range of its existence. This phase is “almost” face-centered, with
the ratio of c to a of the unit cell being 1.02. However, an increasing Al-concentration increases
the tetragonality of the lattice which has a negative influence on the deformability [14]. All of
the phases described are represented in figure 2.2.

2.1.3 Alloying Elements

Aluminium
Aluminium is the main element in the alloy and has the major influence on both the solidifica-
tion as well as the phase constitution of the material at room temperature (RT). For lower Al
contents alloys solidify via the L+β two-phase field, while higher concentrations shift the sys-
tem towards the peritectic reaction. Aluminium stabilizes the α-phase and shifts Tγ-solv as well
as Tβ towards higher values [11].
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Figure 2.2: The crystal structures of the main phases in the TNM system. a: hexagonal A3
(α-Ti(Al)), b: bcc A2 (β-Ti(Al)), c: hexagonal D019 (α2-Ti3Al), d: bcc B2 (βo-TiAl), e: face-centered
tetragonal L10 (γ-TiAl)

Niobium and Molybdenum
The elements Nb and Mo stabilize the β-phase. This is of importance to improve the process-
ing properties at high temperatures, where processes such as extrusion, forging and rolling are
carried out and the presence of a sufficient volume fraction of β-phase at hot-working temper-
ature improves the deformability [8,11]. However, it is also known to reduce high temperature
strength and creep resistance in the case of the ordered βo-phase [15]. Despite the fact that
Mo is a stronger β-stabilizer than Nb the latter is preferred in terms of oxidation protection as
Mo has a negative influence on the oxidation resistance of thematerial [8]. These elements are
also associated with decreasing the diffusion in α2 and γ by increasing the activation energy of
diffusion, which in turn improves the creep resistance and high-temperature strength [9]. Both
Mo and Nb also tend to segregate strongly during solidification within the cast material [11].

Boron
Boron is mostly used for grain refinement in cast alloys. It aids in the formation of heteroge-
neous nucleation sites in the form of borides [8, 11]. Whether B affects the behaviour of the
TNM when it is produced via EBM is not yet known. Other works on Ti-6Al-4V showed little
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influence on the grain size as found by Mahbooba et al. [16].

Other elements
Interstitial elements, such as C and N, have a high solubility in α/α2. Therefore they stabilize
that phase. In particular O has a very high solubility in α of up to 22000 at. ppm [11,17].

2.1.4 The TNM Phase Diagram

The acronymTNMstands for the alloying elements TiAl - Nb -Moanddescribes the β-solidifying
γ-TiAl based alloy with the nominal chemical composition of 43.5 at.% Al, 4 at.% Nb, 1 at.%Mo
and 0.1 at.% B. This composition is indicated in the quasi-binary phase diagram marked with
the red line in figure 2.3 [9].
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Figure 2.3: Quasi-binary section through the TNM alloying system. The phase diagram is taken
from [9]. The vertical line indicates the nominal composition of TNM.

When comparing the phase diagram of TNM with the binary TiAl system the increased area of
the α+β two-phase field region is apparent. By alloying with the β-stabilizing elements, the size
of the β phase field is increased, which is important to improve the hot workability of the alloy.
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Since the ordered βo-phase is brittle and has a detrimental influence on the creep properties
of the material, the βo fraction is kept as low as possible at RT and application temperature by
subsequent heat treatments [8].

2.1.5 Phase Transitions and Microstructure

When the material solidifies entirely via the β-phase, shown by the red line in figure 2.3, the
phase transformations occur as follows:

L → L + β → β → α + β → α + β + γ → α + β + βo + γ

→ α + βo + γ → α + α2 + βo + γ → α2 + βo + γ (2.1)

The first solid phase transformation after complete solidification is the precipitation of α from
β. This happens according to the Burgers orientation relationship [9, 11]:

{110}β‖(0001)α and < 111 >β ‖ < 1120 >α (2.2)

This results in twelve different ways for α to precipitate from β when considering the six differ-
ent {110}-planes with two <111>-directions in each of those planes. The precipitation of γ from
α2 is described by the Blackburn orientation relationship [11]:

(0001)α2‖{111}γ and < 1120 >α2 ‖ < 110]γ (2.3)

This means that the (0001)-plane of α determines the orientation of the resulting γ- and α2-
lamellae. Therefore, all the γ-lamellae within a single α2-domain are oriented parallel to each
other [11].

By choosing appropriate heat treatments various microstructures can be achieved in TNM. An-
nealing in the α+β/βo+γ phase field followed by a stabilization annealing in the α2+βo+γ phase
field leads to a nearly lamellar (NL) microstructure. It is characterized by lamellar α2+γ-colonies
with globular βo- and γ-grains at the grain boundaries. For higher Al-contents where an an-
nealing step in the α single phase field is possible a fully lamellar (FL) microstructure can be
achieved, where no globular grain boundary phases occur. This microstructure can however
not be achieved for the material considered in this work due to its low Al-content. For many
high temperature applications one of these microstructures is preferred, as they provide the
best creep resistance. However at RT they exhibit poor ductility [8].
When annealing at lower temperatures in the α+β/βo+γ phase field a duplex or near γ mi-
crostructure is formed. A duplex microstructure shows fewer lamellar areas, while in a near
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γ structure no more lamellae are visible at all, which exhibits worse creep behaviour than their
lamellar counterparts, however the ductility at RT is improved [8, 11, 18].

2.2 Electron Beam Melting
EBM is an additive powder bed fusion process used to manufacture geometrically complex
metallic parts. A pre-alloyed atomized precursor powder serves as the base material and an
electron beam as the energy source. The system works similar to many electron beam weld-
ing machines; a schematic sketch of an EBM apparatus is provided in figure 2.4. An electron
gun operating at a current (I) between a range of a mA to A with an acceleration voltage (U) of
around 60 kV is used as energy source [1, 19].

EBM

a

b

c

j

i

d

e f

g
h

k

Figure 2.4: Schematic setup of an EBM machine [20]. Description: a electron gun, b lensing
system, c deflector lense, d electron beam, e part under construction, f superfluous powder,
g base plate, h support structures, i raking system, j powder containers, k vacuum chamber.
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The steps of the process can be described as follows:
1. A three-dimensional computer-aided design (CAD) model of the component to be manufac-
tured is created. This model is subsequently decomposed into two-dimensional sections;
1. The bed is lowered by a defined increment (usually several 10-100 μm);
2. New material is introduced from the powder reservoir on top of the old layer using the rak-
ing system (see figure 2.4);
3. One or more heating passes are executed to preheat the material;
4. A final melting pass is used to selectively melt the material based on the data of the re-
spective two-dimensional section. Mostly this is done by melting the contours first and then
completing the remaining layer by filling out the rest of the area.
5. Repeat from step 1 [1].

The process begins on a base plate which is usually made of steel. Generally the building mate-
rial has properties that are different from those of the base plate. Especially differences in the
thermal expansion influence the process. The stresses resulting from this difference prevent a
construction of the parts directly on the base plate. Another problem is the difference in the
chemical composition of the base plate and the building material. To alleviate these problems,
a porous support structure is built on the base plate. Upon this structure the part is then built.
This reduces the stresses that arise from the thermal expansion and minimizes diffusion from
the base plate into the part. In addition, the rapid solidification and simultaneous cooling in
the process can also lead to intrinsic stresses. Therefore, the entire building chamber is held at
elevated temperatures, which allows a stress relaxation within the material to take place. This
is usually done by preheating the powder material using the electron beam and heating the
base plate [1].
The describedprocesswas inventedbyARCAMAB, Sweden, and commercialized in 2001. While
it was originally only employed for the processing of steel powders, in recent years a wider
spectrum of materials has been used [1].

2.2.1 Process Parameters

Many different parameters can be adjusted to optimize the process for each build job individu-
ally. Not all of them can be mentioned here, however, the most straightforward regarding the
building process itself as well as the precursor powder are described:

Parameters regarding the building process aremostly related to the electron beam itself. These
are used to optimize the energy input into the material, where an acceptable balance between
good dimensional accuracy and low defect population density occurs. This input is adapted
to suit the used alloy composition, the layer thickness and the sample geometry. The inten-
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sity of the electron beam is influenced by the beam current I and acceleration voltage U. The
electron gun, which usually is a heated tungsten filament, is used to adjust I, which is usually
set between a value of mA to A, depending on the individual process. By changing U of the
system the final energy of the impacting electrons is set, commonly a value of around 60 kV
is chosen. The spot size is defined by adjusting the electromagnetic lensing system. For the
heating passes, the electron beam is defocused by adjusting the same lensing system to give
as much uniform heat flow as possible on the surface. This causes the powder to sinter a bit,
which is favourable in terms of the conductivity of the material, reducing the energy required
during the melting step and helping to maintain the high temperatures in the build chamber,
which are required to keep the residual stresses in the finished parts at acceptable levels [1].
Improving the conductivity is important in order to reduce the probability of smoking phenom-
ena, which occur when an electrostatic charge causes powder particles to be ejected from the
powder layer [21,22]. During themelting step the beam is focused and scanned across the sur-
face. The scanning speed (v) refers to the velocity of the spot across the surface and strongly
influences the energy input. The scanning speed and electron beam power are key factors in
terms of the part quality [22].
The hatching strategy is the way the electron beam is scanned across the surface of the powder
and includes a set of subparameters. One of them is the way the scan pass is directed across
the powder. A common way to do this is to first melt along a contour around the area to be
molten and then fill out the rest. This filling-out is often done by moving the spot forward and
backward along a line across the surface while incrementally changing the position of the line,
which is commonly referred to as a “snake-strategy”. It is also possible to scan forward only
and then to reset the position of the spot or to apply a spot melting technique where the beam
is focused on different points in the area without following a continuous line. The spacing by
which the position of the line is shifted with each pass is also part of the hatching strategy.
Usually the direction of the melting pass is the same within a layer but changes between the
different layers by a defined angle. This is done in order to reduce residual stresses within the
finished part [1, 23].
The parameters regarding the powder are its size and size distribution as well as the shape of
the particles which all have an influence on the flow properties. Good powder flow character-
istics facilitate the introduction of a new powder layer into the build chamber, while bad flow
properties do not only impede this process, but can also lead to increased shearing forces be-
tween the new powder and the already built part [24]. Flow instabilities in amelt pool can lead
to a break up of thin melt pools into spherical droplets, called balling. This effect is commonly
described in terms of Rayleigh instabilities [25,26]. The height by which the build plate is low-
ered by each step, which is equal to the thickness of the powder layers introduced, is important
to consider. Larger steps can increase the build speed. However, the increased amount of pow-
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der necessitates an increased energy input which means either higher acceleration voltages or
beam currents or a lower scanning speed [1, 27].

2.2.2 Solidification of TNM after Electron Beam Melting

As described in section 2.1.4 TNM solidifies via the β-phase. Upon adding a new powder layer,
the electron beam melts the material. The energy input also heats up material beneath that
top layer. This increase in temperature results in a local shift to the β+L phase field. The cubic
structure of βmeans that the crystallizationoccurs preferentially in the<100>-directions along
the highest thermal gradient. When cooling the solidification occurs mainly on already existing
β-crystals, i.e. at the bottom of the melt pool. The energy introduced into the material has two
ways to be transferred away from the melt pool. Either through heat flow towards the solid
material or through the free surface. The heat flow through thematerial results in the material
solidifying along grains where the <100>-direction is oriented in the building direction. This
causes a β-texture in the final parts.
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Figure 2.5: Solidification and cooling of the TNM alloy within the EBM machine. The different
phases are shown as they occur at different positions within the built material during the EBM
process. At the top the electron beammelts thematerial and lifts it above the liquidus temper-
ature (Tliq), below the two-phases liquid and β are stable. After complete solidification below
the solidus temperature (Tsol) the phase changes occur corresponding to the process described
in section 2.1.5. Exemplary SEM-images for the βo+α2 and βo+α2+γ-phase areas are given. The
βo+α2-state was obtained by annealing at 1270 ◦C for 1 h and subsequent air cooling (AC), the
βo+α2+γ-state is visible in the as-EBM material. For the sake of clarity the different phase ar-
eas are displayed equal in size, this is not an accurate approximation, the same goes for the
different transition temperatures.
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Further cooling leads to the precipitation of α/α2 and γ according to the process described
in section 2.1.5. This is shown schematically in figure 2.5. Such grain orientations have also
been observed in other β solidifying Ti-alloys, for example in Ti-6-4 by Mahbooba et al. [16]
and Antonysamy et al. [28]. Until the build job is finished the build chamber is held at about
1100 ◦C. No major phase changes are expected in this temperature range when considering
the phase diagram (figure 2.3).

2.2.3 Aluminium Loss

The high energy of the electrons impacting the material, as well as the high temperatures of
themelt pool can lead to partial vaporization of the lighter elements due to their higher vapour
pressure. While the heavier elements Mo and Nb are largely unaffected by this, the problem is
relevant when considering the loss of Al as an important α-stabilizing element. Schwerdtfeger
and Körner [29] have found a correlation between the Al-loss and the energy input of the elec-
tron beam for another γ-based TiAl-alloy (Ti - 48 Al - 2 Cr - 2 Nb in at.%, commonly known as
the “GE-alloy”). The measure of energy input used was its line energy (LE), a function of the
current I, the acceleration voltage U and ν. By lowering it they achieved a decrease in Al-loss:

LE =
IU
ν

(2.4)

This Al loss leads to chemical inhomogeneities within the layers with higher losses at the top of
the layer, where the Al-vaporization occurs easily and lower losses at its bottom. A qualitative
representation of this can be seen in figure 2.6. In order to minimize the chemical inhomo-
geneities the line energy can be reduced. However, too little energy input lowers the adhesion
between the layers [29, 30].
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Figure 2.6: The impact of the electron beam results in a higher Al-loss at the top of the melt-
pool. At the bottom of the melt-pool this loss is significantly lower, which results in a changing
Al-concentration along the building direction.
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Anotherway of reducing these changesmight be an annealing stepwhich enhances a balancing
diffusion process. A decrease in the Al concentration also means that the β-phase is stable
over a larger temperature range which impedes the adjustment of an optimal microstructure
since its low-temperature equivalent βo is generally considered detrimental to the material
properties, the causes of which are described in section 2.1.5.
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3 Experimental

3.1 Samples

3.1.1 Powder

The powder was produced by vacuum induction melting and inert gas atomization (VIGA) by
LPW Technology Ltd. (United Kingdom). In this method the material is refined using a vacuum
induction melting (VIM) furnace. The material is then poured through a tundish system into a
gas nozzle where an inert gas (in this case Argon) is used to disintegrate the melt. During the
flight the material solidifies which results in a highly spherical powder [31]. After the atomiza-
tion the powder was sieved. The powder fraction between between 45 µm and 150 µm from
both batches was used in the EBM process.
A powder fraction analysis was executed at the Chair for Process Technology and Industrial En-
vironmental Protection, Montanuniversität Leoben using laser diffraction on a HELOS RODOS
by Sympatec GmbH (Germany).

3.1.2 Electron Beam Melting

Cylindrical parts were fabricated from this powder. These had a diameter of 12 mm and a
length of 90 mm. Their orientation on the build plate was varied from 0◦ (lying down), to 45◦

and 90◦ (standing upright). A schematic representation of the sample orientations is given in
figure 3.1. The parts were manufactured by NeueMaterialien Fürth GmbH (Germany) using an
Arcam A2X. The following building parameters were used:

• constant LE

• snake hatching strategy with a line distance of 0.1 mm

• the time it takes for the spot to reach the same X-position (return time) during a melt
pass for an area is held constant

• 60 kV acceleration voltage

• variable v and I to achieve a constant LE and return time

• temperature of 1050 ◦C in the build chamber

• lowering of the platform with each step of 100 µm
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Figure 3.1: Left: Sample orientation as seen from above. Right: Sample orientation as seen in
an central projection. The designations as used in this thesis are indicated.

3.2 Heat Treatments
In order to gain insights into the change in chemical composition as a result of the EBM-process
various samples were annealed. To that end parts were cut from the original cylinders at a
length of about 1 cm and annealed for 1 h at various temperatures. The annealing tempera-
tures were chosen over a range from 1200 to 1290 ◦C in steps of 10 ◦C with one sample for
each temperature. Cooling occurred in air until the samples reached RT. Due to the relatively
fast cooling the resulting microstructure was close to that at the respective annealing temper-
ature. These annealing steps provided an insight into Tγ-solv. Lower Al-concentrations cause a
decrease of this temperature (see the phase diagram in figure 2.3), thus allowing an estimate
of the changes in chemical composition. Tγ-solv is also of practical importance when adjusting
the final microstructure of the material [8]. These heat treatments were conducted by MTU
Aero Engines (Germany).

3.3 Differential Scanning Calorimetry
In order to perform a thermal analysis a differential scanning calorimeter (DSC) of the type
SetaramLabsys evo by Setaram (France) was used. The aim was a measurement of the phase
transition temperatures, which can also provide insight into the chemical composition of the
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material. This effect is especially pronounced with respect to the Al-loss, as small changes in
concentrations can cause strong shifts in Tγ-solv and Tβ. Their values are also important when
choosing adequate heat treatments.
The investigated samples were taken from one of the 45◦ build orientation EBM parts, powder
in the as-atomized state as well as powder that was recovered from the build chamber after
the EBM-process. A sample of roughly 100mgwas placed in an Al2O3-crucible and then heated
under an Ar atmosphere. The heat flow was measured as a function of temperature, and any
deviations from the sample crucible to a second reference crucible were recorded. These rela-
tive differences in heat flow were then used to evaluate phase transition temperatures, which
show in the form of peaks. During heating a thermodynamic equilibrium is never achieved and
the temperatures of the phase transitions are shifted towards higher values. Therefore, the
curves were measured for heating rates of 10, 20 and 40 K/min. Then a linear extrapolation
of the heating rate was calculated to estimate the phase transition temperatures at 0 K/min,
which is equivalent to the thermodynamic equilibrium. For a further description of DSC and
the methods used here the reader is referred to Böck [32] and Menczel et al. [33]. Sample
curves for the heat flow curve as well as the linear extrapolations are given in figure 3.2. All
evaluations of the data were executed using OriginLab 2017.

3.4 X-Ray Diffraction
In order to determine the phase fractions of the α2-, βo- and γ-phases X-ray diffraction (XRD)
patterns of different samples were measured using a Bruker D8 Advance. The peaks in these
patterns can be attributed to the respective phases in the material. The samples investigated
were the as-atomized powder, powder recovered from the build chamber as well as as-EBM
material from each build orientation. Patterns from the heat treated samples described in sec-
tion 3.2 were also collected.
The X-ray radiationwas Cu-Kα which corresponds to awavelength λ of 1.54 Å, the spectrumwas
measured between the angles 2θ of 11◦ and 82◦ in increments of 0.02◦. In the case of polycrys-
talline material, i.e. EBM samples the samples were rotated during the measurement in order
to gain a better statistical estimate. For the powder this was not necessary. A sample pattern
with the peaks corresponding to the relevant phases is given in figure 3.3. Rietveld refinements
were executed to evaluate the gained data with respect to the relative phase fractions. The
software used to do this was Topas (Version 4). A Rietveld refinement uses the known crystal-
lographic data of the individual phases to fit an entire pattern. For a more detailed description
of the Rietveld refinement the reader is referred to [34].
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Figure 3.2: Top: DSC curve as measured for an as-EBM (45◦ build orientation) sample at a heat-
ing rate of 10 K/min with the different transition temperatures indicated. Bottom: Extrapola-
tion of the measured transition temperatures towards 0 K/min.
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Figure 3.3: Diffraction pattern of the TNM powder after being recovered from the build cham-
ber. Peaks corresponding to all the prevalent phases in TNM are visible.

3.5 Microscopy
The microstructure was evaluated using different microscopical methods. Unless otherwise
specified the samples were prepared by grinding, using sandpaper up to a grit of 4000, then
polished using 3 µm and 1 µm diamond suspension for about 2 min each. Finally they were
polished using an oxide particle suspension (OPS) for about 10 seconds.

3.5.1 Light Optical Microscopy

The light optical microscope (LOM) used was a Zeiss Axio Imager M1m with the software Axio
Vision V4.8.2.0. After the sample preparation as described in section 3.5 an additional etching
step was executed in order to reveal the microstructure for LOM investigations. This was done
using the method described by Ence and Margolin [35] on a Struers Lectropol-5. The etching
parameters were 5 s, a voltage of 45 V and a flow rate of 8.
Stereomicroscopical images were taken using a Zeiss Stereo Discovery.V20. The software for
this microscope is the same as for the optical microscope. Bothmicroscopes used the software
AxioVision V 4.8.2.0.
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3.5.2 Scanning Electron Microscopy

The scanning electron microscope (SEM) used for the back-scatter images and the energy dis-
persive X-Ray spectroscopy was a Zeiss Evo 50 with a LaB2 field emission cathode. All SEM
images provided in this work were obtained using the back-scattered electron (BSE) contrast
unless otherwise specified.
For electron back-scatter diffraction (EBSD) an SEM of the type Versa 3D HiVAC with a LaB2

field emission cathode was used. The software employed to evaluate the EBSD images was
TSL OIM Analysis 7. For this evaluation several clean-up steps were required. These included
the omission of individual pixels whose orientation and/or phase differed from the surrounding
material. An orientation clean-up was executed, which merged grains when their difference in
orientation was below 5◦. Using the same software pole figures were calculated. These show
the grain orientation as well as the orientation relationships described in section 2.1.5.
For EBSD the samples should be under little or nomechanical stress, because even small forces
can distort the unit cells of thematerial and thereby reduce the quality of themeasurement. To
achieve this the samples were ground using sandpaper up to grit 4000, followed by a polishing
step using 3 µm diamond suspension for 20 seconds and OPS for 10 seconds. Afterwards the
samples were vibropolished for 1 h using a mixture of 50 % alcohol and 50 % OPS. The phases
measured were α, β and γ.

3.6 Phase Analysis
The phase analysis of the micrographs obtained via LOM and SEMwas executed using the soft-
ware StreamMotion 1.9.3 by Olympus (Japan). In order to improve the visibility of the phases
the images were adapted to improve their contrast, sharpening and blurring filters were also
applied. While the EBSD measurements could also have been used for a quantitative phase
analysis they were discarded in this context, as the clean-up-operations executed changed the
results strongly. The measured areas in EBSD were relatively small which would mean the data
may not be statistically valid, further decreasing their value for phase analysis.
In the LOM as well as SEM images the βo-phase shows the lightest and the γ-phase the dark-
est contrast. In the LOM micrographs discerning the βo- and α2-phase was difficult. Therefore
these phases were often not distinguished and the combined phase fraction of βo + α2 eval-
uated. An example of the phase analysis using an SEM-image, showing the different steps, is
provided in figure 3.4.
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10 µm

a b c

Figure 3.4: Phase analysis of a 90◦ build orientation as-EBM sample. This sample showed a
triplex (α2+βo+γ)microstructure. a: Original SEM-image. b: Image after improving contrast and
applying sharpening and blurring filters. c: The phase fractions are color coded and according
to the evaluations they are: green-α2 (35 vol.%), yellow-βo (19 vol.%), red-γ (46 vol.%).

3.7 Chemical Analysis
The chemical analysis of powder and as-EBM samples was executed at the Gesellschaft für
Elektrometallurgie (Germany). It was conducted to evaluate the overall Al-loss as well as other
possible changes in the chemical composition. Several methods were used, dependent on the
different elementsmeasured: Themain elements were detected using X-ray fluorescence anal-
ysis (XFA), impurities using atomic emission spectroscopy (AES) and gases as well as C using
LECO-combustion (named after the company LECO, USA).

3.8 Mechanical Tests
Prior tomechanical testing the samples were hot isostatically pressed (HIPed) under a pressure
of 100MPa at 1200 ◦C for 4 h and slowly furnace cooled (FC), to achieve a NL+γ-microstructure.
In order to get a NL+β-microstructure two additional heat treatment steps were executed: First
a step at 1290 ◦C for 30min with air cooling (AC) and then at 850 ◦C for 6 hwith FC. Tensile tests
were conducted on both types of adjusted microstructure, creep tests only on NL+β-samples.

During the annealing process for the 0◦ NL+β-microstructure an error occurred. These samples
were left in the furnace for an extended period of time (several h, the exact time is unknown) at
1290 ◦C and then cooled down slowly. In order to achieve the closest microstructure possible
relative to the intended one annealing steps were repeated from the beginning. However, it is
likely that the microstructure has been significantly changed. Since no direct comparison was
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possible due to a lack of equivalent samples no further investigations into these differences
were performed.

3.8.1 Tensile Tests

The tensile tests were executed at MTU Aero Engines, Munich, Germany according to the in-
ternal norm MTL 166-3. Prior to measuring the samples were annealed to achieve both NL+γ-
andNL+β-microstructures. The stress strain curvesweremeasured at different temperatures, a
complete test matrix of all the measured samples is given in table 3.1. The tests were executed
at RT, at 300 ◦C and at 750 ◦C under a constant strain rate of 5 · 10-5s-1. Temperature control
occurred using 3 thermal couples of type B at different positons along the sample. Due to a
shortage of testing material not every build orientation could be tested at each temperature.
The sample geometry had an original gauge length of 25 mm, a diameter of 5 mm and a

Table 3.1: Tensile tests were executed for samples of all orientations at RT, 300 ◦C and 750 ◦C.
The microstructures were NL+β and NL+γ

sample orientation microstructure test temperature [◦C] Nr of samples
0◦ NL+β 300 1
45◦ NL+β RT 1
45◦ NL+β 300 2
90◦ NL+β RT 1
90◦ NL+β 300 2
90◦ NL+β 750 1
0◦ NL+γ 300 2
45◦ NL+γ 300 2
90◦ NL+γ 300 2

.

threaded head of type M10. The testing station was an Inspekt 100 made by Hegewald &
PeschkeMess- undPrüftechnikGmbH (Germany) equippedwith a furnacemadebyKönnGmbH
(Germany). The change in length was measured using an high temperature extensiometer of
type PMA-12/2/V7 by Maytec Mess- und Regeltechnik GmbH (Germany).

3.8.2 Creep Tests

The creep tests were executed at MTU Aero Engines (Germany). A testing station of type
Roell/Amsler equipped with a furnace made by Heraeus Holding GmbH (Germany) was em-
ployed to test samples of the same geometry as for the tensile tests (see section 3.8.1). The
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strains were measured with an extensiometer made by Dr. Johannes Heidenhain GmbH (Ger-
many). For temperature control 3 type B thermal couples and a modulator made by JUMO
Mess- und Regelgeräte GmbH (Austria) were used. The test duration was roughly 1000 h at a
temperature of 750 ◦C and a stress of 150 MPa. This was done in order to measure the min-
imal creep rate for each of the samples. Prior to testing the samples were annealed in order
to achieve a NL+β-microstructure. One sample of each build orientation was used to gain the
strain-time curves.
The obtained strain (ε) vs. time (t) curves were fitted in OriginLab 2017 using a function based
on the works of Garofalo [36] of the form:

ε=a · (1-exp(-b · t1/2)) + c · t + d · exp(e · tf-1) (3.1)

where the terma·(1-exp(-b·t1/2)) is used to fit the primary creep, the linear term c·t to describe
steady state creep and d · exp(e · tf-1) to fit tertiary creep with the parameters a to f being
used to optimize the fit. The equation was implemented with the user defined fit function, the
convergence limit was set at a relative change of the fit of 10-15 or until the software could no
longer improve the fit. For a better approximation of the onset of creep the parameters for the
onset and stationary creep were calculated first, while leaving the others fixed. After this step
all the parameters were fitted.
In order to find the strain-strainrate curves and the minimum of the creep strain rate ε̇ the
derivative of ε with respect to time was numerically calculated. An example of the strain vs
time and strain vs strain rate curves is provided in figure 3.5. For LOM analysis the samples
were cut along the testing length and then prepared as described in section 3.5. Since the
original sample orientation in the build chamber was no longer discernible the cut was made
arbitrarily, only for the 90◦ build orientation the viewing direction can be considered equivalent
to those obtained previously from the as-EBM specimens.

3.9 Deformation Dilatometry
In order to evaluate the deformation behaviour of the EBM material samples were deformed
at around 1200 ◦C using a deformation dilatometer of the type DIL 805 A/D made by Bähr
(now owned by TA Instruments, USA). The aim was to measure true stress (kf) - true strain (ϕ)
curves on as-EBM material as conducted by Werner et al. [12]. Therein cylindrical samples of
length 8 mm and diameter 4 mm were tested. A thermal couple attached to the specimen
was used in a feedback loop to control the temperature. The sample was positioned between
two punches at the centre of an inductive coil. First the test chamber was evacuated until the
pressure reached 3 · 10-6 b. Then the coil was used to heat the sample at a rate of 1200 K/min.
After being held for fivemin at the desired temperature the sample was deformed between the
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Figure 3.5: Top: Original measured data of the sample at 45◦ build orientation and the fit as
calculated in OriginLab2016 according to equation 3.1. Bottom: Strain rate vs strain curve.
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punches. The deformationwas conducted using logarithmic strain rates ϕ̇ of 0.5 s-1 and 0.05 s-1

(only 0.5 s-1 in the case of the 45◦ orientation) up to a true strain ϕ of 0.4. After deformation
the sample was quenched using N2-gas. The system was controlled using the internal software
package WinTA. The thermal couple used was of type B. This couple contained Pt, an element
which forms a eutectic with Al [37]. In order to avoid the resulting low-melting phase a thin Ta
sheet was attached to the samples using a spot welding machine of type Spot Welding Fixture
9061 (also made by Bähr) under a stream of N2-gas. The thermal couple was attached using
the same spot welding machine.
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4 Results and Discussion

4.1 Chemical Composition
The EBM-process resulted in a loss of lighter elements, in this case in particular Al. These
changes in chemical composition are of prime interest as they influence the properties of the
material. In table 4.1 the changes in composition of as-atomized powder, powder recovered
from the build chamber and as-EBM material are compared. As can be seen the powder com-
position is close to the nominal composition of TNM in both cases, although the O-content
was increased in the recovered material. The Al-content in the as-EBM material is lowered by
over 1 at.%. This loss is comparable to that measured by Schwerdtfeger and Körner [29], they
managed to decrease this effect by adapting the beam strategy. When considering the phase
diagram in section 2.1.4 it is apparent that the decreased Al-content, in the as-EBM material
as well as any samples subsequently fabricated, has an increased β-fraction when compared
to nominal TNM. The fact that the powder showed almost no change in composition indicates
that the preheating passes did not have sufficient energy to cause Al-loss. During the melting
step on the other hand the LE is high enough to cause significant Al-evaporation.

Table 4.1: Chemical composition of powder and as-EBM material compared to the nominal
TNM composition. The measurements were conducted at the Gesellschaft für Elektrometal-
lurgie, Germany. The rest to 100 at.% is made up by other elements.

elements [at.%]
material Ti Al Nb Mo B C H N O

Powder as-atomized 51.12 43.40 4.05 1.01 0.10 0.01 0.04 0.07 0.14
Powder recovered 51.04 43.43 4.03 1.01 0.10 0.01 0.04 0.09 0.28

as-EBM 45◦ 52.25 42.02 4.12 1.03 0.10 0.01 0.04 0.10 0.20
as-EBM 90◦ 52.20 42.05 4.11 1.01 0.10 0.01 0.04 0.10 0.22

nominal composition 51.4 (rest) 43.5 4 1 0.1 - - - -

The transition temperatures evaluated by thermal analysis showed a trend that agreed with
these findings. As shown in table 4.2 both Tγ-solv and Tβ are significantly lowered in the as-EBM
sample relative to the powder. This is an effect of the decreased Al-content, as evident when
considering the phase diagram in section 2.1.4.
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Table 4.2: Transition temperatures as found by evaluating DSC-curves of powder in the as-
atomized and recovered state as well as an as-EBM sample. For 10K/min the Tβ in the powder
could not be reliably estimated from the curves, thus the errors are unknown and larger than
those of the as-EBM sample.

temperatures [◦C]
sample Teutectoid Tγ-solv Tβ
EBM 90◦ 1190±4.6 1227.5±2.3 1391.5±3.6

powder new 1187±1.3 1255±3.9 1382
powder old 1198.5±0.3 1260±0.7 1363

4.2 Powder Analysis
As described in the previous section the as-atomized powder as well as the powder recovered
from the build chamber had a composition close to the nominal TNM-alloy. While the chemical
composition changed little as a result of the EBM-process, XRD-analysis revealed that the phase
fractions did. The as-atomized powder exhibited only α2 and βo-peaks. This is due to the fast
cooling conditions of up to 105 K/s during the powder production that result in amicrostructure
far from the thermodynamic equilibrium [31, 38]. The high temperature in the build chamber
caused a shift towards the equilibrium phase constitution, leading to the precipitation of γ. The
phase fractions as calculated by Rietveld analysis can be seen in table 4.3.

Table 4.3: Quantitative phase fractions of the powder as calculated using Rietveld-refinement.

phase fraction [vol%]
sample α2 βo γ

powder as-atomized 77 21 2
powder recovered 23 7 70

The powder size distributions before and after the EBM process differed strongly. The aver-
age particle size shifted towards larger values. As can be seen in figure 4.1 the particle size
in the as-atomized powder was strongly bimodally distributed, the recovered material is only
very weakly so. This effect is caused by electrostatic forces between particles and containers.
Smaller particles are affected more strongly by these forces and therefore tend to remain in
their containments [39]. A smaller influence can also be attributed towards the presintering of
particles as a result of the heating passes during the EBM process [23].
For a further investigation of the microstructure and morphology of the powder SEM micro-
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Figure 4.1: The cumulative and relative volume fractions of particles are depicted over the par-
ticle size. In both cases the powder shows a bimodal distribution, although this is less pro-
nounced in the recovered powder.

graphs of the powder surface and cross section of particles were made, these are provided in
figure 4.2. In the cross section of the as-atomized powder no clear distinction between phases
was possible. A change in contrast indicatedmicrosegregations and the surface revealed a den-
dritic morphology, comparable structures have been found by Kastenhuber et al. [38] in similar
powder. The as-atomized material also had some abnormally shaped particles and satellites.
In the powder recovered from the build chamber the phases could be clearly distinguished.
This was due to the shift towards thermodynamic equilibrium, and subsequent precipitation
of γ also observed using XRD and DSC analysis, while exposed to the conditions in the build
chamber. While the particles visible in the micrograph cannot be considered a representative
sample for the entire powder the larger average particle diameter in the recovered material
was apparent, which conformed with the measurements of particle size distribution. Some
sintering also occurred in these particles. The dendritic morphology was less pronounced, as
the high temperatures allow for a decrease in surface area to minimize the energy.



4 Results and Discussion 28

20 µm 100 µm 10 µm

a1 a2 a3

b1 b2 b3

Figure 4.2: The micrographs of the grain surfaces were made using the secondary electrons
(SE) contrast. a1: The new powder does not allow for a clear distinction between the indi-
vidual phases, the contrast indicates microsegregations. b1: The used powder shows stronger
contrasts the phases and allows a distinction between βo(light) and α2+γ-colonies (dark). a2: A
relatively wide distribution of particle size is visible for the powder, somematerial shows satel-
lites or abnormal forms. b2: The particles in the recovered powder are larger. The red arrow
indicates a sinter neck. a3: The as-atomized powder exhibits a dendritic surface morphology
as also observed by Kastenhuber et al. [38]. b3: In the used powder the dendritic morphology
is still visible to some degree, although much less pronounced.
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4.3 Microstructure

4.3.1 General

The samples in the as-EBM state exhibited a triplex α2+βo+γ microstructure as can be seen in
figure 4.3. Differences in coarseness and porosity were visible dependent on the build orienta-
tion. The 0◦ build orientation displayed the finest and 45◦ the coarsest structure. This applied
to the lamellar spacing within the α+γ-colonies as well as the size of the globular γ and βo.
These differences indicate that different cooling rates were present dependent on the build
orientation, with the finest microstructure corresponding to the fastest cooling rate. While the
SEM images provided a better discernibility of the βo-phase, in the LOMmicrographs the grain
boundaries of the original βo-grains as they grow during the solidification process were still vis-
ible. Sample images are provided in figure 4.3, in figure 4.3 a the remaining βo-phase and an
original grain are indicated.

a

50 µm

cb

10 µm

Figure 4.3: Top: SEM images of the three different building orientations. The phases appear
as follows: α2 medium grey, βo light and γ dark grey. Bottom: LOM images of the different
building orientations. The arrow indicates the building direction and only applies to the LOM
micrographs. α2 and βo cannot be distinguished in the LOM images and appear brightly, γ ap-
pears dark. a: The 0◦ sample shows the finest microstructure and displays remaining βo areas
within the lamellar colonies which are indicated using the arrows. An original β-grain as solid-
ified as it resulted from the solidification is indicated with the red outline. b: The 45◦ oriented
sample displays the coarsest microstructure. c: The 90◦ oriented sample displays an interme-
diate microstructure.
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4.3.2 Porosity, Bonding Errors and Layered Structure

As can be seen in figure 4.4 the samples in the as-EBM state exhibited porosity in all build ori-
entations. Pores manifest in the shape of spherical holes in the material, they stem from gas
entrapped within the precursor powder [40, 41]. In addition the 0◦ build orientation also ex-
hibited process related bonding errors. Unlike the spherical pores they were cavities parallel
to the position of the layers introduced in the EBM process. Such flaws occur when material is
insufficiently molten, which impedes an optimal fusion of the layers [29, 41].

250µm

a b c

Figure 4.4: LOM images of samples as EBM after polishing and etching. Bonding errors are
indicated by the blue arrows, circular powder related pores by red arrows. The white arrow
indicates the building direction. a: The 0◦ orientation shows both bonding errors and poros-
ity. b, c: The 45◦ and 90◦ orientations display only pores. A layered structure is visible for all
samples indicating the Al-loss further elaborated on in section 4.3.3. In particular for the 45◦

orientation the shape of the original β-grains can still be recognized.

These errors resulted from an insufficient LE in combination with the choice of hatching strat-
egy. Figure 4.5 a shows a qualitative depiction of how the electron beam was scanned across
the 0◦ build orientation samples. Alternating between each layer the scanning strategy fol-
lowed type 1 and type 2. As can be seen the time between reaching the reference position
is much longer for type 1 than 2 assuming a constant scanning speed. By changing the EBM
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parameters it was attempted to keep this time as well as the LE constant. However, due to
technical limitations this was not possible and the scanning speed had to be reduced in order
to keep LE at the same level. This means an increased return time, which in turn allows for
more heat to be either dissipated through the material or radiated into the build chamber. As
evidenced by the bonding errors this loss of heat in turn resulted in a flawed bonding between
the layer which is visible in the form of the stretched cavities. As more heat can leave the ma-
terial, a faster cooling of the subsequently molten layer is expected. This faster cooling then
conforms with the finer microstructure of the 0◦ build orientation sample observed in the pre-
vious section. However, it does not explain the difference in microstructure between the 45◦

and 90◦ orientation. A different hatching strategy that would likely not result in such a problem
is suggested in figure 4.5 c.

reference position

a

b

type 1

type 2

type 1

type 2

Figure 4.5: The red arrows indicate the direction of the scanning spot over the sample surface
indicated in grey. a: Alternating between the layers the spot is scanned across the surface in
the different directions of type 1 and type 2. b: An alternative scanning strategy is to move the
spot along lines oriented at an angle of 45◦ to the length axis of the sample. This shortens the
time until a reference position can be reached, preventing the sample from cooling too much.
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On larger scales a pile-up of material towards the sample centers was visible as indicated in
figure 4.6. How this occurred is unclear as, however the trends of increasing pile-up and of
coarseningmicrostructure go in the same direction. A coarsermicrostructure suggests a higher
energy input, while an increasing number of bonding error is a result of a lower energy input,
or, as in this case the result of too much heat leaving the sample during the melting step. This
suggests, that this pile-up is more pronounced with increasing energy input. Other works have
also reported on swelling phenomena of material during EBM as a result of overheated ma-
terial, although these phenomena were described in terms of their surface effects [42, 43].
Maybe a related effect caused this pile-up in the microstructure.

2 mm

c

b

a

Figure 4.6: LOM images of the as EBM samples show the pile up at the sample centers with the
red lines indicating a layer. The arrow indicates the building direction. a: The 0◦ orientation
shows little to no pile-up. b: The 45◦ sample exhibits the strongest pile-up. c: At 90◦ some,
however only little pile-up is visible.
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4.3.3 Al-loss

As described in section 4.1 a decrease in Al-concentration of about 1.4 at.% occurred in the
material as a result of the EBM process. LOM images of annealed samples revealed that this
loss did not occur uniformly across the material. Figure 4.7 shows different amount of γ-phase
in the samples dependent on both annealing temperature as well as position in the sample.
This is caused by a locally changing Tγ-solv, which changes with the Al-concentration. Such inho-
mogeneities mean that a standard route of EBM + HIP + heat treatment to achieve an optimal
microstructure is no longer feasible due to the local shifts of transition temperatures. A diffu-
sion annealing step might help to alleviate this problem.
The model used to describe this local Al-loss is described in section 2.2.3. This model leads
to the expectation that the Al-loss occurs with a periodicity of the introduced layer thickness,
in this case 100 µm. As figure 4.7 c shows the actual distance is about twice that. Additional
investigations would be required to learn why this occurs.

100 µm

a b

c d

Figure 4.7: LOM images of samples annealed at different temperatures for 1 h and cooled in air.
The arrow indicates the building direction. a: At 1200 ◦C the sample orientation of 0◦ has no
large γ-free areas. b: After annealing at 1210 ◦C already some γ-free areas appeared (also for 0◦

orientation). c: For the 45◦ orientation annealing at 1240 ◦C resulted in a periodic appearance
of γ. d: The 90◦ orientation showed (almost) no visible γ anymore after annealing at 1260 ◦C.
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4.3.4 Texture

The evaluation of LOM and SEM micrographs showed highly elongated grains (compare figure
2.2). This as well as the fact that the alloy solidifies via the bcc β-phase suggested the forma-
tion of a texture in the direction of heat flow during solidification. In order to evaluate this
texture EBSD investigations were conducted. As some β-phase remained at RT, it was be used
to directly investigate the texture of the solidified material. Images of the isolated β-phase and
the respective β-(100) pole figures are given in figure 4.8.

40 µm

a b c

Figure 4.8: Themaps and corresponding pole figures of the β-phase for as EBM samples for the
three orientations of a: 0◦, b: 45◦, c: 90◦. The arrow indicates the building direction. The pole
figures are oriented the same way, which means that A1 corresponds to the building direction.

The pole figures showed the β orientation in the building direction, while no preferred orien-
tation appears to be prevalent perpendicular to it. Similar texture effects have been found in
other β-solidifying Ti-alloys [16, 28]. This was strongly visible in the 0◦ and 45◦ orientations.
For these orientations the elongated grains that were observed in LOM could also be discerned
(compare figure 4.3). They had such a high aspect ration that no single grain was visible in it’s
entirety. The trend in coarseness observed in LOM and SEMwas also observable for these build
orientations. For the 90◦ orientation the position of themapwas unfortunately chosen leading
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to a lower quality of the micrograph and pole figure. This also means that the elongated grains
and trend in coarseness of microstructure could not be observed in this micrograph.
The pole figures of the α- and γ-phases were used to show that the Burgers (equation 2.2)
and Blackburn (equation 2.3) orientation relationships were valid in this material. Sample pole
figures can be seen in figure 4.9. It shows that the phases show similar peaks for the rele-
vant planes in the material. This shows that the material did solidify via the path described by
equation 2.1.

a b c

Figure 4.9: Pole figures describing the orientation relationships, exemplary given for the 0◦

measurement. a: β (110) pole figure, b: γ (0001) pole figure, c: α (111) pole figure.

4.3.5 Phase Analysis

While the EBSD measurements would also allow for a quantitative phase analysis they were
discarded, as the clean-up operations shifted the phase fractions. Instead SEMand LOM images
were evaluated as well as the XRD patterns gained from measuring the as-EBM material.
In the case of the annealed samples only the XRD-patterns were used for phase analysis as they
often exhibited an inhomogeneous microstructure as described in section 4.3.3. This meant,
that an analysis of the micrographs would have strongly depended on the position.
While the evaluation of SEM and LOM images resulted in roughly the same phase fractions,
the XRD-results differed significantly in the as-EBMmaterial. A likely explanation is the texture
already described in section 4.3.4. The Rietveld refinement makes this apparent. In material
without any texturization, the calculated patterns should ideally overlap the measured one.
The texture results in the presence of preferred latticeorientations, whichmeans that the peaks
of some planes are increased in intensity relative to others. This can be seen in figure 4.10.
Although methods are available in the evaluation software to correct for this effect, they did
not result in a significant improvement. Therefore all the results provided here were calculated
without attempting such a correction.
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Table 4.4: Quantitative phase analyses were either executed on SEM images or using Rietveld-
refinement. The temperatures are refer to the respective heat treatments, the samples were
kept at this temperature for 1 h and then an AC step followed.

phase fraction [vol%]
sample method α2 βo γ

as EBM 0◦ SEM 39 9 52
as EBM 0◦ Rietveld 21 10 69
as EBM 45◦ SEM 35 14 50
as EBM 45◦ Rietveld 23 14 63
as EBM 90◦ SEM 35 19 46
as EBM 90◦ Rietveld 24 16 60
powder new Rietveld 77 21 2
powder old Rietveld 23 7 70
1200 ◦C Rietveld 49 8 43
1210 ◦C Rietveld 53 6 40
1220 ◦C Rietveld 74 6 20
1230 ◦C Rietveld 76 3 21
1240 ◦C Rietveld 90 4 6
1250 ◦C Rietveld 89 8 3
1260 ◦C Rietveld 95 2 3
1270 ◦C Rietveld 92 5 3
1280 ◦C Rietveld 91 3 6
1290 ◦C Rietveld 88 3 9

underestimated peaks

overestimated peaks

Figure 4.10: The texture present in the EBM samples (in this case at 0◦ orientation) caused
some of the peaks over- and other to be underestimated in terms of their intensity.

4.4 Mechanical Tests

4.4.1 Tensile Tests

The tensile tests were executed for samples of NL+β- and NL+γ-microstructure. A strong dif-
ference between the different microstructures and a smaller difference between the differ-
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ent build orientations - in particular for the NL+γ-samples - was observed. While the NL+β-
microstructure was well adjusted, the NL+γ-samples appeared closer to a triplex microstruc-
ture as can be seen in figure 4.11. All NL+β-samples locally exhibited coarser microstructures
with a lower amount of βo-phase (lighter phase). This may be due to the fact that a higher
amount of βo tends to inhibit the coarsening of the material [8]. Likely grains in areas of higher
local Al-contens (and therefore lower βo-fractins) coarsened more strongly than others, lead-
ing to this structure. Overall the 0◦ build orientation sample exhibited a coarser microstructure
compared to the other two. This is a result of the flawed heat treatment described in section
3.8.

100 µm
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Figure 4.11: LOM images of the microstructure after the tensile tests at 300 ◦C. The locally
coarser grains in the NL+β-samples are visible, they coincide with a lower βo-phase fraction. In
the NL+γ-samples no individual grains are visible.

For all samples after testing either notches were visible in the sample surfaces and/or they
broke far from the center of the gauge length. An example of a notch in the surface and of the
fracture position along the gauge length can be seen in figure 4.12.

Most samples did not show a high plastic deformation, in some cases not even an Rp0.1-value
could be measured. The specific values for Rp0.1 and Rp0.2 (as far as available), Rm as well as the
total elongation at fracture are provided in table 4.5.
The stress-strain-curves for the NL+β-microstructure samples are provided in figure 4.13. Only
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Figure 4.12: Photos of a sample that broke far from the centre of the testing length. The red
circle indicates a nick in the surface.

small changes in the stress-strain curves could be observedwith regards to the different sample
orientations. The 90◦ build orientation had some plastic deformation for both samples, while
for the 45◦ orientation this occurred only once. The 0◦ sample exhibited a relatively low plas-
tic deformation. It therefore appears, that the 90◦ build orientation behaves the most ductile
for this microstructure. However, due to the low number of samples this cannot be said with
certainty. Similar tensile tests by Todai et al. [44] conducted on a peritectically solidifying γ-TiAl
alloy showed a similar trend.
A strong temperature dependence was observed. Although only one sample was tested at RT
it appears to have a higher yield strength (although the plastic deformation was so low that not
even Rp0.1 could be measured) than the samples tested at 300 ◦C. The plastic deformation of
the sample at 750 ◦C exhibited a much larger plastic deformation when compared to the other
NL+β-samples. Although no reduction of area was visible after testing and the sample still
failed brittle, it behaves more ductile. Brittle-to-ductile transition temperatures (BDTT) around
this testing temperature have been reported for γ-TiAl alloys have been reported [11]. For the
NL+γ-samples higher elongations to fracture were measured as can be seen in figure 4.14. This
is coherent with the fact that βo is very brittle and generally impedes the material properties at
RT. The different orientations showed a stronger change in behaviour when compared to the
β-samples, however the trend was the same. The 0◦ failed without plastic deformation, while
the 45◦ orientation showed considerable plastic strain in one out of two cases while both sam-
ples oriented at 90◦ showed a high elongation at fracture. The triplex microstructure of these
samples is expected to behave more ductile [18].
The differences in elongation at fracture of the NL+γ-samples also reflect in SEM micrographs
of the fracture mirror. While the 0◦ orientation showed a significant amount of intercrystalline
fracture the 90◦ orientation showedmostly transcrystalline fracture, often along the γ-lamellae
with the 45◦ orientation being at intermediate levels between the two as can be seen in figure
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Figure 4.13: Stress-strain curves for the NL+β-samples at 300 ◦C (unless otherwise specified).
a: 0◦ sample orientation - only one sample was measured. b: Two 45◦ samples were mea-
sured. c: Two 90◦ samples were measured. d: The stress-strain curves varied strongly between
samples measured at RT, 300 ◦C and 750 ◦C. Note the different scaling of graph d.
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Figure 4.14: Stress-strain curves for the NL+γ-samples at 300 ◦C. Note the different scaling of
the x-axis relative to the curves of the NL+β-samples. a: The 0◦ sample orientation showed
almost no plastic strain. b: One of two 45◦ samples showed high plastic strain. c: Both of the
90◦ samples showed high plastic strain.
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4.15. This behaviour corresponds to the grain orientation in thematerial. The highly elongated
grains in thematerial were oriented in such a way, that in the 90◦ build orientation it was easier
to break through the grain than along the boundaries, since a much larger fracture area would
be required. For the 0◦ build orientation this was not the case, therefore a higher amount of
intercrystalline fracture occurred. The 45◦ orientation and therefore the fracture behaviour
lies between the other two. In the NL+β-samples on the other hand only transcrystalline break
was observed. Often the fracture propagated along the γ-lamellae were found as can be seen
in figure 4.16.
In these SEMmicrographs often at the starting points structures that appeared ”bubbly” were
visible. Thiswas very strongly visible in the 90◦ build orientation samplewithNL+β-microstructure
(see figure 4.16). Energy dispersive X-ray spectroscopy (EDX) spots of the fracture starting
points were made. Ca was found at each of them, a sample pattern can be seen in figure 4.17,
how this contamination occurred is unclear. However, it does appear likely that it happened
during production of the powder in the atomization process.
An LOM investigation of the fractures was also conducted. To that end the samples were cut
along their length axis, embedded in resin and ground and polished until the position visible in
the microscope was as close as possible to the position where failure was initiated. As can be
seen in figure 4.18 show, in the NL+β-samples large grains could be found close to the fracture.
Some cracks going into the material were visible, these often occurred along the γ-lamellae.
This is similar to the behaviour observed in the SEM micrographs, where a propagation of the
fracture along these lamellae was observable (compare figure 4.16). Differently from the re-
sults found by SEM and EDX, in inclusions could be detected. This is likely due to the small size
of these inclusions. It therefore seems likely that a combination of inclusions and coarse grains
led to material failure in these cases. In NL+γ-samples no coarsening of the grains was visible.
This was due to the fact, that the triplex microstructure did not allow do discern between indi-
vidual grains in the material.
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20 µm 10 µm

a

b

c

Figure 4.15: Left: SEMmicrographs of the fracture mirror of NL+γ-samples with areas showing
largely intercrystalline fracture indicated with the red circles. Right: SEM images of the (likely)
fracture starting points. a: The 0◦ orientation exhibited large intercrystalline areas. b: For
the 45◦ less intercrystalline area was found. c: The 90◦ orientation appears to have broken
predominantly transcrystalline. The micrographs were made using SE contrast.



4 Results and Discussion 44

a

b

c

20 µm 10 µm

Figure 4.16: Left: SEM micrographs of the fracture mirror of NL+β-samples. The micrographs
were made using SE contrast. Right: SEM images of the (likely) fracture starting points.
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Figure 4.17: The EDX patterns of the fracture starting points showed Ca peaks, indicated by the
red circle.
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Figure 4.18: LOM images at positions close to the initiation point of fracture. The in the NL+β-
samples coarse grains were found close to that position, in the NL+γ-samples no grains were
visible.
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4.4.2 Creep Tests

The 1000 h creep tests were executed on samples with NL+β-microstructure and showed a
strong dependence of the build orientation of the samples on the creep strain rate. The 0◦

build orientation exhibited the best creep behaviour with the lowest creep strain rate and the
lowest creep strain after about 1000 h. The 45◦ sample showed worse behaviour and 90◦ the
worst. Whether or not this can be purely attributed to the build orientation is doubtful, as
the 0◦ sample was annealed wrongly as described in section 3.8. Due to a lack of samples,
no microstructural analysis of the creep samples before testing could be executed. However,
the NL+β-samples used for tensile testing at 300 ◦C provided in figure 4.11 should be similar in
that regard. For all measured samples the creep strain after around 1000 h, the minimal creep
strain rate and the creep strain at which it occurred are provided in table 4.6 and displayed in
figure 4.19. The applied stress and temperature lies in a range that where generally dislocation
climb is the dominating creep mechanism for γ-TiAl-alloys [11].

Table 4.6: Strains and strain rates of the three different sample orientations show that the 90◦

sample has the worst creep resistance of the three samples.

strain [%]
sample orientation after 1000 h at minimal strain rate minimal strain rate [10-9s-1]

0◦ 1.14 0.78 2.43
45◦ 1.63 0.79 3.7
90◦ 3.03 0.91 7.05

The creep strain rates are comparable to those found by Schwaighofer et al. [45], however
in this thesis they differed in terms of their build orientation, while they compared different
microstructures. After the creep tests a NL+β-microstructure was observable. The colonies
with some βo and γ remaining along the grain boundaries can be seen in figure 4.20. The
size of the α2/γ-colonies varies between some 10 µm for the 45◦ and 90◦ orientations and
coarser grains in the range of 10 up to well over 100 µm in size for the 0◦ build orientation. In
the 0◦ build orientation the colony size appears less homogeneous, with areas of much larger
colony size being visible between layers of lower size. This can likely be attributed to the wrong
heat treatment cycle of this sample as well. Its grains also appear more spherical in shape
when compared to the other build orientations. In other, peritectically solidifying, γ-TiAl-alloys
fabricated by EBM similar coarser layers have been observed [30,40,44,46].
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Figure 4.19: Top: Comparison of the different orientations in a time-strain graph. Bottom:
Strain-strainrate curves for the different orientations. The 90◦-sample shows the highest creep
strain rate, with 45◦ being lower and 0◦ the lowest.
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Figure 4.20: LOM images after the creep tests. a: 0◦ orientation, the top image shows the
difference in grain size aswell as the lower βo-fraction at the coarser regions. b: 45◦ orientation,
the α2+γ-colonies are less circular in shape when compared to 0◦. c: The 90◦ orientation shows
a similar microstructure to 45◦.

4.5 Deformation Behaviour
Therewere significant problemsmeasuring the flowcurves in the deformationdilatometer. The
ideal sample dimensions for the deformation dilatometer are cylinders of 10 mm in length and
5 mm in diameter, the samples tested were only 8 mm in length and 4 mm in diameter. There-
fore the samples tended to get dislodged. In order to avoid this thin Mo-sheets were attached
on both faces of the cylinders. Attaching the thermal couples to the centre of the samples of-
ten resulted in them getting torn off during the deformation, moving them off center improved
this but local temperature changes decreased the accuracy of the measurement. In order to
evaluate the temperature shifts along the sample length, two thermal couples were attached,
one at the center and one close to one of the faces, about 4mm apart. The temperatures mea-
sured differed up to 20 ◦C over this distance. The assumption was made that this temperature
difference was constant, therefore in order to achieve a temperature of 1200 ◦C the targeted
input into the feedback loop was set to 1220 ◦C. However, the temperatures measured were
only accurate to about 15-20 ◦C. During the deformation the measured temperature started
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to oscillate quite strongly. A sample curve can be seen in figure 4.21. It shows that as the de-
formation occurred the temperature signal changed. Similar oscillations also occurred in the
flow stress (kf). Therefore the measured data does not accurately depict the behaviour of the
material and is only considered in a qualitative manner. A quantitative consideration of kf,max

curves is not reasonable because of these measurement errors. The data was therefore only
considered in a qualitative manner. After the deformation tests SEM images of the samples
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Figure 4.21: Deformation test for a sample of 0◦ build orientation for a deformation rate of
0.5 s-1. Both the kf,max and the temperature signal exhibited strong oscillations.

cut along their length axis were made in order to investigate the resulting microstructure. Due
to the temperature oscillations the different microstructures were not comparable. SEM mi-
crographs of the centres of the deformed samples are provided in figure 4.22. The 0◦ build
orientation deformed at a strain rate of 0.05 s-1 showed a large amount of residual γ-phase,
among the other samples the 0◦ orientation at 0.5 s-1 and the 90◦ orientation at 0.5 s-1 less
residual γ-phase was found. In the samples with 90◦ orientation at a strain rate of 0.05 s-1 and
45◦ at a strain rate 0.5 s-1 no γ-phase was visible. The latter two also showed the strongest
recrystallization. As can be seen from these images, no trend as far as microstructure, strain
rate, and build orientation was discernible.
The measured kf,max and temperature deviations measured during testing are provided in table
4.7. As can be seen the 45◦ build orientation had the lowest kf,max, 0◦ the highest. A plau-
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Figure 4.22: SEM micrographs of the different orientations and strain rates did not lead to any
conclusive results.

sible explanation for the low kf,max measured in the 45◦ orientation is gliding along the grain
boundaries, which in turn are oriented at 45◦ relative to the force applied. Although the SEM
micrograph revealed that recrystallization occurred, making a evaluation of grain boundary slip
difficult, the overall geometry of the sample after the deformation test strongly indicated this
behaviour. As can be seen in figure 4.23 the sample faces shifted sideways, which did not occur
in the 0◦ and 90◦ build orientations. Why the 90◦ orientation displays an intermediate kf,max

is not clear, a possible explanation is the texture in the material that causes many of the slip
systems in β and γ to be located at or close to an angle of 45◦ to the external force, thus max-
imizing the Schmid-Factor m [47]. However, it is equally possible that the inaccuracies in the
temperature control loop caused this behaviour. For a further investigations of the deformation
mechanisms other methods, which were not part of this thesis, such as transmission electron
microscopy (TEM) would be required. Overall, perhaps a different method such as Gleeble®

testing would yield more valuable results when investigating the deformation behaviour of this
material. For a more detailed explanation of the slip systems and deformation behaviour of
TiAl the reader is referred to the work of Appel et al. [11].
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Table 4.7: The maximal kf,max changed with the sample orientation as well as deformation rate
ϕ̇. Depending on the sample themeasured temperature deviated up to 40 ◦C from the targeted
1200 ◦C.

sample ϕ̇ [s-1] kf,max [MPa] temperature deviation [◦C]
0◦ 0.05 92.5 10
0◦ 0.5 199 40
45◦ 0.05 - -
45◦ 0.5 126 35
90◦ 0.05 49 15
90◦ 0.5 158 10

1 mm

a b c

Figure 4.23: a: The sample faces did not shift relative to each other during testing in the 0◦

build orientation. b: The sample faces did shift relative to each other during testing in the 45◦

build orientation, indicating grain boundary slip. c: The sample faces did not shift relative to
each other during testing in the 90◦ build orientation.
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5 Summary and Outlook
In the course of this master thesis samples of an intermetallic β-solidifying γ-TiAl alloy called
TNM produced by EBM, a powder-bed-fusion AM method, were investigated. The nominal
composition of the alloy was Ti with 43.5 at.% Al, 4 at.% Nb and 1 at.%Mo as well as 0.1 at.% B.
Analyses of the samples as well as the precursor powder in the as-atomized and recovered
states were conducted. The samples produced by EBM were cylindrical in shape and the axes
of these cylinders were set to be at angles of 0◦, 45◦ and 90◦ relative to the base plate. Opti-
cal and electron microscopy were used to investigate the differences in microstructure. Heat
treatments, thermal analysis and chemical analysis gave insight into the composition of the
material. In order to gain information about mechanical and processing properties tensile-,
creep- and deformation tests were conducted.
The properties differed strongly dependent on the build orientation of the samples. At 0◦ build
orientation the samples showed the finest microstructure, at 45◦ the coarsest and at 90◦ they
exhibited intermediate levels. The 0◦ build orientation samples alsowere the only ones to show
significant amounts of process related bonding errors between material layers. This suggests
that the samples oriented at 0◦ cooled down faster than the others. The reasonwas found to lie
in the scanning strategy, which gave the samples more time to cool down between compared
to the other orientations.
EBSD revealed that the solidification conditions in the EBM-process resulted in a<100>-texture
in the bcc β-phase which also translated into the other faces due to the known orientation re-
lationships in TNM. It may be possible to adjust the alloy composition to avoid this texture, for
example peritectically solidifying γ-TiAl alloys do not exhibit such a behaviour [46]. The solidi-
fication also resulted in grains of a high aspect ratio growing in the building direction.
The chemical analysis revealed that the powder was not influenced strongly by the EBM pro-
cess, but in the built material an Al-loss of over 1 at.% could be observed. Other studies have
investigated the influence of the energy input in correlation to the changes in chemistry and
have found strong correlations. Therefore the adjustment of the process parameters might be
part of the solution to this problem. Another approach might be the adaptation of the powder
composition to compensate for the Al-loss. This Al-loss did not happen uniformly across the
sample, but occurred primarily at the top of the introduced layers. This led to locally different
microstructures. Such local changes also influenced the material behaviour during heat treat-
ments, as higher Al-contents allowed for more coarsening of the material to occur.
Two different types of microstructure, NL+β and NL+γ, were chosen to conduct tensile tests.
Regardless of microstructure, the 90◦ build orientation exhibited themost and 0◦ the least duc-
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tile behaviour. In the NL+γ-samples the fracture mirror appeared differently according to the
build orientation. At 90◦ almost the entire area broke transcrystalline. This was due to the
grain orientation in the material. The 45◦ and 0◦ build orientation samples showed an increas-
ing fraction of intercrystalline area.
Creep tests on samples of a NL+β-microstructure showed the lowest creep strain rate in 0◦ and
the highest in 90◦ build orientation samples. Whether or not this is an actual result of the build
orientation is unclear, as the heat treatment of the 0◦-sample was conducted wrongly, further
investigations would be required for a more reliable answer.
Deformation testing on as-EBM samples did not yield conclusive results, as the samples did
not deform uniformly and problems occurred with the temperature control. Therefore only a
qualitative assessment fo the data was possible. It showed, that the 45◦ build orientation had
the lowest kf,max. This and the fact that the faces of the sample exhibited a shift relative to each
other led to the conclusion that a grain boundary slip was responsible for the low kf. The 90◦

samples had higher levels of flow stress, but still lower than 0◦. Maybe this was due to the high
number of slip systems oriented at about 45◦ relative to the direction of the applied force in the
90◦ sample. However, high temperature oscillations during testing impede certain conclusions.

Overall this work revealed, that there are still many problems in when using EBM as a means
to fabricate TNM parts. Additional work will be required to gain further insight into the solidi-
fication and resulting texture, pile-up and Al-loss. With more knowledge it is likely possible to
find process parameters and/or adapt the alloy, making EBM a viable production method for
TNM or a similar material. Many other works are currently being conducted, globally as well
as at the Montanuniversität Leoben to understand and improve AM of γ-TiAl-alloys.

Possible options for further investigations are additional deformation testing, using different,
more suitable methods such as Gleeble®-testing. These would hopefully allow for a more pre-
cise temperature control and better reproducibility of the measurements. Additional param-
eter studies might help to understand the solidification process, resulting microstructure and
texture as well as the occurrence of the pile-up in the material. The optimization of the result-
ing chemical composition and reduction of texture are probably the most important goals that
need to be met in order to improve the material for EBM to become a serviceable method of
production.
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