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1. INTRODUCTION

The application of coatings to modify surface properties is documented to
start at least ~5000 years ago. Gold was one of the first materials applied, due to its
occurrence as solid gold in nature and its workability with the tools available at that
time. It was used as gold leaf for decorative reasons, i.a. in ancient Egypt. The
deposition of thin films from the vapor phase is limited to the last few centuries, and
further advanced by the exploration of the basics of physical- and chemical vapor
deposition (PVD and CVD) in the 19" century [1]. As protective coating for wear
intensive applications, TiN enjoyed great popularity and is still commonly used. It
exhibits a high thermal stability and oxidation resistance up to ~500 °C [2,3].
Additionally, its neat golden color facilitates the use as decorative coating, and is

also beneficial for cutting applications for easy detection of wear.

The demand for further performance enhancement towards increased
thermal stability and wear resistance led to versatile alloying concepts of TiN-based
coatings. The deposition of metastable solid solutions beyond the thermodynamic
equilibrium could be realized using PVD techniques, where — among others —
Tii<ALN coatings as the most popular representative emerged. In the late 1980’s,
first reports about the excellent wear and cutting behavior of TiALN hard coatings
were published, pioneered by Minz [3] and Knotek [4]. The former documented on
the superior properties of Ti;<ALN with respect to thermal stability and oxidation
resistance. In turning tests, Tii. AlLN coated tools showed a 2-3x higher tool lifetime
compared to TiN, while in drilling tests into cast iron a 12 time higher tool lifetime

was achieved [3]. The drilling tests performed by Knotek et al. [4] showed that drills
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coated with Ti; AN had a 2.5x higher tool lifetime compared to TiN coated tools,
and 15x higher compared to uncoated tools. Randhawa et al. [5] confirmed that
tremendous increase of the cutting tool lifetime and reported on drilling tests, where
a tool lifetime increase of 200 times compared to uncoated tools was achieved, and
also more than twice compared to tools coated with TiN. Based on these sensational
results, many researchers and companies started the challenging journey of further
improvement of this coating system, which lasts until today, 30 years later, and is
still ongoing. Ti1<ALN coatings exhibit extraordinary features, which makes them an
excellent choice for cutting applications. The enhanced oxidation resistance stems
from the nature of Al to form a hard, chemically stable alumina layer on the coating
surface, as soon as it is thermally loaded to temperatures exceeding ~700 °C in
ambient air [6,7]. Therefore, further oxidation is drastically decreased, since the
transport of oxidative agents through the alumina layer is hindered [8,9]. The
metastable Ti; <AL solid solution tends to spinodal decomposition at temperatures
beyond ~750-850 °C to face centered cubic (fcc) Ti-rich and fce Al-rich domains,
which results in coherency strains between them and the Ti;AlN matrix, and thus
in hardness increase due to age hardening [10,11]. Consequently, coated tools benefit
from an improvement of the mechanical properties during machining, as a result of
the temperature increase at the cutting edge. However, at even higher temperatures,
the metastable fcc AIN transforms to its stable wurtzite form, leading to a

deterioration of the mechanical properties of the coating [12].

Despite the excessive research undertaken during the past decades, the
enthusiasm about Ti ALN ternary and also Tii<Al{N-based quaternary coatings is
still unbroken. Although many modern alternative manufacturing processes are on
the rise, e.g. additive manufacturing or 3D printing, cutting represents still one of
the most important shaping technologies, and the challenge nowadays is the tailoring

of coatings for a broad spectrum of every possible application [13].

Consequently, the aim of this work is to widen the available knowledge on
Ta alloying of Ti;<AlN coatings. In particular, three main questions stood at the

beginning of this thesis.
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<> To what extent do the growth conditions influence the microstructural
properties and the thermal stability of Ti;<AlN coatings?

<> How does the Ta content influence the thermal stability of Tij.,Al\Ta,N
coatings?

<> In which way does the implementation of Ta atoms to the Ti ALN solid
solution affect the oxide layer formation and the tribological properties at

elevated temperatures?
The first part of the present thesis presents an overview on synthesis of Ti;<AlN-
based hard coatings, their microstructure and main properties. Within the second
part, the defined research questions are highlighted in the form of three published

papers.






2. COATING SYNTHESIS

Thin films deposition techniques may be described by the source of the
coating material used or its transportation to the substrate. PVD and CVD represent
the two most important deposition techniques for the production of hard coatings.
During CVD, the precursors (gaseous materials) are supplied to the deposition
chamber, and the formation of a coating on the substrates occurs by condensation of
species generated by chemical reactions. The reactions are mainly thermally
activated; hence for hard protective coatings, high substrate temperatures are
necessary [14,15], e.g. for TiN ~850-1000 °C [16,17]. These high temperatures limit
the possible substrate materials and hence application. For PVD processes, a solid
target acts as material source, which is vaporized in order to enable the material
transport to the substrates. The vaporized material condenses subsequently on the
substrates in order to grow a thin film. Due to the huge flexibility of growth
conditions of PVD processes, a vast variety of coatings (metals, alloys, compounds)
with versatile properties can be produced [18]. One drawback of the vacuum-based
PVD processes is the fact that the coating is only applied to those areas directly
facing the target; therefore in indusrial-scale deposition devices, rotating substrate
holders are commonly used to ensure homogeneous coating deposition. With CVD
usually done at ambient or slightly reduced pressures, also the coating of averted
areas is possible. Although considerable effort has recently been made in enabling
the deposition of Tii<ALN coatings by CVD [19-21], PVD techniques are still the

most common ones. Since the coatings studied in the present thesis were
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unexceptionally grown by cathodic arc evaporation, solely this deposition technique

is hereinafter further explained.

2.1. Cathodic arc evaporation

Cathodic arc evaporation (CAE) is a PVD technique widely used for the
deposition of hard coatings. The vapor is produced by a DC high-current but low-
voltage arc, running between a cathode (i.e., the target) and an anode in a vacuum
chamber. The arc is initiated by a short-time contact of the anode (mechanical
igniter) and the cathode, with an immediate removal of the anode after ignition.
With the very small spot formed at the cathode surface (10®-10" m in diameter),
extremely high current densities (10%10™ Am™) occur next to high areal power
densities (10" Wm-?). The fast heating of this area enables melting and further

vaporization of the cathode material as shown in Fig. 1a.
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Fig. 1 a) Schematic of the cathodic arc evaporation process [15], b) droplets formed on the coating
surface, ¢) cross section of a droplet located at the interface substrate/coating and its impact on
the coating up to the surface, including elemental mapping with energy dispersive X-ray
spectroscopy [22].

The cathode spot moves with velocities of ~100 m/s randomly along the

target surface, where the arc is confined by magnetic fields and a passive border (e.g.

an insulating surrounding). Hence, when the arc leaves the target area, it gets
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extinguished. The magnetic field can be adapted to control the plasma, and leads to
mainly multiple ionized vapor species. Consequently, a uniform, dense coating can
be achieved with CAE, especially for biased processes, where the ions get accelerated

towards the substrate due to an applied substrate potential (bias voltage) [15,23,24].

A major drawback of the CAE process is the formation of macroparticles
(droplets) within the coating, which stem from additionally ejected molten droplets
and solid particles from the target. The incorporation of these droplets within the
coating limits their application possibilities significantly. Droplets are typically
generating cavities caused by shadowing effects. They can reach several micrometers
in size, and generate microstructural coarsened cauliflower features protruding the
coating surface [25], see Fig. 1c. The consequently pronounced surface roughness of
the coatings caused by droplets, and their increased defect density enables a higher
diffusion rate, which promotes oxidation during thermal loading [22]. Tkadletz et al.
investigated the droplets formed within a Tii.,AliTa,N coating, and reported on
their pronounced impact on the tribological properties [22]. Fig. 1b shows a droplet
on the coating surface, and in Fig. 1c, the chemical composition of the droplet, and

its impact on the surrounding film as well as the film growth is depicted.

2.2. Film growth

When the atom from the vapor phase impinges on the substrate, it either
condensates on its surface or gets immediately reflected. If it transfers a sufficient
amount of energy to the surface, it gets weakly bonded as an adatom. The kinetic
energy of the adatoms enables movement on the surface, until they desorb or form a
stable nucleus at the substrate surface or join an already existing nucleus to form
clusters. For a low tendency of interaction between the adatom and the surface,
widely spread nuclei are formed, while a high interaction tendency results in a high
nuclei density [14,18]. With further deposition, the clusters grow, and form a
continuous film. In Fig. 2, the three main growth modes, which are depending on the
binding energy, are illustrated. The island growth mode after Volmer-Weber

(Fig. 2a) occurs when the atoms are more strongly bound to each other than to the



2 Coating synthesis

substrate. The clusters grow in three dimensions to form islands. For example, hard
coatings as well as semiconductors on oxides grow with that mode. The second
growth mode is named after Frank-Van der Merwe, or layer growth, and is illustrated
in Fig. 2b. Coatings growing with this mode have stronger bound atoms to the
substrate than to each other. The clusters grow in two dimensions to form planar,
piled sheets. One example for the layer by layer growth mode is the epitaxial growth
of single crystals. The layer plus island mode, shown in Fig. 2¢c, also called Stranski-
Krastanov mode, is a combination of the two mentioned before. After forming at
least one monolayer, the film starts to grow in three dimensions to form islands. This
growth mode is the most common, and is valid for deposition of metals on metals or

semiconductors [15].

VOLMER-WEBER MODE
ISLAND GROWTH

S S tdo

FRANK-VAN DER MERWE MODE
LAYER BY LAYER

STRANSKI-KRASTANOV MODE
LAYER PLUS ISLAND GROWTH

Fig. 2 Basic film growth modes: a) island, b) layer by layer, ¢) layer plus island mode, after [15].

Various factors are decisively influencing film growth during deposition, i.e.,
the nature of the substrate, the substrate temperature, the deposition rate, the angle
of incidence of the incoming particle flux, the pressure and nature of the ambient
gas. The influence of various deposition parameters can be illustrated in a simplified
approach in structure zone models (SZM). Movchan and Demchishin proposed 1969

a SZM [26], suggesting three different constitutional zones to be formed within
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coatings deposited by electron beam evaporation, as a function of the homologous
temperature T" = T,/T., where T is the substrate temperature during deposition
and T., is the melting temperature of the coating material. Thornton [27] included
information on the Ar gas pressure, and implemented a fourth zone (zone T) in the
SZM he presented in 1974. In both models, the structure of the coatings deposited
with a low T" (zone 1) appears porous due to the reduced surface mobility of the
adatoms, with tapered crystallites formed in direction of the incident atoms. With
increasing temperature, the grains get denser packed, and more fibrous shaped (zone
T). Shadowing effects can be balanced due to higher surface diffusivity. Another
temperature increase leads to zone 2, where surface diffusion is dominating, and a
high amount of nuclei are generated. A columnar structure is created, showing
increasing column width with increasing temperature. In zone 3, the temperature is
high enough to enable volume diffusion, therefore segregation of impurities during

film growth occurs, and a dense, recrystallized film is achieved.

Messier et al. [28] presented a SZM in 1984, where he added the influence
of the bias voltage to the different zones. Anders [29] proposed recently an adapted
form of the Messier’ SZM, with the following additions: (7) a temperature shift due
to the energy of the arriving particles to T, (%) the normalized energy E* includes
displacement as well as heating due to the kinetic energy of bombarding particles,
(iii) the film thickness shown at the z-axis highlights the influence of a high bias
voltage causing re-sputtering of condensed adatoms during film growth. Fig. 3 shows
the different regions within Anders’ SZM, and the influence of kinetic energy on the

borders between the zones, as well as on the coating thickness.
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recrystallized grain structure

zone 3

fine-grained,
nanocrystalline,
with preferred
orientation

region not
accessible

porous,
tapered crystallites
separated by voids,|

tensile stress

densly packed 1
fibrous grains

transition from tensile (low E*) to

compressive stress (high £*) line separating

net deposition

region of possible region not E* and net etching

low-temperture accessible
low-energy ion-assisted

n I
epitaxial growth dense film,

reduction of deposition by sputtering

Fig. 8 Structure zone model by Anders illustrating different zones of coating structure as a function of
temperature T and energy E" [29)].

The kinetic energy of the bombarding particles is mainly influenced by the
bias voltage. A bias voltage is a negative potential applied to the substrate, which is
used during deposition to accelerate the positively charged ions towards the growing
film. Due to their intense impact on the surface, caused by the increased kinetic
energy, pronounced resputtering at tips and edges, and condensation even at
shadowed areas can be achieved, which leads to a smoother surface, and a reduced
coating thickness. Additionally, the impact to the growing film induces residual
stress, which can be used to tailor mechanical properties. Therefore, the porous zone
1 in Fig. 3 gets smaller with increasing normalized energy, and the zones are shifted

towards lower temperatures [30].

10



3. TIl_xALxN

3.1. Microstructure

The microstructure of Ti AlN hard coatings depends strongly on the Al
content x, as well as on the deposition conditions used. TiN as primary phase
represents a fcc lattice, while for AIN the hexagonal wurtzite structure is stable. AIN
exhibits in general a covalent bonding character, while nitrides of transition metals
usually are characterized by metal bonding; with common metallurgical techniques
the synthesis of Ti;<AlN is hindered due to the extremely low mutual solubility of
AIN in TiN and vice versa [31,32], see Fig. 4a. With its ability to deposit metastable
solid solutions, PVD allows to grow materials beyond the thermodynamic
equilibrium, which possess versatile outstanding properties. Holleck et al. [31]

suggested a metastable phase diagram of AIN in TiN, which is illustrated in Fig. 4b.
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Fig. 4 a) Quasi-binary equilibrium and b) metastable TiN-AIN phase diagram (after [31]).
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With the incorporation of Al into TiN, the Al atoms substitute the Ti atoms
within the fcc lattice forming Tii<ALN, which remains stable up to x~0.6-0.75,
depending on the deposition conditions used [33]. A schematic of the microstructure

as a function of the Al content is illustrated in Fig. 5a.

b)
[ =~ 3000 . s+ Hardness
8 g X
N € g
S - :tl:‘E 2000 \
5 ¢ %
& £ AN |
= ) £ Lattice Parameter
face centered cubic structure wurtzite structure é1000_ {
O b i
i = 0 :
TiN Al content x ———=  /~0.6-0.75 AIN e low 108 0E §

Al content x
Fig. 5 a) Microstructure (after [34]) and b) hardness of Tir.ALN coatings with different Al content x
(after [35]).

An increasing AIN content results in a hardness increase due to solid
solution hardening within the cubic regime, as shown in Fig. 5b. Mayrhofer et al. [36]
reported that the phase stability of the fce-Ti;<AlN depends on the number of Ti-Al
bonds within the lattice, since they strongly influence the electronic properties, the
bond energy and the configurational entropy of the system. Hence, not only the Al
content affects the phase regime, but also the distribution of Al atoms within the
TiN lattice. For a low amount of Ti-Al bonds, the energy of formation is also low.
This explains that the solubility limit of Al in fec-TiN was reported between
~0.6<x<0.75, depending on the deposition parameters used [37—44]. A higher bias
voltage applied to the substrate during deposition leads to increased energy of the
impinging ions during film growth; the consequently enhanced mobility of the
adatoms on the surface can widen the solubility limit of the fcc phase in Tii<ALN
coatings, as shown in publication I. Due to the ion bombardment, new nucleation
sites can be generated, which result in a finer grained structure [42]. On the other
hand, an higher ion energy could cause selective resputtering of the (lighter) Al atoms
[45,46]. However, if the solubility limit of the metastable fcc-Tii ALN phase is

exceeded, a dual phase structure consisting of fcc and wurtzite is formed. A further

12
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increase of x results in formation of the w-Ti;  AlLN phase, where Ti substitutes Al

atoms in the w-AIN lattice.

3.2. Spinodal decomposition

The metastable fcc-Ti AlN solid solution is characterized by a phase
stability up to ~750-850 °C, where first signs of spinodal decomposition are
detectable. It decomposes under specific conditions (i.e. sufficient temperature and
time) and forms Tirich and Al-rich domains; between these cubic domains,

coherency strains arise and increase with increasing decomposition progress.

The formed fcc-AlN-rich domains are again metastable; further thermal
impact results in transformation to w-AIN [10,47,48]. The higher the annealing
temperature is, the faster the decomposition is proceeding, and also the size of the
respective Ti-rich and Al-rich domains increases [49]. Fig. 6a and b illustrate the
microstructural changes occurring within a TigsAlosN coating during annealing in
vacuum by dynamic scanning calorimetry and X-ray diffraction [10]. The four DSC
features in Fig. 6a can be referred to the following processes: (i) recovery (DSC1),
(ii) beginning spinodal decomposition (i.e., formation of fcc-AIN domains, DSC2),
(iii) progressed spinodal decomposition and formation of fce-AIN and fee-TiN phases
(DSC3), (iv) completed decomposition, formation of fcc-TiN and w-AIN phases
(DSC4). The decomposition process starts for this coating at 860 °C, and is still in
progress at 1100 °C, evidenced by the TiosAlysN solid solution X-ray diffraction peak
being shifted towards lower diffraction angles. However at 1400 °C, the peak is
located near the standard peak position of fce-TiN, indicating that spinodal
decomposition is finished. In Fig. 6¢, the reconstructed 3D atom probe tomography
tip shows the formed Ti- and Al-enriched domains due to spinodal decomposition

after annealing at 1350 °C [50].

The formation of w-AIN is unfavored due to several reasons: On the one
hand, w-AIN exhibits inferior mechanical properties, therefore the mechanical
properties of the coatings deteriorate. On the other hand, the transformation of fcc-

AIN to w-AIN is accompanied by an increase of the molar volume, which generates

13
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strains and thus micro-cracks. Therefore, additional diffusion paths in the coating
are provided [51], which deteriorates coating adhesion, thermal stability and

oxidation resistance.
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Fig. 6a) Changes of the microstructure of a TinsAlosN coating studied by differential scanning
calorimetry and evidenced by X-ray diffractograms in b) for four annealing temperatures [10]. ¢)
The reconstructed 3D atom probe tomography image shows the decomposition in metastable Al-
rich and Ti-rich domains after annealing at 1350 °C' [50].

3.3. Properties

Compared to bulk materials, the definition of mechanical properties of
coatings is challenging because of the often occurring substrate influence.
Nevertheless, the hardness of Ti;(ALN coatings has been in the focus of many
publications since the last three decades [10,39,41,52]. The hardness is closely
connected to the phase evolution within the coating, i.e. the Al content. Increasing
the Al content in the coating leads to a hardness increase up to the solubility limit
of AIN within the fce-Ti1ALN solid solution; however, even a low w-Ti;, AlN phase

fraction leads to a significant hardness drop. The hardness of the coatings is also

14
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influenced by its morphology, which depends on its growth conditions. An increase
of the bias voltage applied to the substrate leads to a lower crystallite size (see
section 2.1.2), and promotes the formation of the fec-Tii<ALN up to higher Al
contents [42]. Consequently, this results in a higher hardness compared to coatings
deposited with a lower bias voltage (see publication I). When the fce-Tii AN phase
is exposed to elevated temperatures, the coherency strains stemming from spinodal
decomposition result in a hardness increase, see Fig. 7. This beneficial “self-
hardening” effect is known as age hardening [10,39,53]; since during cutting
applications high thermal loading occurs, the hardness increase at application
temperature is one of the most important factors for the success of Tii ALN coatings
in machining. However, as soon as first signs of w-AIN formation are evident, the

hardness deteriorates.
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Fig. 7 Hardness of TiosAlo.ssN compared to TiN as a function of the annealing temperature [10].

Another advantage of Ti;AlN compared to TiN coatings is the increased
oxidation resistance. In general, the oxidation process involves charge transfer, i.e.
the movement of electrons, oxygen anions and metal ions as it is illustrated in Fig. 8
[12]. The metal atoms of the coating material get ionized to M*" (i.e., oxidized, since
they give electrons €), and consequently the oxide atoms at the coating surface get

reduced to OZ.
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At 600-700 °C in ambient air, on the surface of Tii ALN coatings a
homogeneous oxide layer MOy, with M=(Al,Ti), is formed. The inward diffusion of
O% controls the oxidation process [8]. At temperatures beyond ~700-800 °C, different

oxide layers are formed.

Gas pO, M* + 2" + 120, = MO Equation 1
120, + 2" = O Equation 2

M =M +2¢ Equation 3

M+ O = MO + 2¢ Equation 4

Fig. 8 Main transport mechanisms during ozide scale growth on the surface of a metal, simplified model
(modified after [12,54]).

The activation energy for oxidation of Ti is 1.9-2.1 eV, while for Al it is
2.3 eV [9]. Therefore, Ti oxidizes first; when subsequently Al starts to react with O,
it forms a dense, protective Al,Os-rich toplayer at the coating surface, with a porous
TiOy-rich sublayer and the remaining Ti.«ALN underneath. For further oxidation,
O% ions have to be transported from the surface through the Al,Os-rich toplayer and
the TiOs-rich interlayer to the oxide-nitride interface, while simultaneous outward
diffusion of AI*" from the nitride layer to the surface is necessary. Fig. 9 shows a
cross section through a Tips:AlpN coating with a typical oxide layer formation after
annealing in ambient air at 900 °C. The dark toplayer represents the dense Al,Os-rich
layer, while the brighter, porous sublayer is TiOs-rich.

Depending on the oxidation temperature, Ti can either form the stable rutile
(r) or the metastable anatase (a) TiO,, where the latter transforms between 400-
1000 °C to the stable r-TiO, depending on purity, synthesis and environmental
conditions [55,56]. For bulk materials, the transformation temperature is given as
915 °C [57]. a-TiO; exhibits worse mechanical properties than r-TiO,. In addition,
the monotropic phase transformation to r-TiO» is accompanied by a density increase.

Thus, stress is generated between the oxide-nitride interface due to the volume

16
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decrease, and the transformed TiOo-rich layer exhibits cracks and pores, which act
as diffusion paths [9]. Moreover, the adhesion of the Al,Osrich toplayer is affected
by the increased stress level, and delamination of the oxide layers due to cracks may
occur. Hence, the formation of the anatase phase is unfavored, and avoiding it is a

major goal in the design of advanced Tii<AlN hard coatings.

Al O,-rich layer

Fig. 9 Scanning electron microscopy cross section illustrating the oxide scale evolution on a Tip.s;Alo;6N
coating after annealing at 900 °C' for 1 h in ambient air (own work).

The mobility of Al and O* within the Ti-rich oxide sublayer is
considerably higher than within the dense Al,Os—rich layer, which retards the ongoing
oxygen transport through the oxide scale to the remaining coating. Therefore, the
limiting factor for further oxidation is the formation of a protective Al,Os-rich

toplayer.

The wear resistance of Tii AlLN coatings is strongly connected to its
hardness, and is at room temperature (RT) also lower for dual phase coatings
consisting of fcc- and w-Ti<ALN than for single phase fcc-Tii<AlN. For coatings
deposited by cathodic arc evaporation, droplets protruding out of the coating surface
can lead to increased wear rates during tribological testing. The local pressure these
droplets are exposed to in sliding contacts causes on the one hand crack formation
within the coating, which provides diffusion paths for corrosive or oxidative media;

on the other hand, a possible delamination of droplets leads to increased amount of
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wear debris, which can act as abrasive medium [22]. In general, tribological
properties of hard coatings are next to the surface roughness strongly affected by
environmental conditions, e.g. moisture and temperature. Pfeiler et al. found
indication for tribooxidation of Tii ALN coatings also at RT [58]. They investigated
the coatings in different media at RT, and found a strong sensitivity to moisture.
While for coatings tested in synthetic air with reduced moisture, a maximum wear
track depth of ~0.5 nm was found, whereas the tests performed in ambient air at a
relative humidity of 35+5% caused a five times higher wear track depth of ~2.5 pm.
Therefore, even at RT, moisture during testing results in the formation of a thin
oxide layer within the wear track, which may be removed during every contact by

the counterpart, yielding additional wear debris and thus promoting abrasion.

Tribological testing of Tii<AliN at elevated temperatures results
on the one hand in a less pronounced effect of the droplets on friction, and yields up
to certain testing temperatures less wear compared to RT [22]. On the other hand,
in ambient air oxidation processes of the coating have a strong influence on the
tribological behavior. The stable AlLOsrich toplayer formed during testing at
elevated temperature exhibits good abrasive wear resistance due to its high hardness
[6,7]. TiO,, among other oxides, forms solid lubricant-like layers when exposed to
elevated temperatures, being of high interest for the machining industry due to its
low friction. In general solid lubricants possess a layered structure, where the layers
are solely weakly bonded between themselves, but the atoms in each layer are strong
covalently bonded and densely packed [59]. The lubricity stems from the ability of
the layers to slide over each other, acting as low shear strength nanofilm on the top
of the coating. Shear takes place within the nanofilm, and the load is supported by
the coating [13]. This predominates over natural cleavage planes [60] and results in
a low friction coefficient, while the strong bonding within the layers is responsible
for reduced wear of the solid lubricants. For TiN-based coatings, the formation of a

solid lubricant-like structure is assumed to occur as follows:

When r-TiO, is formed during tribological testing at elevated temperatures,

it possesses a reduced friction coefficient compared to room temperature testing of
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TiixALN. This relies in the formation of substoichiometric oxides, the so-called
Magnéli phases (i.e., Me,Oa,.1), which possess a solid lubricant characteristic layered
structure. Magnéli [61,62] found first, that oxides of tungsten, molybdenum, titanium
and vanadium form homologous series based on the rutile crystal structure with
recurrent dislocations. During tribological testing at elevated temperatures, oxygen
from the coating surface is removed by the counterpart, but the thermal loading also
induces diffusion of vacancies into the surface. When oxygen is lost as %20, from the
surface, it leaves two electrons in the oxygen vacancy to maintain electrical neutrality
[60,63], see reverse equation 2 in Fig 8. According to Gardos [60,64], the reduced
stoichiometry stems from the oxygen removal during the simultaneous oxidation and
wear processes, and hence causes an increasing amount of oxygen vacancies. With
further oxygen loss, some Ti'" may change their charge state to Ti*"; anti-phase
boundaries are formed, where Ti ions are located closer to each other, and ionic
repulsion influences the bonding strength and the energy between the ions. Diffusion
of vacancies enables the self-arranged formation to ordered, planar defects, which are
strongly bonded within each layer, but the bonding of the layers to each other is
weak. The degree of oxygen loss and the amount of Ti** ions is of huge importance
for the microstructure of the oxide scale, and influences strongly the shear strength
of the layers. The interaction between these crystallographic shear (CS) planes is
influenced by several terms: (i) the electrostatic interaction of ions within one layer,
(79) the electrostatic interaction of ions within the CS planes to the residual crystal
structure, (777) the strain energy within the crystal, and (i) the repulsive energy
between the CS planes. When rutile is reduced to TiO;.0s - TiO193, CS planes which
lie upon {132} planes develop; with increased reduction the electrostatic interaction
energy (whether repulsion or attraction) between the CS planes becomes more
important. The repulsion and the therefore weakly bound layers lead to their ability
to slide over each other, resulting in a relatively low friction coefficient. The more
pronounced reduction to TiO1s enables CS planes with an index between {132} and
{121}, where the total higher energy of the {121} planes influences the bond strength

and therefore the friction coefficient of the coating; the distance between the Ti ions

19



3 TiALN

is further reduced, and the ionic repulsion between the crystallographic shear plane
boundaries switches to increased dislocation motion with a decrease of the lattice
energy. Another reduction to TiO14 results again in a decrease of the distance
between the Ti ions and a predominating {121} CS plane, which holds an increasing

lattice strength and hence again a higher friction coefficient [64,65].

3.4. Alloying of Tii<ALN with Ta

A key to further improve the performance of hard coatings is widening the
ternary Ti-ALN system to quaternary systems with tailored properties. In various
publications, the benefits of quaternary alloying elements are pointed out [51,66-71].
Tantalum as alloying element was chosen for the present research because of various
reasons. It is known to form a metastable solid solution with Ti; ALN, and to widen
the solubility limit of Al in the fec-TiiwyALTa,N [70]. In Fig. 10a, the ab initio
calculated energies of formation for cubic and wurtzite Ti, AlKN and Ti.,AliTa,N,
respectively, are shown. For the Ta containing coating, the formation of the wurtzite
phase is shifted towards slightly higher Al contents than for Ti ALN [72]. In
Fig. 10b, the influence of Ta on the coating microstructure is depicted. While the
coating at the bottom, Tiys3AlpeN, shows major wurtzite phase peaks, the coating
Tip3Alyg3TaoesN (i.e., the same Ti/Al ratio, but containing 5 at.-% Ta) shows next

to dominant fce-Tii« Al Ta,N solid solution peaks only minor w-AIN peaks.

For Ti<AlN coatings deposited by cathodic arc evaporation, the Ti content
within the coatings has often been reported to be higher than in the target [73,74].
Adding Ta to the target results in a higher Ta content within the coating than in
the respective target, which is mainly at the expense of the Al content (see Fig. 10c).
The significant loss of Al during deposition can be explained on the one hand by the
mass difference between Al, Ti and Ta, with the higher possibility of the light Al
atom to get scattered during the gas transport phase. Another explanation is the

higher resputtering probability of Al atoms, as reported in [51].
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Fig. 10 a) shows the energy of formation for fec and wurtzite TirALN and TirwyAl:Ta,N phases as a
function of the Al content [72], b) highlights the influence of 5 at.-% Ta addition on the
microstructure of TiALN coatings with z=0.67 (target composition). In c) the chemical
composition of TirwyAl:TayN coatings as a function of the Ta content of the target is depicted

(both b) and c) represent own work).

Ta addition to the fcc-Tiix,AliTa,N solid solution results in a higher
hardness due to increased lattice distortion (see Fig. 11 [72]). Moreover, the thermal
stability of Ti..,AliTa,N is significantly increased, as temperature-driven processes
like spinodal decomposition and wurtzite phase formation are shifted towards higher
temperatures. Rachbauer et al. [72] evidenced a temperature increase of 300 °C for
the onset of spinodal decomposition of TigspAlpssTao10N compared to TipsAlywN
during vacuum annealing. Exceeding the onset temperature of spinodal
decomposition, fcc-AlN-enriched and fee-Tii (TaxN-enriched domains are formed.
Age hardening processes influence also the hardness of Ta containing coatings, similar

to TiixALN, but lead to a less pronounced hardness increase at -elevated
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temperatures. However, an overall increased hardness level compared to Ti; ALN up

to temperatures >1000 °C can be observed (see Fig. 11 and publication II).
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Fig. 11 Hardness evolution versus temperature after annealing of TiiwyAl.Ta,N coatings with different
Ta contents [72].

Ta addition to Tii AlKN further results in an outstanding oxidation
resistance [67,68,75,76]. In Ti. ALN, the limiting factor for further oxidation is the
dense AlOsrich toplayer, while is not sufficiently supported by the TiOs-rich
sublayer exhibiting a low density and therefore enabling diffusion of the oxidation
products. In (Ti,Ta)-rich oxides, Ta substitutes Ti in the lattice. Oxygen vacancies
are significantly reduced due to the higher ionization state of the pentavalent Ta
compared to the quadrivalent Ti. Additionally, Ta suppresses the a-TiO, formation
during oxidation, as it promotes the early r-TiO, formation. Therefore, the densified
(Ti,Ta)-rich oxide sublayer contributes to the advanced oxidation resistance of
Tii«yAlTa;N coatings, as shown in publication III. As mentioned in section 3.3., the
formation of substoichiometric oxides may lead to decreased friction. In r-(Ti,Ta)O,,
the Ta’" ions reduce the amount of oxygen vacancies and hence foster the
development of substoichiometric Magnéli phases [75]. Therefore, a significantly

enhanced tribological behavior up to 900 °C was observed [68].
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4. TRIBOLOGICAL ASPECTS AND MACHINING

4.1. General aspects of cutting processes

For the machining industry, cutting tools for the production of engineering
components represent the most important tribological application of coatings. The
contact between tool and workpiece during cutting is different to the general
tribological contact during sliding and rolling processes. For machining applications,
a low friction coefficient and a good abrasive wear resistance at the actual
temperatures occurring is favored. The latter is usually provided by hard coatings,
since it is strongly related to the coating hardness [13]. A schematic showing the

basic contact areas during the cutting process is shown in Fig. 12a.

The high contact temperature during cutting (up to >1000 °C, depending
on cutting speed and workpiece material) is mainly caused by the deformation of the
chip (~80%), which is affected by the cutting speed and the workpiece material itself
[13,77]. The distribution of the energy and therefore the heat is influenced by the
cutting speed [77]. Most of the heat (~75%) is dispersed with the chip, while the
workpiece material absorbs only ~5%; around 20% of the heat is dissipated through
the cutting tool [78]. Additionally to the temperature, a high normal pressure impacts
on the rake face. In Fig. 12b, the main wear mechanisms as a function of the cutting
speed, and therefore the thermal load, are illustrated. To which extent the
mechanisms contribute to the overall wear of the tool (marked as yellow line ‘wear’)
depends on the tribological system consisting of tool material, workpiece material,

the potentially applied coolant/lubricant and environmental conditions.
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Fig. 12 a) Schematic of a cutting process (after [13]), b) shows the main tool wear mechanisms as a
function of the cutting speed (after [79]). The orange dotted line indicates the beginning
deformation of the tool edge.

4.2. Wear mechanisms relevant for cutting

The load imposed on the cutting tool during application inevitably
determines its lifetime. The main wear mechanisms can be identified as follows

[13,77,80]:

Adhesive wear occurs at asperity junctions when tool and chip get locally
welded at low cutting speeds. The junctions are immediately destroyed by the acting
shear force, which results in material loss. Three forms of abrasive wear can occur
when hard particles are introduced to the tool surface, i.e., microploughing,
microchipping and microcracking. Abrasive wear has solely mechanical reasons; hard
particles remove softer parts of the tool surface. The origin of the particles can be
versatile, e.g. a hard phase of the workpiece material (carbides or oxides), or particles
released from the build-up edge formed at the rake face. Tribochemical wear
frequently appears during machining of metals due to the increased temperature,
which enables diffusion wear, ozidative wear and solution wear. Delamination
wear is a result of crack formation under the surface, which are induced by cyclic
plastic deformation of the surface. With ongoing loading, the cracks start to

propagate, leading to fatigue and delamination of coating fragments.

Fig. 13 summarizes the origins of typical wear forms occurring for a cutting insert

during machining. Flank wear is formed on the flank face, where the cutting edge
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gets into contact with the newly formed surface of the workpiece (see Fig. 13a). At
the outer edge of the cut, the formation of a groove or notch can occur, as shown in
Fig. 13b. Additionally to the cutting speed, tool lifetime and material combination,
the formation of flank wear and notches is also connected to the clearance angle,
which is located between the flank face and the new surface [77]. Crater wear occurs
at the rake face of the cutting insert. The formation of built-up edges stemming from
welded workpiece particles (adhesive wear) on the cutting edge is also unfavored.
When the built-up material exceeds a certain volume, it gets ripped down, taking

tool particles away [77].

b)
GROOVESIN —— —
RELIEF FACE
CRATER WEAR CRATER WEAR
BUILT-UP
> FLANKWEAR _ — |
g GROOVE AT OUTER
FLANK WEAR EDGE OF CUT
—_—

WORKPIECE

Fig. 13 a) Formation of wear forms on a cutting insert during machining, b) typical wear form on the
different surfaces of a cutting insert [13].

In order to evaluate the performance of cutting tools, it is common to
conduct cutting tests like milling, turning or drilling. The lifetime criteria is often set
as a specific flank wear height. Kathrein et al. [71] reported on the wear resistance
of multilayer TiAIN/TiAIMN with M=(Ta, V, B) as well as single layer quaternary
TiAIMN hard coatings, deposited by cathodic arc evaporation. They found an
increased milling lifetime for the single layer TiAIMN compared to the ternary
Tii<ALN coatings, and also higher lifetimes for the tools coated with multilayer
coatings. The increased lattice strain level induced by multilayering was associated
to an increased hardness, and therefore to reduced wear. In publication I of this
thesis, the milling lifetime of Ti,. ALN coatings as a function of the Al content x and
the bias voltage was investigated. In analogy to the coatings’ hardness, the milling

lifetime increased with increasing Al content. Exceeding the solubility limit of AIN
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in fce TiN results in a hardness drop, i.e., for x>0.5, while the cutting performance
is at a high level up to x=0.6. Above that limit it drops drastically. Fig. 14 shows
pictures of Ti1AlN coated cemented carbide cutting inserts after turning tests with
100 defined cuts. Fig. 14a depicts a TigssAlosN coating, yielding less wear than
Tig35Al0.65N, as shown in Fig. 14b. The more pronounced crater wear of TigssAlyeN

can be explained by the increased wurtzite fraction due to the higher Al content of

Tio35Al065N, leading to more pronounced softening due to thermally induced diffusion.

Fig. 14 Effect of increasing Al content on the turning performance of Tii.AlLN coatings after face
turning of an X5CrNi18-10 stainless steel for a turning time of 4.68 min a) Tios3Aln;2N shows
less crater wear than b) the coating containing the higher Al content, i.e., TipssAlnosN (provided
by Markus Pohler/Ceratizit).

It is challenging to compare the coatings by performing cutting tests of the
coated tools, and to maintain uniform and reproducible cutting conditions, since
many variable parameters are involved; moreover, these tests are considerably time-
consuming. Therefore it is common to link results like wear resistance and tool
lifetime to tribological properties of the coatings, i.e., friction coefficient and wear
rate. The testing of tribological properties of coatings can be performed using
simplified conditions reduced to few controllable parameters like temperature,
moisture and normal load. Hence, it is a common procedure to extrapolate from e.g.

ball-on-disk tests to the cutting performance of coatings.
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5. SUMMARY AND OUTLOOK

In the present thesis, main focus was laid on an experimental study of
TiiwyAlTay;N hard coatings, where the effect of varying the Al content, the Ta
content as well as deposition conditions on microstructure and properties was
investigated. In the following, the thorough study performed on Tii.,AliTa,N
coatings leading to the publications inherent to this thesis is summarized with respect

to the three main questions mentioned in the introduction of the thesis:

<> In the first part of the present study, the main focus was laid on the
investigation of different bias voltages applied during growth of Tii ALN coatings.
The deposition with a higher bias voltage applied to the substrate leads to increased
energy of the impinging ions, triggering the generation of new nucleation sites, hence
results in formation of more fine-grained coatings. The high bias voltage widens the
solubility limit of Ti;<AlN up to higher Al contents, and therefore enables enhanced
properties: for high Al contents, the observed lower wurtzite phase fraction leads to
increased hardness due to solid solution hardening, while for coatings with a low Al
content the increased stress level and the low grain size result in enhanced mechanical
and room temperature tribological properties. However, at elevated temperature, the
diffusion-driven processes like spinodal decomposition and wurtzite phase formation
are enabled considerably faster due to the lower grain size (see publication I).

<> The diffusion-driven processes can be shifted towards higher temperatures
when a considerable stress level within the coating is present, as it is evidenced by
the addition of Ta to Ti. ALN at constant Al/Ti atomic ratios. Moreover, the

resulting lower Al content stabilizes the fec-TiyALTa,N solid solution and
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consequently increases the thermal stability. Considerably higher hardness values
compared to Tii<ALN coatings up to temperatures of 1000 °C were observed (see
publication II). However, no unambiguous evidence for age hardening is detectable
for Ta contents y>0.08, which is a possible effect of the formation of an additional

Ta,N phase at high Ta contents.

<> During thermal annealing in ambient air, the Ta atoms densify the formed
porous TiOs-rich layer, which results in hindered further transport of oxidative agents
through the oxide scale. Tribological investigations in ambient air yield a decrease of
friction with increasing Ta content, caused by the tribochemical formation of
substoichiometric oxides, acting as solid lubricants. Therefore, an increasing Ta
content y in Tii Al Ta,N results in enhanced oxidation resistance and increases the
tool lifetime; however, at Ta contents of y20.17, a disproportional thick oxide layer
develops, which causes again higher friction. The investigation of the different oxide
scales (as reported in publication III) contributes fundamentally to our knowledge of

the competing processes of oxidation and wear at elevated temperatures.

In summary, the addition of Ta is beneficial up to y~0.08 in Tii.. Al Ta,N
hard coatings; however, even very small amounts (i.e., y~0.01) yield significant

improvements of thermal stability and oxidation resistance.

Future research topics can rely on the further variation of the deposition
conditions, especially the investigation of different bias voltages on the growth of Ta
containing coatings. An increase of the Al and Ta content in combination with
increased bias voltage could further widen the solubility limit of AIN in fcc-
Tii«yAlLTa;N, and lead to enhanced properties at elevated temperatures. Another
possible approach is the combination of the advantages of a low bias voltage (i.e.,
the low stress level) with the increased hardness of a coating grown at high bias
voltage; different bias modulated zones within one coating can hold attractive
property combinations. Another possible research topic relies on the development
and investigation of TiL.,AliTa,N coatings with a microstructure tailored to

withstand the respective wear form occurring during the respective cutting test, for
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example compositionally, microstructurally and /or stress modulated multilayers with
enhanced thermal stability and fracture toughness, which could lead to peak

performances for severe applications.
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1. Introduction

Outstanding cutting performance and extended service lifetime of cutting
tools are required to fulfill industrial demands. Ti; ALN hard coatings are widely
applied to meet these requirements; therefore, they are in the focus of many
investigations [1-32]. There are several advantages of the Ti<ALN coating system
over binary TiN coatings, like enhanced mechanical properties [1-4] and the
formation of a protective Al,O; layer at elevated temperatures, which results in an
enhanced oxidation resistance [5,6]. Using physical vapor deposition, the synthesis of
metastable single-phase face-centered cubic (fcc) Tii<ALN is possible up to Al
contents of x~0.67 by substituting the Ti by Al atoms in the fce-TiN lattice. The
maximum hardness for fce-Ti1ALN was found at x~0.5-0.6 [1,2,7]. However, if the
Al content exceeds the solubility limit, the wurtzite structure is formed, resulting in
a deterioration of the mechanical properties when a significant fraction of wurtzite is
present [1-4,8]. At elevated temperatures, the metastable fcc-TiiALN phase
undergoes spinodal decomposition into fce-AIN and fee-TiN, which leads to a further
increase of the hardness due to age hardening [3,4,9,10]. Increasing the temperature
above ~900 °C causes a transformation of the metastable fcc-AIN into the stable
wurtzite phase, which results in a hardness drop [3,9]. In addition to the Al content,
also the deposition parameters, in particular the bias voltage, have a considerable
influence on the microstructure and thus, also on the phase composition and
decomposition kinetics of TiiALN coatings at elevated temperatures [2,11,12].
According to Wiistefeld et al. [2], the appearance of wurtzite phase fractions in arc
evaporated TiiALN coatings can be shifted to higher Al contents by increasing the
negative bias voltage. In another work [11], they showed that a higher bias voltage
promotes the onset of the formation of the wurtzite phase during annealing. Within
these investigations [2,11], Wiistefeld et al. concentrated on the microstructural
evolution of Tii<ALN coatings with varying Al contents grown at different bias

voltages.

The aim of the present work is to establish a relationship between the

microstructure and thermal stability of Ti;AlLN coatings grown with different Al
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contents and bias voltages, and their tribological and application behavior. Thus,
Ti<AlLN coatings were deposited by cathodic arc evaporation using four different
target compositions and two different bias voltages. The elemental composition and
microstructure were examined using energy dispersive X-ray spectroscopy (EDX)
and X-ray diffraction (XRD), respectively. Nanoindentation was used for the
determination of the mechanical properties. In order to study the tribological
properties, ball-on-disk tests were performed and in addition cutting tests were done.

The thermal stability was investigated using differential scanning calorimetry (DSC).

2. Experimental Methods

Utilizing an industrial scale Oerlikon Balzers Innova cathodic arc
evaporation system, eight coatings were deposited from powder metallurgical TiAl
targets with four different compositions and using two different bias voltages Vg
(-40 and -100 V), following procedures described in more detail in earlier papers [13-
16]. Hereinafter, we will refer to coatings of the series ‘Vg=-40V’' and
‘Vg = -100 V. Targets with Ti/Al atomic ratios of 60/40, 50/50, 40/60 and 33/67,
respectively, were used. The coatings were grown in a pure N; atmosphere on polished
cemented carbide (CC) disks (& 30 mm x 4 mm), CC cutting inserts in SNUN
120312EN-, SEKW 1204AFSN-, and XDKT 11T308SR-F50-geometry (according to
ISO 1832), and a low alloy steel foil. The composition of the CC SNUN was 92 wt%
tungsten carbide, 6 wt% cobalt and 2 wt% mixed carbides, while the CC discs consist
of 77 wt% tungsten carbide, 11 wt% cobalt and 12 wt% mixed carbides. 2-fold
rotation was applied for coating the disks and steel foil, while all other substrates
were mounted on a substrate holder to undergo 3-fold rotation. The deposition time
was adjusted to reach a thickness of 5+1 pm for all coatings. Prior to deposition, the

substrates were sputter-etched in a pure Ar plasma.

The coating thickness was determined for all coatings on the SNUN
substrates by means of the ball cratering technique using a CSM Instruments
CaloWear device. The elemental composition of the coatings was measured by EDX

using an Oxford Instruments INCA extension in a Zeiss EVO50 scanning electron
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microscope (SEM) and built-in sensitivity factors for quantification. The SEM was
also used for surface examination of the coated SNUN samples. The microstructure
of the as deposited coatings grown on SNUN substrates was investigated using XRD
in gracing incidence geometry (incidence angle 2°) utilizing Cu Ka radiation with
A = 0.154 nm in a Bruker-AXS D8 Advance diffractometer, equipped with a Sol-X-
Detector. For the determination of the coating hardness, a UMIS (Ultra Micro
Indentation System) nanoindenter from Fischer-Cripps Laboratories equipped with
a Berkovich tip was applied. As the coatings exhibited typically for arc evaporated
coatings a quite rough surface [17], the samples were diamond polished prior to the
hardness measurements. Plateau tests with an applied force decreasing from 30 to 10
mN in steps of 0.5 mN were performed to determine reliable hardness values without
significant contribution of the softer substrate and the indentation size effect [18,19].
To obtain information about the tribological properties, the coated disks were tested
in ambient air (humidity 334+2%) at room temperature (RT) and at 700 °C using a
CSM Instruments ball-on-disk tribometer. Al,O3; balls with a diameter of 6 mm were
used as counterparts. A normal load of 5 N and a sliding speed of 10 cm/s were
applied and the sliding distance was set to 300 m. Utilizing an optical white light
interferometer (Veeco Wyko NT1000), the abraded coating volume was determined
to calculate the wear rate of the respective coatings. In addition, two different milling
tests were performed: face milling, using SEKW cutting inserts, and shoulder milling,
using XDKT cutting inserts. Both application tests were carried out in dry condition.
As workpiece material, a low carbon streel (SP300, a Superplast® 300® prehardened
plastic mold steel from INDUSTEEL) was used. In case of the shoulder milling test,
a working angle of 90°, a cutting speed (v.) of 100 m/min, and a feed rate per tooth
(f,) of 0.15 mm/rot were used, while in face milling the following conditions were
applied: working angle = 45°, v, = 250 m/min, f, = 0.25 mm/rot. The end of lifetime

for both tests was defined at a flank wear of 0.3 mm, or fracture.

In order to investigate the thermal stability, DSC measurements of the
powdered coatings were performed utilizing a Setaram Labsys Evo 2400 DSC. The

powder was obtained by chemically dissolving the steel foil substrates in 13% nitric
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acid, and subsequent grinding. During the DSC measurements, the chamber was
purged with Ar. A heating rate of 23 K/min was applied, and the cooling rate was
set to 20 K/min. With the obtained DSC signals, temperatures for annealing
treatments were selected in order to investigate the main partial reactions. The
annealing treatments were performed in a high vacuum furnace (HTM Reetz, base
pressure <5X10* Pa), with a heating rate of 20 K/min, a holding time of 15 min and
a system dependent cooling rate. Subsequently, the powders were investigated using

the same Bruker-AXS D8 Advance diffractometer as above in ©-20 geometry.

3. Results

3.1. As deposited coatings

Fig. 1 shows the elemental composition of the coatings measured by EDX
as a function of the target composition. The Al/(Al+Ti) atomic ratio in the coatings
deposited with Vg = -40 V is slightly (~4%) lower than in the respective targets,
while in the coatings grown at Vg = -100 V the Al/(Al+Ti) content is marginally
(~1%) higher than in the respective targets. All coatings contain 50+2 at% nitrogen.

target Ti/Al
60/40 50/50 40/60 33/67
1

®

0.70

g0l —B— V=40V o e
§ 0.554 /
goso] g
*g 0.454 /
© 0404 ©
ilm
0.35-1—

I )
0.4 0.5 0.6 0.67
target Al/(Al+Ti)

Fig. 1 Elemental composition of the Tii.Al.N coatings as a function of the Al content.

The XRD patterns of the as deposited coatings grown at Vg = -40 V and
Vi = -100 V are presented in Figs. 2a and b, respectively, from bottom to top with
increasing Al content. The standard peak positions for fce-TiN (ICDD 00-038-1420)
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and fcc-AIN (ICDD 00-025-1495) as well as wurtzite AIN (ICDD 01-076-0702) are
added as dashed lines. A single-phase fce-Tii<AlN solid solution can be observed for
the coatings with Al/(Al+Ti) < 0.5, irrespective of Vi. At higher Al contents (target
composition Ti/Al 40/60 and 33/67), the coatings show a dual-phase structure,
where the wurtzite phase fractions are more pronounced for those deposited with the
lower bias voltage (Fig. 2a). Wiistefeld et al. [2]also observed wurtzite phase fractions
already at lower Al contents for coatings deposited at a lower bias voltage (i.e.

below -40 V) than for coatings grown at higher bias voltage (i.e. above -80 V).

In addition, the peaks of the coatings deposited at Vg =-100 V are
significantly broader, indicating a lower crystallite size due to the higher kinetic
energy of the impinging ions [20] and/or higher microstrain as a result of the higher
bias voltage [21,22].

H TN ® cAN & wAN * substrate B TN @ cAN A wAN * substrate

a) 77,y R0, Ry P b) 1) 2y, Ry Py

log intensity

log intensity
E
§ 3

20 ' 3'0 4'0 5'0 6l0 7'0 ' 8|0 90 2'0 3'0 4'0
diffraction angle 2 6 [°] diffraction angle 2 6 [°]

Fig. 2 X-ray diffractograms of the Tir.AlLN coatings grown at a) VB = -40 V and at b) VB = -100 V.

Compared to the coatings deposited at the lower bias voltage Fig. 2a), the
peaks observed for the coatings grown at the higher bias voltage (Fig. 2b) are slightly
shifted to lower diffraction angles. This is in good agreement with literature [12,23]

and indicates compressive residual stresses.

The hardness of the Tii AN coatings as a function of the Al content is
shown in Fig. 3 for both bias series. The coatings grown at Vi = -100 V show a

significantly higher hardness than those grown at Vg = -40 V. The maximum
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hardness with ~34 GPa was determined for the coatings deposited from the targets
with the Ti/Al-ratios of 60/40 and 50/50. The significant hardness increase
associated with the higher bias voltage can be attributed to the smaller crystallite
size and higher defect density, which is a result of the more intense ion bombardment
[24,25]. With increasing Al content, the hardness decreases for both bias series, which
can be related to increasing wurtzite phase fractions (Figs. 2a and b). This trend

correlates well with previous investigations on arc evaporated [2] and also sputtered

[26] Ti1ALN films.

target Ti/Al
60/40  50/50  40/60 33/67
36 —
'a' ] __§
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(M 32 — \
-
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£ _m-v, =40V
1 —-o-v,=-100Vv
20 I I I 1 1 1
0.35 0.40 0.45 0.50 0.55 0.60 0.65 0.70
coating Al/(Ti+Al)

Fig. 8 Hardness of the Tir.ALN coatings as a function of the Al content.

For the determination of friction coefficient and wear rate, ball-on-disk tests
were performed at RT and at 700 °C. The friction coefficients determined at RT and
700 °C for the coating series deposited at Vg = -40 V and Vi = -100 V are shown in
Fig.4a and b. Independent from the bias voltage, the friction coefficient of the
coatings tested at RT is not significantly affected by the Al content, except for the

highest Al-containing coatings, which show a significantly lower friction coefficient.

The friction coefficients of the coatings deposited at Vg = -100 V (Fig. 4b)
are slightly higher than those of the coatings grown at Vg = -40 V (Fig. 4a). This
can be related to both their higher hardness (Fig. 3), making velocity accommodation
in the sliding contact more difficult [27], and the higher droplet density observed by
SEM for the coatings deposited at Vg = -100 V due to the reduced growth rate. At
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700 °C, the friction coefficient is considerably lower than at RT, most probably
stemming from the formation of a protective Al,Os-rich top layer [6,26]. The decrease
of the friction coefficient with increasing Al content (Fig. 4a) is also an indication
for this Al,Os-rich top layer. However, at 700°C the lowest friction coefficient is
observed for the coatings with the lowest Al content, where the fraction of the softer

rutile TiO, phase in the oxide scale becomes more important [13,28].

target Ti/Al target Ti/Al
60/40 50/50 40/60 33/67 "~ 60/40 50/50 40/60 33/67
— ) a) ‘
€ 0.9- § c 0.9-
(O] (]
L 2
Sos| B— o \ & 0.8
807] 8071
o =] © ¥ \\L/
o 0.6 l R S 061
‘_05- —m-RT £ 0.5 o RT
—A—700°C 1 _A—700°C
0.4 0.4 — =
0.35 0.40 0.45 0.50 0.55 0.60 0.65 0.70  0.35 0.40 0.45 0.50 0.55 0.60 0.65 0.70
coating Al/(Ti+Al) coating Al/(Ti+Al)

Fig. 4 Friction coefficient of the Tii.ALN coatings grown at a) VB = -40 V, and b) VB = -100 V as
a function of the Al content.

In Figs. 5a and b, the wear rates determined after ball-on-disk tests at RT
and 700 °C of the coatings grown at Vg = -40 V and Vi = -100 V, respectively, as a
function of the Al content are presented. The coatings with the single-phase
fee-structure (target composition 60/40 and 50/50 for both bias voltages) show the
lowest wear rates at RT. With increasing Al content and the existence of a dual-phase
structure, the wear rate increases. This increase is even more pronounced for the

coatings deposited at Vg = -100 V (Fig. 5b).

The wear rates of both bias series correlate in general well with the hardness
measurements, being in good agreement with the notion of abrasion as the
dominating wear mechanism at RT [29]. This is most pronounced for the highest Al
containing coating at Vg = -100 V, where the observed higher droplet density results

in rapid wear of the less hard dual-phase coating [17].
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Fig.

5 Wear rate of the TiiwALN coatings grown at a) VB = -40 V, and b) VB = -100 V as a function
of the Al content.

At 700 °C, the lowest wear rate is detected for the coatings grown using the
target composition Ti/Al 40/60. With the further increase of the Al content, the

wear increases due to lower hardness caused by an increasing wurtzite phase fraction.

The application behavior of the coatings was investigated in two different
milling tests, where the cutting inserts in SEKW geometry were used for face milling
(Fig. 6a) and the inserts in XDKT geometry were used for shoulder milling (Fig. 6b).
The milling lifetime increases with rising Al content in the coatings, irrespective of
the appearance of a small fraction of the wurtzite phase. For both coating series and
both milling tests, the maximum lifetime is reached for the coatings deposited with
the Ti/Al 40/60 target. Further increasing of the Al content results in a decrease of
the milling lifetime for the coatings Vg = -40 V for both milling tests, while the
milling lifetime of coatings deposited with Vg = -100 V remains high. In general, the
same trends can be observed in both milling tests, but in shoulder milling

considerably longer lifetimes are reached (Fig. 6b).
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Fig. 6 Milling lifetime of TiiALN coated cemented carbide cutting inserts as a function of the Al

content in a) face milling and b) shoulder milling.

3.2. Thermal stability

To illuminate the thermal stability of the coatings, the DSC signal versus
temperatures for two representative coatings (Ti/Al 60/40 and 33/67, both deposited
at Vg = -100 V) is shown in Fig. 7, enabling the identification of temperatures where
microstructural changes occur. DSC signals stemming from Ti; ALN coatings up to

temperatures of ~750 °C originate from recovery and recrystallization processes [9)].
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Fig. 7 DSC signal versus temperature obtained for TiiAlLN coatings deposited with target compositions
of Ti/Al = 60/40 and 33/67 at VB = -100 V. The selected temperatures for the annealing

treatments are marked by dashed lines.

For temperatures exceeding 750-800 °C, three exothermic contributions
occur, corresponding to formation of fcc-AIN and fce-TiN domains (both in the

temperature range 850-950 °C in Fig. 7) and the transformation of fcc-AIN to
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wurtzite (above 1050 °C in Fig. 7). These two peaks are shifted to slightly higher
temperatures for the higher Al containing coating. For further investigation of the
occurring microstructural changes related to these peaks, additional annealing
treatments in a vacuum furnace and subsequent XRD measurements were performed.
Three different annealing temperatures were chosen for each coating in order to
illuminate the main microstructural changes taking place: 980, 1230 and 1500 °C for
the coatings deposited with the targets Ti/Al 60/40 and 50/50 and 980, 1300 and
1500 °C for the coatings with higher Al contents.

The X-ray diffractograms of the as deposited and annealed coating powders
with the lowest Al content (target composition Ti/Al 60/40), grown at Vg = -40 V
and Vg = -100 V, are shown in Fig. 8a and b, respectively. In the as deposited state,
both coatings consist of a single-phase fce-Tii-ALN structure. After annealing at
980 °C, a peak broadening can be observed. Further, the peaks are slightly shifted
to lower diffraction angles and thus towards the standard peak position of fce-TiN,
while a shoulder on their right hand side appears (best visible for the (200) peak),

indicating the onset of spinodal decomposition [9,30].
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Fig. 8 X-ray diffractograms of annealed Tii.ALN coatings deposited with a target composition of Ti/Al
=60/40 and a) VB = -40 V, and b) VB = -100 V.

For the coating grown at Vp=-40 (Fig. 8a), the wurtzite peak at a

diffraction angle of ~33° is barely noticeable after annealing at 980 °C, whereas for
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the coating deposited at Vg = -100 V Fig. 8b) it is already much more pronounced.
This might be attributed to the higher amount of nucleation sites due to the finer
grained structure [12]. With temperature increasing to 1230 °C, the wurtzite peak at
33° is for both coatings more distinct. At this annealing temperature also wurtzite
peaks at higher diffraction angles (36 and 50°) can be observed. The peaks of the
cubic phases are shifted to the standard peak position of fcc-TiN. However, the peaks
are still asymmetric and broad, which indicates that there is some fcc-AIN left. After
further increasing the annealing temperature to 1500 °C, decomposition is completed,

as evidenced by sharp and symmetric peaks occurring at their standard positions.

Fig. 9 shows the microstructural evolution of the coatings grown with the
Ti/Al 50/50 target. The coatings in the as deposited state clearly show a single-phase
fee-TiALN structure.
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Fig. 9 X-ray diffractograms of annealed Tii.ALN coatings deposited with a target composition of Ti/Al
=50/50 and a) VB = -40 V, and b) VB = -100 V.

After annealing at 980 °C, already pronounced wurtzite peaks appear for
the coating deposited at Vi =-100 V (Fig. 9b), while in the diffractogram of the
coating grown at Vg = -40 V only a small wurtzite peak is visible (at 33° in Fig. 9a).
At that temperature, a significant broadening of the fce-TiiAlN peaks occurs and
shoulders on their right hand side emerge, which are, as already stated, indications

for spinodal decomposition. With another temperature increase to 1230 °C, the peaks
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of the coating deposited at Vg = -40 V are still broad and asymmetric, while the
coating grown at Vg =-100 V shows sharp peaks, indicating an advanced

decomposition. At 1500 °C, the decomposition for both coatings is completed.

The microstructural changes after annealing of the coatings deposited with
the Al/Ti 40/60 target are summarized in Figs. 10a and b. Already in the as
deposited state, the coating grown at Vi = -40 V reveals a small wurtzite peak at

33° (Fig. 10a).
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Fig. 10 X-ray diffractograms of annealed Tii.AlLN coatings deposited with a target composition of Ti/Al
= 40/60 and a) VB = -40 V, and b) VB = -100 V.

For the coating deposited at Vg = -100 V, a wurtzite peak can be detected
as well, but with an even smaller intensity (Fig. 10b). After increasing the
temperature to 980 °C, both diffractograms exhibit very broad and asymmetric
peaks, but still the fcc phase dominates. Spinodal decomposition is more advanced
for the coating deposited at Vg = -100 V, as indicated by the position of the cubic
peaks at lower angles. The temperature increase to 1300 °C leads to a complete
decomposition of both coatings, indicated by the shift of the peaks towards the
standard positions of fcc-TiN and wurtzite AIN. A further increase of the temperature
to 1500 °C leads to peaks which are located at the same positions, but appear sharper,

which is an indication for grain growth [9].
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The changes in microstructure after annealing of the coatings with the
highest Al content (target composition Ti/Al 33/67) are presented in Fig. 11a and
b. Both coatings show a dual-phase structure in the as deposited state, where the
wurtzite phase is more pronounced for the coating deposited with Vg =-40V
(Fig. 11a). After annealing at 980 °C, evidence for decomposition to fce-TiN and
fecc-AlIN is clearly visible for the coating grown at Vg = -40 V (compare (200)-peak
in Fig. 11a).
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Fig. 11 X-ray diffractograms of annealed Tii.AlLN coatings deposited with a target composition of Ti/Al
= 33/67 and a) VB = -40 V, and b) VB = -100 V.

In contrast, the peaks representing cubic phases within the high bias coating
do not show an obvious phase separation yet; however, their observed shift to lower
diffraction angles and the rise of the intensity of the wurtzite peaks provide strong
indications for a more advanced decomposition than for the low bias coating. The
temperature increase to 1300 °C results for both coatings in a completed
decomposition, where the peaks representing the wurtzite phase are more pronounced
for the coating deposited at Vg =-100 V. Annealing of the coatings at 1500 °C

results in sharper peaks compared to 1300 °C, indicating grain growth.
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4. Discussion

Phase evolution in Ti AlKN coatings has been addressed in numerous
papers [1-28]. Thus, in the following we focus on the discussion of the thermal
stability and high temperature properties of arc evaporated Ti1<AlN coatings grown

with different Al contents and bias voltages.

In the as deposited state, the coatings deposited at Vi = -100 V show a
lower grain size, as indicated by peak broadening, and a single-phase cubic structure
stable up to higher Al contents than the coatings grown with Vg = -40 V, which is
in good agreement to Wistefeld et al. [2]. The X-ray diffractograms presented in
Figs. 8b and 11b confirm that the DSC peak between 850 and 950 °C of both coatings
in Fig. 7 stems from spinodal decomposition, which is more pronounced for the
coating deposited with the target Ti/Al 33/67, indicating the higher driving force for
decomposition due to the higher Al content. The peak above 1050 °C stemming from
wurtzite phase formation is more pronounced for the coating deposited with the
target Ti/Al 60/40 compared to the target Ti/Al 33/67. This is related to the lower
amount of wurtzite AIN already existing within the lower Al containing coating (see
Fig. 8b), whereas the coating synthesized with the target Ti/Al 33/67 shows already
a pronounced wurtzite phase fraction at 980 °C resulting in a lower driving force for

phase transformation.

The coatings grown with Vg =-100 V show more pronounced wurtzite
phase fractions than the coatings deposited at Vg = -40 V, which can be explained
by the increased driving force for wurtzite phase formation stemming from the higher
Al content (Fig. 1) [31]. However, the higher bias voltage also leads to a
decomposition finished at lower temperatures, which is evidenced by the increasing
dominance of the TiN peak on its standard position (see the (200) peaks in Fig. 8
and Fig. 9). According to Rachbauer et al. [32], spinodal decomposition is promoted

by smaller grain sizes, providing more diffusion paths via the grain boundaries.

The coherency strains stemming from spinodal decomposition can be

expected to result in a hardness increase with increasing Al content [7,33]. This
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hardness increase is hardly reflected by the wear rate shown in Fig. 5 for the tests
performed at 700 °C. This is most probably related to the early stage of
decomposition at this temperature (Fig. 7 and Fig. 11), resulting in a low fraction of
cubic domains, and the thin and thus not mechanically protecting oxide scales
(according to refs. [34,35], oxide scale thicknesses of a few 10 nm were measured for
similar annealing treatments). In contrast, the longest milling lifetime was obtained
for the coatings deposited with the target Ti/Al 40/60, despite the hardness decrease
due to the appearance of the wurtzite phase. While the milling lifetime for the coating
grown with Vi = -40 V and the highest Al content (target composition Ti/Al 33/67)
deteriorates, it is just slightly decreasing for the coating deposited at Vs = -100 V.
This can be assumed to be due to the dominant wurtzite phase within the coatings
grown with Vg = -40 V, while those deposited at Vg = -100 V consist mostly of a
cubic phase with minor wurtzite phase fractions. The hardly pronounced agreement
between the dependence of the wear rates displayed in Fig. 5 and the milling lifetime
presented in Fig. 6 versus the Al content is most likely related to temperature
differences between the performed tests. While the 700 °C wused for the
ball-on-disk tests correspond to the early stage of both, spinodal decomposition [9]
and oxide scale formation [6], the temperatures at the cutting edge during the dry
milling tests are assumed to be considerably higher [36], giving rise to more

pronounced coherency strains and thicker oxide scales.

In summary, taking into account the evolution of microstructure and
properties of TiALN coatings with varying Al contents at elevated temperatures
investigated within this work, the following strategies (besides excellent adhesion,
low roughness [17], coating thickness and stress state [37] adjusted to the particular
application) could be considered to further increase the cutting performance: () an
Al content as high as possible for a sufficient amount of cubic domains and for
formation of a stable oxide scale, (i) a wurtzite fraction as small as possible to
achieve maximum hardness, and (éi7) a grain size yielding a suitable length of the
diffusion path for spinodal decomposition at the given application temperature to

achieve the most pronounced age hardening.
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5. Conclusions

Cathodic arc evaporated Tii<ALN coatings were deposited using targets
with four different Ti/Al ratios and two bias voltages, and the relationship between
microstructure, mechanical and tribological properties, cutting performance and
thermal stability was investigated. In addition to the cubic Tii.AlKN phase, the as
deposited coatings are characterized by wurtzite phase fractions for high Al contents,
which is more pronounced for the lower bias voltage. The fine grained coatings
deposited at higher bias voltage decompose at lower temperatures as a result of the
lower diffusion lengths, giving rise to superior performance in milling for high Al
contents, despite of a small wurtzite phase fraction. The observed comprehensive
insight to the evolution of microstructure and properties of TiALN coatings enables

to suggest design rules individually applied for the given application.
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1. Introduction

Despite the extensive research on Ti;<AlLN based hard coatings during the
last two decades, there is still room for further improvement of their microstructure
and properties. The benefits of this material system rely on its outstanding hardness
and oxidation resistance at elevated temperature based on spinodal decomposition of
the metastable supersaturated face-centered cubic (fcc-) Ti1.<ALN solid solution and
thus age hardening [1-4] as well as on the formation of dense and thus protecting
oxide scales [5]. However, at temperatures exceeding the onset of spinodal
decomposition, the metastable fcc-AIN transforms to the stable wurtzite (w-) AIN,
resulting in a hardness drop [1,3]. Further, the mechanical properties of Ti..ALN are
considerably influenced by its chemical composition, since the incorporation of Al
into fce-TiN is limited up to x~0.6-0.7. Exceeding this solubility limit results in the
formation of a dual-phase structure, i.e. the fcc-Tii ALN solid solution and the
unfavored w-AIN phase, which is known to deteriorate the mechanical properties
[1,2,6,7]. Earlier papers indicate that alloying of Ta to TiALN shifts the wurtzite
phase formation to higher Al contents [8] as well as to higher temperatures [9].
However, there is a lack of studies on the influence of Ta contents varied
systematically up to high values within the Tii«, Al Ta,N system on the mechanical
properties and thermal stability. Thus, within the present work the influence of an
increasing Ta content up to y=0.231 in Tii«,Al{Ta,N coatings on their mechanical

properties as well as on their thermal stability was investigated.

2. Experimental

The coatings were deposited using cathodic arc evaporation in an industrial
scale Oerlikon Balzers Innova deposition plant. The Ta content of the powder
metallurgically manufactured TiAlTa compound targets was 0, 1, 2.5, 5, 10, and
15 at.-%, respectively, at a constant Ti:Al ratio of 1:1. As substrates, polished
cemented carbide (CC) cutting inserts in SNUN 120312EN geometry (according to
ISO 1832) were used, as well as a low alloy steel foil. The steel foil was mounted onto

the substrate carrousel to undergo 2-fold rotation, while the CC inserts were coated
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using 3-fold rotation. The depositions were performed in pure N, atmosphere
(3.2x10* mbar) at a bias voltage of -70 V and a substrate temperature of 550 °C.

Prior to deposition, the substrates were ion-etched in a pure argon plasma.

The respective coating thickness was determined by the ball cratering
technique utilizing a CSM Instruments CaloWear device to 3.740.2 pm. The
elemental composition of the coatings was measured by energy dispersive X-ray
spectroscopy using an Oxford Instruments INCA extension in a Zeiss EVO50
scanning electron microscope and is shown in table 1 together with the composition
of the respective targets. The microstructure was investigated utilizing a Bruker-
AXS D8 Advance X-ray diffractometer equipped with a Sol-X detector and a Cu-Ka
X-ray source with a wavelength of 0.154 nm. Coatings in the as deposited state on
CC were measured in gracing incidence configuration (angle of incidence: 2 °). A
CSM instruments nanoindenter, equipped with a Berkovich tip, was used to
determine the indentation hardness. 20 indents per sample were made to obtain
reliable values. The loading rate was 60 mN/min, with a maximum load of 30 mN.
Prior to the measurements, the catings were polished with 3 and 1 pm diamond

suspension, to obtain smooth surfaces.

Differential scanning calorimetry (DSC) was applied to determine the
microstructural changes during annealing, utilizing a Setaram Setsys Evo 2400
system. The coating powder used for DSC was produced by chemically dissolving the
coated steel foil in 2M nitric acid. Subsequently, the powder was dried and ground.
During the DSC measurements, the chamber was purged with argon, and a heating
rate of 23 K/min was applied up to 1500 °C. By analyzing the DSC signal,
temperatures for additional annealing treatments were determined, aiming at a
thorough investigation of the partial reactions taking place during thermal ramping.
The annealing treatments were carried out in a high vacuum furnace (HTM Reetz,
base pressure <5X10° mbar) with a heating rate of 20 K/min, a holding time of
15 min and a system depending cooling rate. Prior to and after annealing, the
microstructure of the powder was investigated using the same Bruker-AXS

diffractometer as already mentioned, but in ©-20 mode. The lattice parameter a of
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the measured powders was calculated with a combination of Bragg’s law and the
plane-spacing equation for cubic crystals
a=———/h?+k?+1?
2 sin(0)
where A is the wavelength, 0 is the diffraction angle and (hkl) are the Miller
indices of the respective diffraction peak [10]. In addition, utilizing the same high
vacuum furnace and annealing parameters, a series of heat treatments was done for

coated CC between 700 and 1000 °C with steps of 50 °C. Hardness evolution was

subsequently measured using these samples and the already mentioned nanoindenter.

3. Results and discussion

In table 1 the elemental composition of the coatings and targets is
summarized. All coatings contain 48.34+3.3 at.-% nitrogen. The Ta content in the
coatings is considerably higher than in the respective targets, whereas a significant
fraction of Al atoms is lost during deposition. The huge mass difference between Al,
Ti and Ta and the therefore high possibility of Al for being scattered in the gas phase
is a reasonable explanation for this phenomenon [11]. In addition preferred
resputtering of Al has been reported as another reason to explain the differences
between coating and target composition [11]. In the following, the chemical
composition of the coatings in the form Ti; Al Tay,N will be used to distinguish the

different samples.

Table 1: Elemental composition of the targets and the respective TiroyAl:TayN coatings (in at.-%).

Ti/Al/Ta (target)|  50/50/0 49.5/49.5/1 | 48.7/48.8/2.5 | 47.5/47.5/5 45/45/10 42.5/42.5/15

Ti/Al/Ta (coating| 53.4/46.6/0 | 52.3/46.5/1.2 | 52.1/43.9/4 | 49.7/42.5/7.8 | 46.7/36.8/16.5 | 43/33.9/23.1

Fig. 1a shows the X-ray diffractograms of the as deposited coatings, from
bottom to top with increasing Ta content. The standard peak positions for fce-TiN
(ICDD 00-038-1420), fcc-AIN (ICDD 00-025-1495) as well as fec-TaN (ICDD 00-049-
1283) are added as dashed lines. Additionally, the peaks of the WC phase of the
substrate are visible and marked by asterisks (ICDD 03-065-4539). All coatings show
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a single-phase fcc structure. The diffractogram of the coating without Ta shows that
the fee-Ti ALN peak is located between the standard peak positions of fcc-AIN and
TiN. While the X-ray diffractogram of Tiys23Alo465Ta0.012N hardly shows any differences
to the diffractogram of the Ta-free system, the higher Ta content of Tigs21Alp 39T a0 0N
results in a small shift of the Tii.,Al\Ta;N peak to lower angles, indicating an
increase of the lattice parameter, as already reported by Rachbauer et al [12]. A
further increase of the Ta content to TiprAlpsssTaorsN, Tioss7AlysesTao 1N and
Tio43Alo330Ta0231N leads to a further shift of the peaks of the fcc phase to lower angles.
With increasing Ta content, also a broadening of the peaks can be observed. This
can be attributed to grain refinement, but might also indicate the formation of
fce-TiTaN- and fce-AIN enriched domains as a result of surface initiated spinodal

decomposition already during coating growth [12,13].
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Fig. 1 a) X-ray diffractograms of the Tir.Al:Ta,N coatings. The peaks of the WC phase originate from
the CC substrate. b) Hardness of the as deposited TirwyAl:Ta,N coatings as a function of Ta

content.

With increasing Ta content, a slight increase of the hardness occurs, as
shown in Fig. 1b, starting from 32.5 GPa for TiypsuAlosesN up to 34.4 GPa for
Tio467Alpses Tao16:N. This is in good agreement with the observed grain refinement,

the indication for the onset of spinodal decomposition during deposition and the
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hardness increase observed by Rachbauer et al. for Tii«,AliTa,N coatings grown by

magnetron sputter deposition [8].
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Fig. 2 DSC signal of the TiroyAl: TayN coatings with different Ta contents as a function of temperature.

The three selected temperatures for additional annealing treatments are marked by dashed lines.

Powdered coatings were investigated by DSC to determine microstructural
changes during annealing. The respective DSC signals as a function of temperature
are presented in Fig. 2. For all six Ta contents, the DSC features can be divided into
four sections. The first one below 800 °C (section 1), the second between 800 and
980 °C (section 2), the third between 980 and 1350 °C where the largest exothermic
DSC signal was detected, and section 4, where the coatings with a low Ta content
show an additional small exothermic peak, while for TirAlpsesTao16:N and
TiossAlpssTao231N, an endothermic feature at about 1380 °C is visible. With
increasing Ta content, the position of the peaks in section 2 and 3 are shifted to
higher temperatures, and their intensity decreases, indicating a less pronounced
reaction. To further investigate the partial reactions leading to the respective
features, annealing treatments of the powdered coatings in a vacuum furnace at 800,
980 and 1350 °C were conducted and subsequent X-ray diffraction measurements
were carried out. The results are hereinafter presented together with the

diffractograms received after the DSC run.
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The resulting diffractograms of the coating powders after the annealing
treatments are presented in Figs. 3a-f. In the as deposited state, they are similar for
coatings on the CC substrate and in powder form, both indicating formation of a fcc
phase for all compositions. After annealing the TiysuAlpsesN powder at 800 °C
(Fig. 3a), a slight peak shift towards higher diffraction angles is detectable which
corresponds to section 1 in Fig. 2 and indicates recovery processes with relaxation of
microstrains [14]. Additionally, on both sides of the (200) peak shoulders are visible,
evidencing first signs of spinodal decomposition (i.e. formation of fcc-TiN rich
domains evidenced by a shoulder on the left hand side and a less pronounced shoulder
on the right hand side of the peak indicating fcc-AIN rich domains) [3,8]. An increase
of the annealing temperature to 980 °C leads to a shift of the fce-Ti1. AlN peaks to
lower angles towards the standard peak position of fcc-TiN, while on the right hand
side of the (200) peak the shoulder increases, indicating advanced spinodal
decomposition. Additionally to the Ti;AlKN phase, first w-AIN peaks can be
detected. The DSC features in section 2 can thus be related to spinodal
decomposition and beginning wurtzite phase formation. Further increase of the
annealing temperature to 1350 °C results in pronounced w-AlIN peaks (Fig. 3a), while
the fee-Tii<ALN peak reaches the fce-TiN peak position, indicating that fee-Ti AlN
has completely decomposed and fcc-AIN has transformed to w-AIN. The pronounced
feature in section 3 of the DSC plot can thus be associated with formation of the
wurtzite phase. The further increase of the annealing temperature to 1500 °C (i.e.
after the DSC run) has no influence on the X-ray diffractogram of the Tigs31Alp.466N
powder and consequently no feature was detected in section 4 of the DSC signal. The
X-ray diffractograms of the TipssAlossTacnN and TigsanAlpazeTaouN powders
(Figs. 3b and c) show in the as deposited state a shift of the fec-Ti Al Ta,N peak
towards lower angles, as already discussed in Fig. 1la. After annealing at 800 °C, for
both samples slight shoulders are visible in the diffractograms, which concurs with
the DSC features of the respective powders being shifted to slightly higher
temperatures (section 1 in Fig. 2). After the annealing treatment at 980 °C, the
height of the shoulders on the right hand side of the fcc-Tii« AliTa,N peak decreases
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with increasing Ta content, the fcc-Tii < Al Ta,N peaks shift to lower angles and the
wurtzite peak at ~33 ° is less pronounced than for the Ta-free coating. This is again
in good agreement with the decreasing intensity of the DSC features for these
compositions and their shift to higher temperatures (section 2 in Fig. 2). After
annealing at 1350 °C, the fec-TiiyAliTa,N peaks are shifted to even lower diffraction
angles than the standard peak position of TiN. The intensity of the wurtzite peak of
the TipsnAlyaeTaguN powder compared to the Ta-free powder after annealing at
1350 °C is less pronounced (Figs. 3a and c), and concurs with the DSC signal for
both coatings, which shows a shift of the onset temperature of wurtzite phase
formation to higher values (section 3 in Fig. 2). Spinodal decomposition as well as
wurtzite phase formation are finished for the TigpssAlossTaoeN and
TipsnAlpaseTaouN powders at 1350 °C, as the X-ray diffractograms show no
differences to those of the coatings annealed at 1500 °C. For the Tip497Aly5Ta0.0sN
powder, the increased Ta content leads in the as deposited state to a further shift to
lower angles (Fig. 3d). After annealing at 800 °C, two slight shoulders at both sides
of the fce (200) peak appear. Annealing at 980 °C leads to more pronounced shoulders
and a shift of the fce-Tii Al Ta,N peak to lower angles, which indicates spinodal
decomposition. After annealing at 1350 °C, a peak indicating w-AIN can be observed,
as well as a pronounced peak shift towards lower angles, leaving the fce-peak situated
between fce-TiN and fee-TaN. Additionally, the hexagonal (hex-) Ta,N phase (ICDD
01-089-4764) can be detected, which represents a stable nitride within the Ta-N
system [15-17]. Increasing the annealing temperature to 1500 °C results in narrow
peaks without shoulders, indicating a complete decomposition and phase

transformation of fce-AIN to w-AlIN.
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Fig. 3 Phase evolution with increasing annealing temperatures for the powdered coatings of
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A further increase of the Ta content (TiousrAlosssTaoisN —and
Tioa3AlosseTao2nN in Figs. 3e and f) leads to a further retardation of decomposition
and wurtzite phase formation to higher temperatures, which is in good agreement

with the detected DSC signal for these samples (sections 2 and 3 in Fig. 2). The
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TigasrAlosesTao16sN powder shows small shoulders on both sides of the fec-Tiix
AL TayN peak after annealing at 980 °C, indicating the onset of spinodal
decomposition. After annealing at 1350 °C, the peak shift and the additionally visible
w-AIN peaks point towards a more advanced decomposition. Besides the peak shift
to lower angles after annealing at 980 °C, no evidence of decomposition is visible up
to an annealing temperature of 1350 °C for the Tip43AlpssTagsN powder. At this
temperature, w-AIN is evident and thus the loss of AIN in the fcc-Tijw Al Ta;N
matrix results in a further peak shift towards lower diffraction angles. At1500 °C,
fce-AIN has completely transformed to w-AIN, and the fec-Tiiw,AlTa,N peak is
located between the standard peak positions of TaN and TiN. For Tipis7AlysesTao165N
and TipasAlpseTag2sN the metastable fee-TiiwyAliTayN solid solution seems mostly
to be supersaturated by Ta at the synthesis condition used, since hex-Ta,N
precipitates seem already to be present in the as deposited state (i.e. the increased
noise at 38.8 °). Since the formation of hex-Ta,N is accompanied by a No-release, the
reaction in the DSC plot in Fig. 2 appears as an endothermic feature [18]. The
superimposition of this endothermic feature with the exothermic peak stemming from
the w-AIN phase formation should not be misleadingly identified as a shift of the
wurtzite formation to lower temperatures (section 3 in Fig. 2). A second endothermic
feature for the Tipss7AlosesTao 165N and Tigs3Aloss0Ta09231N powders can be observed at
~1375 °C (section 4 in Fig. 2), which is in good agreement with the decrease of the
hex-Ta,N peak after annealing at 1500 °C, indicating further N, release. The out-of-
plane lattice parameters of the powdered samples determined from the (200) peak
position are summarized in Fig. 4, evidencing the increasing lattice parameter with
increasing Ta content of the as deposited coatings. After annealing at 800 °C, the
lattice parameters are slightly decreased due to recovery. The retarded spinodal
decomposition is evidenced by the less steep increase of the lattice parameter for

those coatings with y=0.078.
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In Figs. 5 the hardness of the Tii,AlyTa,N coatings as a function of the
annealing temperature are presented. The Tii . ALN coating shows a hardness
increase from 32.5 in the as deposited state to 34 GPa at 700 °C caused by spinodal
decomposition (Fig. 5a) [3,8]. For T>700 °C the hardness is slightly reduced; at
T>850 °C it drops drastically due to the onset of w-AIN formation. The
Tio.523Al0465 Tao.012N coating shows the highest hardness value of 34 GPa at 750 °C; a
further temperature increase up to 850 °C leads to a slight hardness reduction
followed by a significant drop at even higher temperatures. An increase of the Ta
content to TiypsnAlozeTaoeN, results in a slight hardness increase with temperature
rising up to 800 °C, and a constant decrease for higher temperatures, until the
minimum hardness of ~30 GPa is reached at 1000 °C. For the Ti97Ala2sTagorsN
coating (Fig. 5b) no specific hardness maximum can be detected, i.e. from the as
deposited state up to 900 °C the hardness values are rather constant between 33 and
34.2 GPa; they slightly decrease for T>950 °C to a minimum value of 32.7 GPa.
With a further increase of the Ta content to Ti7AlosesTa0165N, the high hardness is

maintained up to higher temperatures, yielding a hardness of 34 GPa even after
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annealing at 950 °C. The coating containing the highest Ta content, i.e.
Tioa3Alos30Tag231N, does also not show a distinct hardness maximum but reaches with

a value of 32.2 GPa the highest hardness at 1000 °C of all coatings.
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Fig. 5 Hardness of the Tir.yAlzTayN coatings with a) a low Ta content and b) a high Ta content after

annealing in vacuum.

Our findings demonstrate that diffusion-governed processes like spinodal
decomposition and wurtzite phase formation of TiAIN based coatings can be tailored

by incorporation of Ta. The retardation of these processes by even low amounts of
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Ta is explained by two mechanisms, i.e. the additional residual stress stemming from
incorporation of large Ta atoms within the Ti ALN solid solution hinders diffusion
and the lower driving force for decomposition as a result of the reduced mixing
enthalpy stabilizes the metastable Tii.,Al,Ta,N solid solution [19]. The latter arises
from the reduced Al content and the therefore decreased stored energy, evidenced by
the intensity decrease of the DSC signal [11]. The X-ray diffractograms after
annealing also confirm the shift of the onset of spinodal decomposition as well as

wurtzite phase formation with increasing Ta content to higher temperatures.

Various researchers observed the sub-stoichiometric hex-TasN phase in their
as deposited TaN coatings by varying the N, partial pressure [15,17,20,21]. Hex-Ta,N
was also detected after annealing of TaN coatings in an atmosphere without N,
supersaturation [22-24] as well as of Al Ta,N coatings [18] and of high Ta containing
Tii, Al TayN coatings [9,11]. While in most reports, the hex-Ta,N phase is formed
in ternary or quaternary systems after annealing treatments above 1000 °C [9,11,18],
it exists in the present Tip7AlosesTao165N and TigasAlgsseTags1N coatings already in
the as deposited state. This might be attributed to differences in the synthesis
conditions, where the higher bias voltage of -70 V applied in the present study leads
to a considerably finer grained structure [14] compared to other reports (e.g. a bias
voltage of -40 V was used in [9,18]), which promotes diffusion-driven phase formation

[25] and thus results in the early formation of the hex-Ta,N phase.

The coatings containing a low Ta content (i.e., Tips34Aloa66N,
Tios23Al0.465Ta0.012N and Tigs21AlpasTaeeN) show age hardening effects originating
from coherency strains due to spinodal decomposition; their hardness maximum is —
similar to their onset temperature of spinodal decomposition — shifted to higher
temperatures with increasing Ta content. However, for those coatings exceeding a
certain  Ta  content  (i.e.  TigarAloassTaoersN,  TigusrAlosssTaoissN  and
Tips3Alps3Ta0251N) no obvious evidence for a hardness increase is present. The
softening due to recovery and grain growth [26] is obviously balanced by age
hardening, yielding stable hardness values up to 950-1000 °C. This is in contradiction
to the hardness reported by Koller et al [9], who observed for TipusAlpssTao 10N
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coatings a hardness increase of ~5 GPa after annealing at 1000 °C and thus
pronounced age hardening. Microstructural analysis showed no hex-Ta,N phase in
their coatings. The influence of hex-Ta;N on the mechanical properties of Tiix
yAl{TayN has not been investigated yet; however, it potentially hampers the favored

age hardening.

4. Conclusion

The present work highlights the influence of varying Ta contents on the
mechanical properties and thermal stability of Tii.,AliTa,N coatings. An increasing
Ta content enhances the thermal stability of the fee-Tii«,AliTayN solid solution by
shifting the spinodal decomposition to higher temperatures, thus maintaining a high

coating hardness up to 1000 °C.
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1. Introduction

Although hard, protective coatings have been the focus of worldwide
research for several decades, there is still the challenge to meet the demands of future
cutting applications. The incorporation of a fourth element into ternary coating
material systems to further enhance their properties is a common procedure in order
to improve the cutting performance or to widen the spectra of possible applications.
Higher throughput and the therefore increasing temperatures at the cutting edge
result in further demands for improvement of thermal stability as well as oxidation
resistance of hard coatings. For severe applications, coatings within the Ti; ALN
system show a beneficial evolution of mechanical properties due to microstructural
changes at elevated temperatures. Spinodal decomposition of the metastable face-
centered cubic (fcc) Ti<ALN solid solution leads to formation of fecc-AIN and fee-
TiN domains, and the emerging coherency strains result in a hardness increase at
temperatures in the range of 700 to 1000 °C (age hardening) [1-3]. However,
exceeding this temperature, the metastable fcc-AIN transforms into its stable
wurtzite form (w-AIN), which is unfavored due to its inferior mechanical properties
[2,3]. An additional w-AIN phase is also formed in Ti; ALN when x exceeds the
solubility limit of ~0.67, resulting in a dual-phase structure consisting of fce-Ti1 ALN
and w-AIN. At even higher Al contents, coatings with a single w-Ti;(AlN phase are
formed [1,2,4,5]. Despite the hardness increase due to spinodal decomposition of fcc-
Tii<ALN, the limited oxidation resistance obstructs the practicability of this coating

system at elevated temperatures, eventually providing the decisive factor for failure.

During oxidation up to ~750 °C, the inward diffusion of oxygen and the
formation of a single Ti/Al based oxide layer is the main ongoing reaction; however
above 750 °C, inward diffusion of oxygen and outward diffusion of Al atoms happen
simultaneously, and an outermost, dense AlOs-rich layer and underneath a porous
TiOyrich scale develop [6-8]. TiO, exists in two forms, i.e., anatase (a) TiO, and
rutile (r) TiO,. The transformation temperature for bulk a-TiO; to 1-TiO; was found
to be at 915 °C [9], while for coatings and powders the metastable a-TiO, can
transform between 400-1000 °C to the stable r-TiO,, depending on purity, synthesis
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and environmental conditions [10,11]. The monotropic transformation is
accompanied by a density increase [12], resulting in stress generation due to the
difference in volume and in the formation of pores at the nitride-oxide interface. This
deteriorates the adhesion of the oxide layer [6,11], where the direct formation of the
r-TiO; layer without prior formation of a-TiO, is beneficial for TiALN coatings. In
addition, the substoichiometric form of TiO, (the so-called Magnéli phase series
TiyO2n1 with 3<n<10 [13]) reduces friction and hence less heat is generated at the

cutting edge, which is a crucial factor for tool lifetime and performance.

The advantageous effect of alloying additional elements to Ti.ALN was
intensively studied by numerous authors [14-18]. In particular, addition of Ta to Ti.
ALN proved to be beneficial in terms of enhancing thermal stability [19-22] and
oxidation resistance [7,12,21,23,24]. Ta stabilizes the fcc-Tii. Al Ta,N solid solution
up to slightly higher Al contents [19] and retards spinodal decomposition as well as
w-AIN formation to higher temperatures [22]. The oxidation resistance is affected by
Ta addition in different ways: (I) since the cubic to wurtzite transformation is shifted
to higher temperatures, the resulting volume change [25,26] and therefore stress and
crack formation is also postponed; thus, diffusion of oxygen through the fcc lattice is
reduced; (IT) the a-TiO, phase formation is suppressed by Ta incorporation, and the
transition of a-TiO, to r-TiO., which is accompanied by a volume change, is hindered
[12]; (III) Ta’ (as formed in Ta;0s) represents a higher ionization state than Ti*"
(as formed in TiO,) and thus reduces the number of oxygen vacancies in the rutile
layer more efficiently, which leads to a decreased oxidation of the remaining

TirwALTaN layer [7,23,27].

Although several papers have been published on the benefits of Ta addition
to Ti1<ALN hard coatings, the influence of Ta contents, varied systematically up to
high values within the Ti;«,AliTa,N system on the tribological properties, thermal
stability as well as oxidation resistance has not yet been studied in detail. Since a
comprehensive understanding of the mutual links between oxidation and wear is of
crucial importance, but still missing in literature, the main focus of the present study

relies on the evaluation of the tribological properties of Tii < Al{Ta;N hard coatings
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and the resulting oxide layer formation during testing at elevated temperatures.
Within this work, the influence of Ta atomic fractions of 0<y<0.23 in Tii Al Ta,N
hard coatings on the oxidation resistance and the consequently changing
tribomechanical response of the coatings to dry sliding tests at elevated temperatures
were investigated. For this purpose, ball-on-disk tests in ambient air at room
temperature (RT), 700 and 900 °C were conducted, and cross-sections of the oxide
scale formed during the elevated temperature tests were analyzed in order to detect
changes of the constitution, the thickness as well as the pore size of the oxide scale
formed for the Ta contents chosen. Fundamental relationships between
microstructure, oxide layer formation and tribological properties of Tii.,AliTa,N

hard coatings were established.

2. Experimental Methods

Six coatings with different Ta contents were deposited using cathodic arc
evaporation in an industrial scale Oerlikon Balzers Innova deposition plant. For all
deposition runs, four cathodes were simultaneously operated at a DC arc current of
200 A in a pure N, reactive gas atmosphere (total pressure ~3 Pa). The Ta content
of the powder metallurgically manufactured TiTaAl compound cathodes was 0, 1,
2.5, 5, 10, and 15 at.-%, respectively, at a constant Ti:Al atomic ratio of 1:1. Polished
cemented carbide disks (@ 30 mm x 4 mm), consisting of 77 wt.-% tungsten carbide,
11 wt.-% cobalt and 12 wt.-% mixed carbides, served as substrates. Additionally, a
low alloy steel foil was used as substrate and dissolved after coating deposition in
2M nitric acid. The resulting coating powder was then dried and ground in order to
provide a sole coating material for thermal stability investigations, to prevent
undesired reactions between coating and substrate material. The substrates were
plasma etched in an argon plasma, and afterwards coatings were deposited in a N»
atmosphere using twofold rotation at a bias voltage of -70 V and a substrate

temperature of 550 °C.

The coating thickness was determined by means of the ball cratering

technique using a CSM CaloWear device, and was found to be in the range of 6.7+0.6
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pm for each coating. The elemental composition of the coatings was detected by
energy-dispersive X-ray spectroscopy (EDX) using an Oxford Instruments INCA
extension in a Zeiss EVO 50 scanning electron microscope (SEM) and built-in
sensitivity factors for quantification. The friction coefficient was determined with
ball-on-disk tests in ambient air, utilizing a CSM high-temperature ball-on-disk
tribometer. The normal load applied was 5 N for the tests at RT and 700 °C, and
1 N for the tests at 900 °C, while the distance was set to 300 m. An alumina ball (@
6 mm) was used as counterpart. Special emphasis was laid on measurement
procedures for the 900 °C tests with identical preheating time as well as heating and
cooling rates, to ensure that differences in oxide scale formation solely stem from the
respective coating compositions. The overall time of exposure to a temperature of
900 °C was about 60 min. An optical white light interferometer (Veeco Wyko
NT1000) was utilized to reconstruct a 2D profile for three different positions on the

generated wear tracks.

The microstructure of the coatings was determined using X-ray diffraction
(XRD) in grazing incidence mode (angle of incidence 2°) in a Bruker D8 Advance
diffractometer using Cu K, radiation with A=0.154 nm. Cross-sections of the disks
after ball-on—disk tests at 900 °C were prepared using an Orsay Physics Cobra Z-05
focused ion beam (FIB) in a Zeiss Auriga 40 SEM workstation, to investigate oxide
scale and phases formed during annealing. Furthermore, a cross-section within the
wear track of the coating with y=0.17 was prepared by FIB for EDX mapping of the
oxide scale formed directly in the wear-affected zone. In order to obtain a smooth
FIB cut for all samples prepared, a Pt layer was deposited on the oxidized coatings.
The FIB/SEM was equipped with two detectors, an in-lens secondary electron (SE)
detector for determination of the topographical information, while for illustration of
the elemental contrast an in-lens energy-selected backscattered (ESB) detector was
used. EDX mapping was conducted using an EDAX EDX Apollo XPP detector. In
order to determine the mass change during oxidation, thermogravimetric analysis
(TGA) of the coating powders was performed in synthetic air in a Setaram Setsys

Evo 2400 dynamic differential scanning calorimeter (DSC) equipped with a
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thermobalance. The gas flow was set to 16 ml/sec and the heating and cooling rate
to 10 K/min up to a maximum temperature of 1500 °C; the samples were
immediately cooled down after reaching 1500 °C. The microstructure of the annealed
coating powders was determined using the same X-ray diffractometer as mentioned

before, but in ©-20 geometry.

3. Results

3.1. Chemical composition

The chemical analysis revealed a considerably higher Ta content of the
coatings than of the respective cathodes. The coating elemental compositions were
determined as Tips3AloarN, TiosAlosrTaoeN, TioseAlpuTaowuN, TigsAlpseTagesN,
Tio.46Alo.37Ta017N, and Tiga3AlysiTag 23N for the cathodes with Ta contents of 0, 1, 2.5,
5, 10, and 15 at.-%, respectively. The nitrogen content was 48.343.3 at.-% for all
coatings. Hereinafter, we will refer to the Ta content y in Tii.,AliTa,N to distinguish

the different coatings.

3.2. Friction and wear

The average friction coefficients of the Ti,AliTa,N coatings are presented
in Fig. 1 as a function of the Ta content. At RT, the friction coefficient increases
with the increase of the Ta content, which coincides with the slight hardness increase
from 32.6+£1.2 GPa for y=0 to 34.4+0.8 GPa for y=0.17 reported in our previous
work [22]. Increasing the testing temperature to 700 °C leads to an average friction
coefficient of ~0.63, which is hardly influenced by the Ta content. The oxidation of
the coating and formation of a single amorphous oxide scale containing Ti, Al and
Ta is expected to contribute to the observed friction reduction [7,8]. For the sample
with y=0 tested at 900 °C, the friction coefficient is ~0.6; however, with the addition
of a small Ta content (y=0.01) it decreases to 0.5. For y=0.04 and y=0.08, the
friction coefficient decreases again to ~0.47, and it reaches its lowest value of 0.44 for

y=0.17, which represents a reduction of 25 % compared to the Ta-free coating. The
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coating with y=0.23 shows with 0.7 the highest friction coefficient for all coatings
tested at 900 °C.
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Fig. 1 Friction coefficient at RT, 700 °C and 900 °C of Tii.yAl:TayN coatings as a function of the Ta

content.

During oxidation of Ti containing materials, the formation of
substoichiometric Ti,Oq.1 is very likely, leading for a fraction of Ti atoms to a lower
ionization state (Ti*" ions instead of Ti*"). These Magnéli phases are well known to
decrease the friction of a surface by formation of lubricant-like low-shear
crystallographic planes with reduced bond strength [28,29]. The addition of Ta leads
to the formation of (Ti,Ta),Os.1, where the pentavalent Ta furthermore decreases
the amount of oxygen vacancies in the coating, consequently promoting Magnéli
phase formation and leading to the decrease of the friction coefficient observed in
Fig. 1. The abrupt increase of the friction coefficient for y=0.23 is a possible response
of the coating to the significantly increased oxygen deficiency in (T1i,Ta),Oo 1. Gardos
et al. [28,30] also observed an increase of the bond strength due to a change of the
crystallographic shear planes, when the oxygen deficiency exceeds a certain limit,

which leads to an increase of the friction coefficient.
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The influence of the Ta content on the wear performance of Tii Al Ta,N
coatings at the three chosen temperatures was evaluated by means of the 2D profiles
of the wear tracks illustrated in Fig. 2. For the coatings y=0 and y=0.01, the ball-
on-disk tests at RT result in a broad wear track with a depth of up to ~1 pm. The
wear track depth slightly increases to ~1.5 pm for y=0.04, 0.08 and 0.17. With
increasing Ta content, also a smoothening of the track is observable, probably

stemming from the formation of smaller abrasive wear particles.
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Fig. 2 2D profiles of the wear track of TireyAl:TayN coatings after ball-on-disk tests at RT, 700 and
900 °C. While the RT and 700 °C tests were carried out with a normal load of 5 N, a normal
load of 1 N was used for the 900 °C' test.

The wear track of the coating containing the highest Ta content shows the
most pronounced depth. For the coatings tested at 700 °C, the wear track width
decreases with increasing Ta content, while its depth slightly increases. The resulting

narrow and deep track points towards abrasion as the dominating wear mechanism.
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The temperature increase to 900 °C leads to an increasing tendency of adhesion of
the softened and thus worn Al,O; ball material to the coating. It can be assumed
that this material transfer superimposes the effect of the still present abrasion. This
material transfer prevents to detect an eventual increase of abrasive wear due to the
formation of the Ta,N phase at high Ta contents, as reported in [22]. The wear track
profiles indicate material transfer for all coatings, but a decreasing wear track height
with increasing Ta content. Although the normal load for the ball-on-disk tests at
900 °C was only 1 N compared to 5 N for RT and 700 °C, the resulting wear track
width is with ~200 pm rather similar to the 700 °C tests, and about half of the track
width compared to the tests at RT. The average surface roughness of the coatings
decreases significantly with increasing Ta content, as indicated in Fig. 2 by the

smoother coating surface outside the wear tracks.

3.3. Microstructural changes after 900 °C ball-on-disk test

A detailed microstructural analysis for the as deposited coatings can be
found in our previous publication [22] and revealed a single fce-Tipw,AliTa,N phase
for all six coatings, with diffraction peaks located between fce-TiN (ICDD 00-038-
1420) and fcc-AIN (ICDD 00-025-1495). With increasing Ta content, a peak shift
towards lower diffraction angles and thus to the standard peak position for fcc-TaN
(ICDD 00-049-1283) was observed [22], which corresponds with [24]. Fig. 3 represents
the X-ray diffractogram of the Tii.,AliTa,N coatings after the 900 °C ball-on-disk
tests. For y=0, the dominant peak at ~43.5 © indicates the presence of the metastable
Tii<ALN solid solution. Its pronounced width as well as the shoulder on the right
hand side indicate ongoing spinodal decomposition [31]. The fcc-Ti<AlN peak is also
visible at ~37 °. Additionally, an enhanced signal at ~33 ° leads to the conclusion
that a small amount of w-AIN (ICDD 01-076-0702) is present. Furthermore, several
peaks stemming from oxides can be observed, i.e., r-TiO, (ICDD 00-021-1276), a-
TiO, (ICDD 00-021-1272), and small fractions of a-Al,O3; (ICDD 00-010-0173), which
is at ~38° superimposed by a-TiO,. The increased Ta content for y=0.01 leads to a

slight reduction of the a-TiO, peak intensity, while the r-TiO, peaks increase (best
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visible at ~54 ° in Fig. 3). The w-AIN peak intensity also decreases due to the
incorporation of Ta into the metastable Ti;<AlN, which is known to stabilize the
cubic phase [22]. An increase of the Ta content to y=0.04 results in another increase
of the r-TiO,; peak intensity, while the anatase peak further decreases. For this
coating, the a-Al,O3 peak at ~35° reaches the highest intensity. The fec-Tiiw,AliTa,N
peaks are slightly shifted to lower diffraction angles, towards the standard peak
position of TaN. Additionally, they are slightly narrower with a lower pronounced
shoulder than for y=0, indicating a retarded progress of spinodal decomposition as a

result of Ta incorporation [19,22,23].
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Fig. 8 Phase evolution of TirwyAlL:Ta,N coatings after ball-on-disk tests at 900 °C. The green asterisks

mark the peak position stemming from substrate oxides.

The coatings with y=0.08, 0.17 and 0.23 show a further peak shift of the
fee-TiixyAlTa,N peak with increasing Ta content to lower angles. The r-TiO, peak
at ~36 ° is increasing with increasing Ta content, and is also slightly shifted to lower
diffraction angles. The shifts of both peaks evidence the increasing lattice parameter
due to the incorporation of the larger Ta atoms in the fcc-TiN and r-TiO, lattice,
respectively. Besides the formation of these crystalline oxides, the existence of

amorphous Al,Os-based scales at high Ta contents can not be excluded.
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3.4. Oxidation during 900 °C ball-on-disk test

Since at elevated temperatures friction and wear mechanisms are
significantly affected by tribo-oxidation [32], the nature of the formed oxide layers is
of vital interest. Therefore, cross-sections of the tribometer disks tested at 900 °C
outside the wear track were prepared by FIB. Fig. 4 illustrates three selected coatings
to provide a comprehensive overview of the differences in oxide scale formation for a
TiixALN coating as well as Tiix, AlyTa,N with moderate and high Ta contents,
respectively. Fig. 4a reveals two different oxide layers formed on the coating with
y=0, an outermost, dark and dense layer and a bright layer next to the remaining
Ti1<ALN layer, which contains big pores. Since the darker color within backscattered
images indicates elements with lower atomic number, the top layer is assumed to be
Al,Os-rich, while the porous layer below is TiO-rich, as also observed in [6,7,12,23].
The ALOs-rich layer thickness is ~100 nm, while the porous TiOsrich layer is
~170 nm thick. Oxidation of the sample with y=0.08 leads to an Al:Osrich layer
with a thickness of ~80 nm, and a TiO.-rich layer below with an average thickness
of 140 nm, which seems to be separated into two sublayers (Fig. 4b). A dense TiO»—
rich layer is formed below the ALOsrich top layer, and comprises dark spots
indicating an Al,Os-rich phase within the TiOs-rich layer. The porous TiO»-rich layer
beneath shows again a brighter color, with pores at the interface to the remaining
TiiwyAlTayN layer. In Fig. 4c, the oxide scale formed on sample y=0.23 is depicted.
The ALOs-rich layer is reduced to ~50 nm thickness, and the TiO,-rich layer is again
separated into two layers; the Al,Os-rich phase is evident within the TiOs-rich oxide
scale directly beneath the dense Al,Osrich layer (i.e., the dense, spotted TiOo-rich
layer), while at the interface to the remaining Tii.«,AlyTa,N layer, a dense, unspotted

TiOy-rich layer is formed.
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Al,O,-rich layer Pt layer

Fig. 4 SEM micrographs of FIB cross-sections outside the wear track showing in detail the oxide layer
formation on TirwyAl:Ta,N coatings after ball-on-disk tests at 900 °C. a) y=0b) y=0.08 and c)
y=0.23
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For a better understanding of the elemental distribution within the oxide
layer formed during the 900 °C ball-on-disk test, a FIB cut for the sample with
y=0.17, again outside of the wear track, was prepared and investigated using EDX-
mapping (Fig. 5). Two detectors were used, to determine on the one hand the
topographical information (SE detector, Fig. 5a), while on the other hand the ESB
detector image illustrates the elemental contrast in Fig. 5b. A Pt layer to obtain a
smooth FIB cut is visible on the top of the oxidized coating. The Al;Os-rich layer of
sample y=0.17 is with ~75 nm thicker compared to ~50 nm for y=0.23. Nevertheless,
the TiOs-rich layer is similarly separated into two layers, a dense unspotted layer
next to the interface to the remaining Ti..,AliTay,N layer and a layer next to the
Aly,Os-rich top layer, which is characterized by dark spots within the bright TiO.-
rich matrix. Fig. 4c does not unambiguously evidence the dark spots as Al,Os-rich.
However, equivalent dark spots appear white in Fig. ba and thus invalidate the
existence of pores. In the EDX-mapping in Fig. 5c¢, the elemental distribution of Al,
Ti, O and Pt is displayed. The oxygen content decreases within the oxide scale from
the surface to the interface to the remaining Tii« AlLTa,N layer. Within the
remaining Tii. Al Ta,N layer, diffusion of Al towards the interface to the oxide layer
can be detected, evidenced by the elevated Al content close to the interface. The
chemical distribution of Al and Ti within the oxide layer can be best seen in Fig. 5d.
Beyond the Pt layer, mainly Al can be observed. This high Al content corresponds
to the dark AlOsrich layer and in part to the intermediate bright oxide layer
containing the dark, Al,Os-rich regions visible in Fig. 5b. This observation supports
the notion of the existence of an AlOsrich layer as top layer [6,8]. Further, a
subjacent Al-depleted, Ti- and O-rich layer can be identified, which corresponds to
the bright layer in Fig. 5b.
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ALO.-rich layer

Al,O,-depleted
EVEL

Al-rich
TiAlTaN layer

distribution of Pt, Al, Ti and O in the oxide scale obtained by EDX-mapping, d) reveals the
elemental distribution of Pt, Al and Ti in the oxide scale to highlight the distribution of merely

the metallic components. The Pt layer stems from surface preparation for the FIB cut.

In order to study the effect of the ball-on-disk test at 900 °C on oxide scale

formation, cross-sections of the wear track of a disk of y=0.17 prepared by FIB are
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presented in Fig. 6. Fig. 6a displays the transition of the coating surface from outside
to inside the wear track. On the one hand, the formation of an easy shearable oxide
layer and its abrasion during continuous sliding leads to a reduction of the coating
thickness by ~350 nm within the wear track. On the other hand, indications for
adhesive wear are also evident by the additional build-up of material at the surface.

This adhesion layer material appears porous, and is polished to a smooth surface on

top of the wear track.

adhesive layer

Ti...,ALTaN layer

coating thickness [um]
O D A W A o B

substrate

— increasing atomic fraction C)_

Fig. 6. Cross-section of the sample with y=0.17 within the wear track obtained by the ball-on-disk test
at 900 °C. a) SEM micrograph obtained by the SE detector, b) SEM micrograph obtained by the
ESB detector showing in detail the oxide layer on the surface, as well as the transition zone to
the wear track and therefore the adhesive wear layer and ¢) EDX line profile at the position
marked in a) by the dashed line.

In Fig. 6b the transition zone to the wear track is illustrated in detail.
Again, differences in the layer composition are illuminated by ESB micrographs. The
oxide layer unaffected by wear, i.e., next to the wear track, shows a similar
appearance in Fig. 5b. Underneath the adhesive layer, the appearance of the oxide
layer changes, since the dark Al,Os-rich top layer starts to diminish with increasing
distance to the transition zone. The elemental distribution along the dashed vertical
line in Fig. 6a is illustrated in Fig. 6¢. Since the Ti content tends to be overrated by
EDX due to its superimposition with N (see the high Ti content in the unaffected
TireyAlTay,N coating), Fig. 6¢ provides merely a distributional trend over the
coating thickness. Up to ~1 pm from the top (the Pt layer was cut out), the adhesive
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layer can be recognized. The oxygen content reaches next to the surface its highest
values, and is then decreasing within the adhesive layer. The Al content is within
the adhesive layer relatively high, and reaches its highest value next to the surface,
corroborating the assumption of worn Al,Os; ball material as well as worn coating
material adhering on the coating surface. Within this adhesive layer, the observed
fractions of Ta and Ti stem from worn coating material, where the T1i signal is most
probably again overrated. The Al content is continuously decreasing within the
remaining Ti . Al Ta;N layer. The distribution of the Ta content over the layer
thickness shows an increased Ta content within the adhesive layer, and a continuous
decline up to ~3 pm coating thickness. Below that level, the Ta content remains at

a constant level evidencing the Ta content of the unaffected coating.

3.5. Oxidation during annealing in synthetic air

Fig. 7 represents the mass change of the coating powders during annealing
in synthetic air, as determined by TGA. A threshold of 5 % mass gain is marked to
facilitate assessment of the oxidation progress. Up to ~900 °C the oxidation behavior
expressed by the mass gain of the coatings is similar, yielding a slight increase for all
six coatings. The coating without Ta starts to oxidize first; between 950 and 1000 °C,
a drastic mass increase occurs, and the coating attains 5 % mass gain at 980 °C. The
former is attributed to the formation of TiO,, since among the metals present within
the coating Ti oxidizes first, as evidenced by its lower activation energy for oxidation
compared to Al [6]. The subsequent formation of a dense Al,Os top layer is a possible
explanation for the slight slope change at ~1025 °C, since it reduces the diffusivity
of oxygen from the surface via the porous TiO, towards the remaining Tii.«,AliTa,N
coating. Oxidation is assumed to be complete at 1160 °C, since no further mass
change can be observed. At this temperature, a maximum mass gain of ~26 % is
reached, which is in good agreement with [12]. For y=0.01, the oxidation starts at
the same temperature as for y=0; it hits the 5 % mass gain threshold at 985 °C and
the maximum mass gain is ~25 %. Likewise, a slope change occurs between 980 and

1020 °C due to the formation of the denser Al,O;. For the coatings with y=0.04 up
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to 0.23 a similar behavior can be observed, but every process is shifted to higher
temperatures and is less pronounced with increasing Ta content. The threshold of
5 % mass gain is shifted from 1020 for y=0.04 to 1085 °C for y=0.23. Oxidation is
complete at 1270 °C for y=0.23, while e.g. the powder of y=0.01 is fully oxidized at
1120 °C. The lower mass gain of the Ta containing coatings visible in Fig. 7 can be
explained by the relatively higher initial density of the as deposited coatings, which

is a result of the considerably higher mass of Ta.
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Fig. 7 Dynamical thermal analysis shows the relative mass gain observed for Tir.yAl:Ta,N coatings
during annealing in synthetic air. A threshold of 5 % mass gain is marked for easier comparison
of the oxidation onset temperature.

XRD measurements of the coating powders annealed up to 1500 °C in
synthetic air (not shown here) yielded that all six coatings were completely oxidized,
with 1-TiO,, a-ALO; and in addition the orthorhombic ALTiOs; phase [33]. With
increasing Ta content, the peak intensity of the Al TiO; phase decreased, while the
intensity of the r-TiO. peaks increased, suggesting the incorporation of Ta into the
rutile structure. Additional annealing treatments in synthetic air up to 1050 °C were
performed, and the subsequent XRD measurements revealed the microstructural
changes during oxidation (Fig. 8). The pattern of the powdered coating without Ta

indicates nearly complete oxidation, evidencing dominating r-TiO, and a-Al,Os. A
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slightly enhanced background signal at ~43.5° stems from the assumingly remaining
fee-TiALN solid solution. For y=0.01, the signal at ~43.5° representing the fcc-
Tii«yAlLTa;N phase is slightly more pronounced; additionally the decrease of the
peaks of TiO, as well as a-Al,Os point towards a less advanced oxidation progress
than for y=0. This trend is more pronounced for y=0.04, where the fcc-Tii,AliTa,N
peak reaches the same intensity as the r-TiO, peaks, which are together with the
a-Al,O;3 peaks again decreasing in intensity. The fce-Tii.,AliTa,N peaks are visible
at a diffraction angle of 37 and 43°, i.e., between the standard peak position of fcc-
TiN and fcc-AIN, indicating a considerable amount of fce-Tii Al Ta,N in the

coating.
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Fig. 8 Phase evolution of powdered TiiryALTay,N coatings after annealing at 1050 °C' in synthetic air.

Another increase of the Ta content to y=0.08 results in formation of a
dominating peak at ~43°. With respect to the Ta-free coating, the intensity of the
r-TiO; peaks is decreased and slightly shifted to lower diffraction angles, which
indicates the incorporation of Ta into the r-TiO.. The a-AlLOs; peaks appear much
smaller, since the majority of the present Al is incorporated within the fecc-
Ti1«yAlTayN solid solution. A further increase of the Ta content to y=0.17 and

y=0.23 leads to a further shift of the fcc-Ti1 . Al Ta;N peaks to lower angles, towards
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the standard peak position of fcc-TaN. In addition, the intensity of the r-TiO, and
the a-Al,O3 peaks is further decreased.

4. Discussion

Our findings demonstrate that the tribological properties of Tij«yAlTa,N
coatings at elevated temperatures strongly depend on the oxide layer formation,
which is significantly affected by the Ta content. Based on the findings obtained
within this work by SEM and XRD, a schematic of the evolution of the different

oxide layers and their thickness as a function of the Ta content is presented in Fig. 9.
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Fig. 9 Schematic of the oxide layers formed during ball-on-disk tests at 900 °C outside of the wear track,
as a function of the Ta content of the respective coating. The green dashed line marks the
separation of the TiOz-rich layer into two layer sections: pores are marked in white while the
dark spots indicate the Al:O3 phase formed within the TiOs-rich layer.

The dark, AlOsrich top layer shows with 100 nm the highest layer
thickness for y=0, and is decreasing to ~80 nm with increasing Ta content. The
coating containing the highest Ta content shows another decrease of the Al,Os-rich

layer to ~50 nm, which comprises half the thickness than the coating without Ta.
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This decrease of the thickness of the Al;Os-rich layer with increasing Ta content is
on the one hand related to the hindered transport of Al atoms through the densified
TiOs-rich layer, and on the other hand to the decrease of the Al fraction within the
coating (see section 3.1). The TiOsrich layer has an average thickness of 170 nm for
y=0, and contains pores throughout the entire layer, as evidenced by Fig. 4a. The
beneficial effect of even small amounts of Ta is also visible for the TiO-rich layer,
since it reduces the layer thickness to 140 nm for y=0.01 and 120 nm for y=0.04.
This is in good agreement with the shift of the oxidation onset to higher
temperatures, as shown in Fig. 7. However, at a Ta content of y=0.08 the thickness
of the TiOs-rich layer increases again to ~140 nm. With increasing Ta content it is
more and more separated into a porous region adjacent to the remaining
TiixyAlTayN layer with a distinct decrease of the pore size, and a pore-free layer
comprising dark Al,Os-rich spots within the bright TiOo-rich layer, as demonstrated
by Fig. 4b. The observed decreasing amount of a-TiO, formed during ball-on-disk
tests at 900 °C as a result of the increasing Ta content (see Fig. 3) is in good
agreement with the decreasing pore density, since the stable r-TiO, has a higher
density than the metastable a-TiO,. Additionally, it also concurs with the decreasing
friction coefficient, since r-TiO, is characterized by improved friction properties as a
result of the accompanied formation of Magnéli phases [28]. The addition of Ta leads
to the formation of substoichiometric mixed (Ti,Ta),O2.1 Magnéli phases, where the
formation of Ti*" instead of Ti** caused by the oxygen deficiency is promoted by the
higher valence of Ta’". These phases exhibit superior friction and wear properties
due to their decreased shear strength compared to the fully stoichiometric phase
[29,32], which is responsible for the decrease of the friction coefficient with increasing

Ta content in Fig. 1.

The high Ta contents within samples y=0.17 and y=0.23 lead to a pore
free, 290 nm thick TiO,-rich layer, and its distinct separation between a layer spotted
with AlO; on top of the unspotted layer next to the remaining Tii.. Al Ta,N coating.
A possible explanation for the drastic increase of the overall TiOo-rich layer thickness

is the decrease of the dense Al,O; layer thickness as a result of the decreasing Al
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content, and the therefore lowered protection of further oxidation. After oxidation,
the high Ta containing coatings show a much smoother surface than the coatings
with y < 0.04, as can be observed at the 2D profiles in Fig. 2 outside of the wear
track for the coatings tested at 900 °C. The contribution of Ta to lower friction can
be observed up to y=0.17 (see Fig. 1); for y=0.23, the friction coefficient increases
as a result of the exceptional oxygen deficiency, which is known to lead to an increase
of the bonding strength of the shear planes, if it falls below a critical level (as

observed in [28]).

As summarized in Fig. 9, a moderate Ta content of y=0.08 is suitable to
avoid formation of porous and thus less mechanically stable oxide scales. Exceeding
this content yields thick oxide layers, which might be brittle and delaminate when

exposed to severe tribological conditions with cyclic loads during application.

5. Conclusions

The investigation of Ti . AlLTa,N coatings with a Ta content between
0<y<0.23 has revealed a strong relation between tribological properties and oxide
layer formation, where the latter is significantly affected by the Ta content. After
ball-on-disk tests performed at 900 °C, the metastable anatase TiO, phase is formed
within the oxide scale of coatings with a low Ta content, which deteriorates its
mechanical and thermal stability. The transformation of anatase TiO. to the stable
rutile TiO, is accompanied by a volume change, leading inevitably to formation of
pores, which provide additional diffusion paths and thus decrease the oxidation
resistance. With increasing Ta content, the formation of anatase is suppressed, which
reduces the pore density within the oxide scale and enhances oxidation resistance.
Additionally, the substoichiometric rutile (Ti,Ta),Ox.1 phase is formed, which results
in a decreased shear strength of the oxide scale and to a decrease of the friction

coefficient with increasing Ta content.
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