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Abstract

Mechanical integrity, functional properties and lifetime of engineering components
are predetermined by the residual stress state and structural properties of the applied
materials. Nowadays, the development of novel materials with tailored functionality
requires a detailed knowledge of their structural and mechanical properties at the
centimetre down to the nanometre length-scales. For this reason, advanced ana-
lytical techniques allowing volume-averaged as well as very local characterisation of
phases, residual stresses and microstructure have to be applied to reveal the complex
mutli-scale structure-function relationships in technological materials.

In this thesis, advanced high-energy X-ray and neutron diffraction techniques op-
erating at various scales are presented and used to analyse three types of structures,
nanocrystalline thin films, seamless steel tubes and railway rails, applying always
the appropriate spatial resolution.

(i) Nanocrystalline thin films are characterised using cross-sectional X-ray nan-
odiffraction with a spatial resolution as low as 100 nm. In the first study the residual
stress gradient in a shot-peened 11.5 μm thick TiN film is characterised and the res-
ults are compared to a Laplace space approach characterisation. Additionally the
effect of stress relaxation in the thin lamella required as a sample for the nanobeam
experiments is addressed. In the second study the residual stress fields across the
imprint in a wedge-indented 3 μm CrN-Cr multilayer film are characterised. The
results reveal a complex residual stress distribution across the film cross-section
with stress peaks ranging from −10 to 2 GPa being in good agreement with a finite
element model. It is shown how the ductile Cr sublayers act as a stabilizing com-
ponent preserving the mechanical integrity of the structure by the encapsulation of
the regions with tensile stress peaks in the brittle CrN sublayers. In the third study
the fracture properties of 3 μm CrN thin films are examined by coupling four-point
bending and energy dispersive X-ray diffraction. Two thin film types, deposited by
applying −40 V and −120 V bias voltage, are compared in the as-deposited and an-
nealed state. It is found that the change in the bias voltage modified the observed
fracture behaviour in favour for the −120 V film, which however deteriorates upon
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Abstract

annealing, whereas the −40 V film is not affected by the heat treatment.
(ii) The residual stress distribution inside a roller-straightened railway rail is char-

acterised with neutron diffraction using a gauge volume of 5×5×5 mm3. The longit-
udinal, vertical and transversal components of the stress tensor are determined and
compared with the results from the contour method and finite element modelling.

(iii) Three dimensional distributions of triaxial residual stress in seamless steel
tubes are studied by high energy synchrotron X-ray diffraction coupled with a conical
slit system providing a spatial resolution along the X-ray beam of 0.8 mm. The
identified steep residual gradients across the tube walls are correlated with applied
cooling conditions and the resulting microstructure.
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Kurzfassung

Strukturelle Integrität, funktionelle Eigenschaften und Lebensdauer technischer Bau-
teile werden durch Eigenspannungen und Mikrostruktur der verwendeten Materiali-
en bestimmt. Für die Entwicklung neuartiger Materialien mit zielgerichteten Eigen-
schaften bedarf es oftmals eines detaillierten Wissens über deren strukturelle und
mechanische Eigenschaften auf Zentimeter- bis Nanometerebene. Daher bedarf es
Analysetechniken zur Bestimmung von Phasen, Eigenspannungen und Mikrostruk-
tur auf globaler, aber auch sehr lokaler Ebene um die komplexen, über mehrere Grö-
ßenordnungen reichenden Struktur-Eigenschafts-Beziehungen moderner Werkstoffe
zu bestimmen zu können.

Im Rahmen dieser Arbeit werden hochentwickelte Techniken der Hochenergie-
Röntgen- und Neutronenbeugung mit unterschiedlicher Ortsauflösung vorgestellt
und damit drei verschiedene Strukturen, nanokristalline dünne Schichten, nahtlo-
se Stahlrohre und Eisenbahnschienen, mit entsprechender Auflösung charakterisiert.

(i) Nanokristalline dünne Schichten werden mittels Röntgen-Nanobeugung, deren
Ortsauflösung bei 100 nm liegt, untersucht. In der ersten Studie werden Eigenspan-
nungsgradienten in einer kugelbestrahlten 11,5 μm dicken TiN Schicht bestimmt und
die Ergebnisse mit denen einer Laplace-Methode verglichen. Zusätzlich wird die Re-
laxation von Spannungen in der als Probe verwendeten Lamelle thematisiert. In
der zweiten Studie werden die Eigenspannungen in einer CrN-Cr Multilagenschicht
mit einem Wedge-Eindruck bestimmt. Das Ergebnis zeigt, in guter Übereinstim-
mung mit einem Finite-Elemente-Model, eine komplexe Spannungsverteilung über
den Lamellenquerschnitt mit Spitzenwerten von −10 bis 2 GPa. Es wird dargelegt,
wie die Integrität der Struktur durch Einschluss der Zugspannungsspitzen in den
CrN Schichten zwischen den Cr Schichten gewahrt bleibt. In der dritten Studie wer-
den Brucheigenschaften von 3 μm dicken CrN Schichten mittels Vier-Punkt-Biegung
kombiniert mit energiedispersiver Röntgenbeugung bestimmt. Zwei Schichttypen,
abgeschieden bei −120 V und −40 V Bias-Spannung, werden im abgeschiedenen und
geglühten Zustand verglichen. Die beobachteten Brucheigenschaften verbessern sich
durch Änderung der Bias-Spannung zugunsten der −120 V Schicht. Diese verschlech-
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Kurzfassung

tern sich allerdings durch die Glühbehandlung, während jene der −40 V Schicht
unverändert bleiben.

(ii) Der Eigenspannungszustand in einer rollen-gerichteten Eisenbahnschiene wird
mittels Neutronenbeugung mit einem Messvolumen von 5 × 5 × 5 mm3 charakte-
risiert. Die longitudinalen, vertikalen und transversalen Komponenten des Span-
nungstensors werden ermittelt und mit den Ergebnissen der Konturmethode und
eines Finite-Elemente-Modells verglichen

(iii) In nahtlosen Stahlrohren wird die dreidimensionale Verteilung des triaxialen
Eigenspannungszustandes mit hochenergetischer Synchronrotstrahlung in Verbin-
dung mit einer konischen Blende bei einer Ortsauflösung von 0,8 mm untersucht.
Die ermittelten, starken Spannungsgradienten in den Rohrwänden werden mit den
angewandten Abkühlbedingungen und der daraus resultierenden Mikrostruktur kor-
reliert.
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1
Introduction

Materials used in modern engineering components usually exhibit complex gradients
of phases, grain sizes, residual stresses and texture, which have a decisive influence
on their functional properties, mechanical integrity and lifetime. In order to enhance
the lifetime and service performance by an improved materials design, it is crucial
to understand how manufacturing and service influence these gradients. This is
only possible by using analytical techniques allowing for a local characterisation
with a spatial resolution ranging from centimetres down to the nanometre regime –
depending on the size of the studied structure. Diffraction techniques, here especially
high energy synchrotron X-ray diffraction combined with an area detector, allow to
determine representative properties like phases, grain sizes, residual stresses and
texture information for relatively small gauge volumes. With modern focussing
techniques it is possible to tailor X-ray beams with sizes down to 100 nm [1–4], that
can be used to locally characterise small structures like thin films or microelectronic
components. In the case of larger structures the photon high energies available at
modern synchrotron sources [5] are sufficient to penetrate a few centimetres of steel,
while still maintaining a relatively high spatial resolution. Very large structures
such as rails can be characterised using neutron diffraction, which offers the largest
penetration depths [5].

Within this thesis three types of structures, namely thin films, seamless steel tubes
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1. Introduction

and railway rails, are characterised by applying appropriate experimental approaches
with a spatial resolution in the range from 5 to 10−4 mm. The experimental results
on microstructure and residual stress provided by different experimental techniques
are correlated with the production parameters and/or specific sample preparation
conditions. A special focus is laid on cross-sectional X-ray nanodiffraction [6] as this
is a new, very promising method offering a wide range of applications. A new method
for efficient data treatment allowing to process a large number of diffraction images
from high resolution, two-dimensional scans or in-situ experiments is presented, as
this is a prerequisite to couple X-ray nanodiffraction with indentation experiments.
New approaches for the quantitative evaluation of residual stress and texture from
a singe diffraction image are proposed.

In this chapter the diffraction methods applied in the appended publications are
briefly introduced and discussed.

1.1. X-ray Nanodiffraction Analysis of Residual Stresses in
Thin Films

Cross-sectional X-ray nanodiffraction as introduced by Keckes et al. [6] is a ver-
satile tool, which enables to locally characterise nanocrystalline materials with a
spatial resolution down to 100 nm. The approach can be used to map the cross-
sectional distributions of phases, crystallite sizes, stresses and crystallographic tex-
ture in thin films, where all the information can be retrieved from a set of two
dimensional diffraction patterns collected in transmission geometry across the film
cross-section. The technique has thus led to a range of new insights in the structure-
property relationships of nanocrystalline thin films [7–10]. Especially the character-
isation of stress gradients provides an important contribution to the understanding
of structure-property relationships in thin films, when correlating functional prop-
erties and lifetime with applied deposition recipes, actual film architectures and/or
post deposition treatments such as annealing or blasting. The characterisation of
the local stress gradients is a prerequisite to identify and understand failure mech-
anisms in mechanically loaded thin films (cf. Paper B). Therefore in this thesis the
focus was laid on the improvement of characterisation techniques for complex stress
distributions across thin films.

A vital step to achieve this goal was to improve the workflow of synchrotron
data treatment. As smaller beam sizes allow for even higher spatial resolution and
new, more complex experiments demand not just a simple line profiling but two-
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1.1. X-ray Nanodiffraction Analysis of Residual Stresses in Thin Films

dimensional (2D) scanning of the sample at the cross-section (cf. Paper B), large
amounts of diffraction data are produced, that need to be evaluated and stored
efficiently. This is even more the case if synchrotron experiments are performed
in-situ when large amounts of data are collected repeatedly. The processing of the
diffraction data using the standard Fit2D software package [11] could not fulfil those
demands, especially in the case of 2D mapping (cf. Paper B) and in-situ experiments
[12]. Therefore a new workflow using the recently developed PyFAI package [13, 14]
for integration and the Hierarchical Data Format HDF5 [15] for data storage was
implemented.

1.1.1. Experimental Setup

D
etecto

r

2

z

x y

X-ra
y beam

L

cp
s

2

Q Q

Q

Figure 1.1.: A schematic description of the cross-sectional X-ray nanodiffraction setup.
The sample with the thickness L is analysed with a nanofocused X-ray beam
in transmission geometry. The diffraction of the beam on the crystallographic
lattice planes (hkl) results in the formation of characteristic Debye-Scherrer
rings on the 2D detector. Every diffraction spot described by the diffraction
angle 2θ and the azimuthal angle δ corresponds to a specific set of lattice
planes, which orientation is given by the diffraction vector Q̄, as indicated
here exemplary through different colours.
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1. Introduction

The principal layout and geometric relationships of the experimental setup with
the corresponding variables and conventions as described in [6, 10] are recapitulated
hereafter. For the details the reader is referred to the respective publications as they
are specific to the individual experiments.

Fig 1.1 depicts the schematic setup of the cross-sectional X-ray nanodiffraction
experiment. As a sample, a thin lamella with the thickness of L = 10 − 100 μm is
used, which is analysed by the nanofocused X-ray beam in transmission geometry.
The beam is diffracted by the crystallographic lattice planes (hkl) of the sample
material according to Bragg’s law resulting in Debye-Scherrer rings on the detector.
The position of each detector pixel with the recorded intensity I (θ, δ) is specified
by the diffraction angle 2θ and the azimuthal angle δ and corresponds to a specific
diffraction vector Q̄, being the normal on the diffracting lattice planes. This is
exemplary indicated through different colours in Fig 1.1.

For the alignment and during the position-resolved experiments, the sample is
moved along the y or z-axis using piezo cubes by a simultaneous collecting of dif-
fraction data using the 2D detector.

At present such experiments can be performed at the nanofocus extensions of
the ID13 beamline at the ESRF in Grenoble, France [16] and the P03 beamline at
PETRA III of DESY, Germany [17].

1.1.2. Data Treatment

For a long time the software package Fit2D [11] has been a well-recognized standard
used for the treatment of 2D diffraction data in order to obtain a series of powder
patters Iδ (θ) which can be then used for quantitative diffraction analysis. However
the scripting capabilities of Fit2D are quite limited and the only way of data output
is generating a text file for every powder diffraction pattern Iδ (θ). These drawbacks
make the data treatment for high resolution scans very difficult, as there is a large
number of frames that needs to be integrated. The mesh scan in Paper B for example
consists of 7171 2D detector images with a resolution 2048 × 2048 pixels each. A
recently developed alternative that overcomes these limitations is PyFAI [13, 14],
which is an open source Python library for azimuthal integration of 2D diffraction
data. Its great advantage is, that it can be implemented in any Python code thus
all features of Python can be used for pre- and post-integration data treatment. For
the storage of the integrated powder patters, the Hierarchical Data Format HDF5
[15] was chosen as it is was designed to store large amounts of data. Additionally
it can be directly accessed from Python, offers good connectivity to other software
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1.1. X-ray Nanodiffraction Analysis of Residual Stresses in Thin Films

packages, is platform independent and offers the possibility of data compression.

A Graphical User Interface for PyFAI

As PyFAI is designed as a library for Python it has no native graphical user interface
(GUI). There are some scripts and a GUI that come with the distribution but their
usability for evaluating large amounts of X-ray data is limited. Therefore a GUI
dedicated to the evaluation of X-ray nanobeam experiments was set up within this
thesis. The major goals were (i) to optimise the workflow for the evaluation of line
(1D) and mesh scans (2D) and (ii) to standardise the data structures for saving to
integrated data in HDF5.

The GUI was designed using PyQt4 [18] and the packages guiqwt [19] and mat-
plotlib [20] were used to display the data. In Fig. 1.2 the “Integration” interface of
the GUI is presented, where all necessary parameters for the integration can be set.
However for a better usability not all options of the PyFAI library were implemented.
The selected files can be either integrated as a “Powder Pattern” or for “Texture”,
where the number of radial points is set to 1 in order to generate intensity profiles
of one peak in azimuthal direction. The list of files in the “Files” section can be
processed in three different ways:

Single Frame: Here only one selected frame specified in the “Frame” field is integ-
rated. This is mainly for preview purposes and no data is stored.

File Series: Here all files listed in the “Files” section are processed in the displayed
order and stored as one dataset in the HDF5 file. The integrated data can be
displayed in one coloured 2D plot.

Mesh: Here the whole sequence of the listed files, usually from a 2D mesh scan, is
divided into sections by the number set in the “Frames per line” field. The
data of each line is stored in an individual dataset, where each can be displayed
as a coloured 2D plot. There is also an option to show these plots sequentially.

In Fig. 1.3 an exemplary evaluation of one diffraction image taken from the TiN
thin film of Paper A is presented. The diffraction image (a) is analysed in the given
2θ-range and the TiN 111 and 200 peaks are presented in the powder pattern (b).
From varying intensities in azimuthal direction (c) the presence of a texture can be
deduced. In the “Display Data” tab the results of the integration can be directly
displayed in 2D colour plots. The integrated data and the necessary information to
reproduce the integration are stored in a HDF5 file, which consists of the following
datasets:
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1. Introduction

cakes: Is a 2D array containing the upper and lower bounds of the cakes.

frames: Is a 1D array containing the path and file name of each frame processed.

line: Is a 2D array where the actual integration results are stored. It has a special
data type, where each cell contains two 1D arrays, one with the 2θ-values and
one with the intensities. The data are ordered in such way, that all cakes of
a frame are stored in one row. If a “Mesh” evaluation is performed one such
dataset is generated for every line. In this case the name is extended by a
three digit number.

parameters: is a 2D array with all parameters necessary to reproduce the evaluation.

poni_file: Here the calibration is saved as a text file.

Figure 1.2.: The “Integration” interface of the GUI, where all relevant settings for integ-
ration can be made. The settings are made in order to integrate the data for
Fig. 1.3.
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1.1. X-ray Nanodiffraction Analysis of Residual Stresses in Thin Films

(a) Analysed frame

(b) Powder pattern

(c) Azimuthal intensity distribution

Figure 1.3.: An exemplary evaluation of the diffraction pattern (a) from a TiN thin film.
The powder pattern (b) with 111 and 200 peaks represents intensity distribu-
tion as a function of Bragg’s angle 2θ along the red arrow in (a). The azimuthal
intensity distribution along the 200 Debye-Scherrer ring, which comprise crys-
tallographic texture information (cf. Paper A) is shown in (c).

1.1.3. Residual Stress Evaluation

The presence of stress in the diffracting gauge volume element causes an elliptical
distortion of the Debye-Scherrer rings [21]. If the unstrained lattice parameter Dhkl

0
of the material is known, the elastic strain as a function δ can be directly determined
according to Eq. (1.1). As Dhkl

0 is not known exactly in general other approaches
have been developed to determine stress from X-ray diffraction experiments, with
the most common being probably the sin2 ψ–approach [22, 23]. Under the condition
of the plane stress (i. e. σz � 0) it allows to determine stress without the exact know-
ledge of Dhkl

0 . In order to evaluate stress from the 2D diffraction data the azimuthal
angle δ needs to be converted into ψ which can be done using the transformation
proposed by Heidelbach et. al [24].

εhkl (δ) = Dhkl (δ) − Dhkl
0

Dhkl
0

(1.1)

It is however possible to establish a direct relationship between the measured
strain component (ε′

22)hkl
θ,δ in the direction of the diffraction vector Q̄ (cf. Fig. 1.1)

7



1. Introduction

and the strain tensor in the sample. This can be achieved by means of tensor algebra
applying the same approach as for the sin2 ψ–method [22, 23]. Therefore the strain
tensor in the sample coordinate system S (x′, y′, z′), where Q̄ = y′ needs to be
transformed into the laboratory coordinate system L (x, y, z). The transformation
between these two systems is a two-fold rotation of θ around the z-axis and δ around
the x-axis as shown in Fig. 1.4. This can be described by the transformation matrix
A as given in Eq. (1.2).

z

yx

11 22

33

Q

Q

Q

Figure 1.4.: In order to link the measured strain component (ε′
22)hkl

θ,δ in the direction of
Q̄ = y′ with the strain tensor in the sample coordinate system coordinate
system εhkl, a tensor transformation based on the relationship between the
sample coordinate system S (x′, y′, z′) and the laboratory coordinate system
L (x, y, z), being a two-fold rotation of θ around the z-axis and δ around the
x-axis, leading to the transformation matrix A given in Eq. (1.2), has to be
applied.

A =

⎡
⎢⎢⎣

cos θ cos δ sin θ − sin δ sin θ

− sin θ cos δ cos θ − cos θ sin δ

0 sin δ cos δ

⎤
⎥⎥⎦ (1.2)

Now the tensor transformation between (ε′
22)hkl

θ,δ and the strain tensor in the sample
coordinate system εhkl according to Eq. (1.3), gives the relationship between the
measured strain along Q̄ and the unknown strain in the sample coordinate system
as in Eq. (1.4). (

ε′
22

)hkl
θ,δ =

Dhkl
θ,δ − Dhkl

0
Dhkl

0
= a2ia2jεhkl

ij (1.3)

8



1.1. X-ray Nanodiffraction Analysis of Residual Stresses in Thin Films

(
ε′

22
)hkl

θ,δ = sin2 θ εhkl
11 − 2 cos δ cos θ sin θ εhkl

12

+ cos2 δ cos2 θ εhkl
22 + cos2 θ sin2 δ εhkl

33

+ 2 cos θ sin δ sin θ εhkl
13 − 2 cos δ cos2 θ sin δ εhkl

23 (1.4)

Biaxial Case

In the case of only σ11 and σ22 being present in the sample and all other components
being either zero or negligible Eq. (1.4) can be simplified and rewritten as follows
(cf. Paper A):

(
ε′

22
)hkl

θ,δ = σ11
[

1
2Shkl

2 sin2 θ + Shkl
1

]
+ σ22

[
1
2Shkl

2 cos2 δ cos2 θ + Shkl
1

]
(1.5)

where Shkl
1 and 1

2Shkl
2 are the materials X-ray elastic constants. If a new azimuthal

angle γ = δ − 90° is introduced Eq. (1.5) can then be simplified and transformed to
directly determine σ22 from the slope of the D vs. sin2 γ dependencies (Eq. (1.6)).
Here it is assumed that for small Bragg angles cos2 θ � 1. The unstrained lattice
parameter Dhkl

0 can be determined from (D∗)hkl at the strain free direction sin2 γ∗

[23].
∂Dθ,γ

∂ sin2 γ
= σ22

1
2Shkl

2 Dhkl
0 (1.6)

General Case

In the case of a more complex stress state, Eq. (1.4) can be rewritten to become
Eq. (1.7) containing all six components of the stress tensor and completely describing
the distorted diffraction ring. The influence of the individual stress components on
the diffraction ring distortion is shown in Fig. 1.3.

(
ε′

22
)hkl

θ,δ = σ11
[

1
2Shkl

2 sin2 θ + Shkl
1

]
+ σ22

[
1
2Shkl

2 cos2 δ cos2 θ + Shkl
1

]
+ σ33

[
1
2Shkl

2 cos2 θ sin2 δ + Shkl
1

]
− σ12

[
Shkl

2 cos δ cos θ sin θ
]

+ σ13
[
Shkl

2 cos θ sin δ sin θ
]

− σ23
[
Shkl

2 cos δ cos2 θ sin δ
]

(1.7)
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1. Introduction

Under the condition that there are data from at least two different peaks available,
it is possible to determine all six components of the stress tensor from Eq. (1.7).
This is archived by generating a system of equations holding the data from all
measured peaks which can be solved for σii and σij . For this approach it is however
necessary to have a correct value for the unstrained lattice parameter Dhkl

0 as it is
required to determine (ε′

22)hkl
θ,δ from the diffraction data according to Eq. (1.1). The

requirement of having data from at least two different peaks originates from the fact,
that the influence of σ11 on the deformation of the diffraction ring does not depend
on δ but merely acts as a linear offset to the curve, as it can be seen in Fig. 1.3 a.
Therefore, if diffraction data from only one peak are available, the problem becomes
ill-conditioned resulting in incorrect results for the σii components. If the data from
only one peak is to be evaluated, it is also possible to fit Eq. (1.7) to the (ε′

22)hkl
θ,δ

data, but in this case σ11 needs to be determined by other means and given as an
input parameter.

Care should also be taken in the interpretation of the shear components as their
effect on the distortion of the Debye-Scherrer rings is equivalent to the effects of an
error in the calibration of the beam centre or the detector tilt.

In the case of a plane stress state any result for σ33 in the solution of Eq. (1.7) can
be interpreted as a pseudo hydrostatic stress σph originating in a incorrect value used
for Dhkl

0 . Therefore changing Dhkl
0 until σph becomes zero in an iterative process

can be used to refine Dhkl
0 [21, 25].

(a)
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1.1. X-ray Nanodiffraction Analysis of Residual Stresses in Thin Films

(b)

Figure 1.3.: Measured strain (ε′
22)θ,δ plotted as a function of the azimuthal angle δ. Six

loading cases with different stress components present demonstrate the effect
of the individual components on the deformation of the Debye-Scherrer ring.
The principal components σii scale the amplitude of the wave and the shear
components σij alter the wavelength (a). Additionally the in-plane shear
components σ1i induce a non-uniform amplitude (b).

1.1.4. Relaxation of Stresses due to Sample Preparation

When a thin lamella with the thickness L is cut from the sample the stress component
σ11 can relax due to the expansion of the film in x-direction, as shown in Fig. 1.4.
Depending on the ratio between L and the film thickness D and the stiffness of the
substrate material, three cases can be distinguished:

L � D: The volume fraction with a relaxed σ11 is very small and the effect can be
neglected.

L � D, soft substrate: This will cause a constant relaxation across the thin film,
i.e. Δσ11 = constant.

L � D, stiff substrate: In this case there will be a depth dependent expansion of the
film in x-direction, as the substrate will confine the thin film on the interface.

For the last case in Paper A finite element modelling (FEM) has been applied to
assess the effect of the relaxation of σ11 on σ22 obtained from the X-ray diffraction
data evaluation. It is found that for L � D the effect is significant and needs to
be accounted for. Therefore in Paper A a procedure is proposed that allows for the
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recursive evaluation of the original equi-biaxial stress state in the sample from the
measured data of partly relaxed sample.

Figure 1.4.: A FEM model documents the relaxation of the stress component σ11 due to the
expansion of the lamella in x-direction. One can observe that the relaxation
is almost 0 at the interface and increases towards the surface (cf. Paper A).

1.1.5. Summary and Outlook

In Paper A the residual stress gradient in a shot-peened nanocrystalline TiN film
is mapped using cross-sectional X-ray nanodiffraction and the results are compared
with a Laplace space approach. It is shown that the residual stresses evaluated
using Eq. (1.6) and corrected as described in section 1.1.4 are in agreement with
the results from the Laplace space approach characterisation. This proves that the
assumptions required to apply Eq. (1.6) are justified in this case.

In Paper B the residual stress distribution in a wedge-indented nanocrystalline
CrN-Cr thin film with a respective layer thickness of 500 nm and 250 nm is character-
ised using cross-sectional synchrotron X-ray nanodiffraction with a spatial resolution
of 100 nm. At present this is the first experiment revealing a complex distribution of
tensile and compressive residual stresses across the imprint. With the aid of FEM
the formation of these stresses is explained and it is shown how the soft Cr sublayers
acts as a stabilising component preserving the integrity of the structure during the
indentation.

For the future three major trends can be expected:
(i) Experiments to characterise the stress distribution under an indenter in-situ

have already been conducted and the results will be presented in future publications
[12]. For these complex load cases the ability to evaluate the full stress tensor will
add a new quality to the results, as in this case the assumption of plane stress does
not hold true any more and shear stresses appear to play an important role in the
deformation and failure behaviour. The possibility to study the effects taking place
within a thin film under mechanical load will provide new insights into the deform-
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1.2. Texture Evaluation using the MTEX Software Package

ation and failure mechanisms of thin films and lead way to improve the architecture
of nanocomposites.

(ii) Recently developed Multilayer Laue Lenses (MLLs) [4] are promising to be-
come the next quantum leap in reducing beams sizes and improving spatial resol-
ution. Within an application test the CrN-Cr multilayer film from Paper B was
characterised by Dr. Sven Niese, Fraunhofer IKTS-MD, Dresden at the ID13 beam-
line of ESRF in Grenoble, France [16] archiving a spatial resolution of 50 nm. The
phase plot evaluated from the diffraction data is depicted in Fig 1.5. The large
overlapping of the CrN and Cr phases can be attributed to the interfaces not being
aligned parallel to the x-y-plane.

(iii) The concept of cross-sectional X-ray diffraction is not limited to nanodif-
fraction and nanocrystalline materials but has already been successfully applied to
characterise the near surface region of nitrided Fe alloys with the resolution and
beam-sizes in the micrometer range [26].

Figure 1.5.: Application test of newly developed MLLs, where the CrN-Cr multilayer film
from Paper B was scanned at ID13 with a beamsize of 50 nm.

1.2. Texture Evaluation using the MTEX Software Package

Crystallographic texture, the preferred orientation of crystallites in the material, de-
cisively influences physical properties of materials. Since most crystalline materials
are not isotropic, i. e. the crystal exhibits different physical properties along various
crystallographic directions, the presence of texture results in the macroscopic an-
isotropy of physical properties. Therefore the ability to understand the relationship
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between production parameters and final material texture is crucial for the design
of new materials with controlled anisotropy, i. e. properties [7, 27–30]. Furthermore
the knowledge about texture is also an important input parameter for the evaluation
of other characteristics such as residual stresses (cf. Paper A) [31].

Texture evaluation in a tensely loaded sample during an in-situ experiment allows
to study deformation mechanisms such as reorientation of grains or twinning [32–
34], which play in important role in defining the nature of the elasto-plastic material
response.

Therefore it is important to have tools ready that (i) allow local characterisation
of texture with high spatial resolution and (ii) can efficiently evaluate texture from
a large number of measurements. The first criterion is particularly important for
materials with small dimensions such as nanocrystalline thin films and can be met
using the X-ray nanodiffraction technique described in section 1.1. The second
criterion can be satisfied by using MTEX [35], which is a Matlab toolbox allowing
to directly quantify the orientation distribution function (ODF) from a single 2D
X-ray diffraction image [36].

1.2.1. Construction of Raw Pole Figures from 2D Diffraction Data

z

yx

s

Q

Figure 1.6.: Coordinate system and angles used to describe the position of the diffraction
vector Q̄ (θ, δ), where θ is the Bragg angle and δ is the azimuthal angle on
the diffraction image. To plot Q̄ (θ, δ) into a stereographic projection, θ and
δ are converted into ρs and ϕ using Eqs. (1.8) to (1.11). In the x, y-plane the
raw pole figure of the TiN 111 reflection is shown, where the lower half of the
Debye-Scherrer ring (δ = [180°, 360°]) is projected to the southern hemisphere
of the pole figure (ϕ = [180°, 360°]). For a better illustration θ was scaled by
a factor of 3.

To perform the ODF estimation with MTEX, raw pole figures need to be con-
structed from the 2D diffraction data as shown in Fig. 1.6 [21]. This is done in three
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1.2. Texture Evaluation using the MTEX Software Package

consecutive steps.
First the 2D diffraction images are integrated for “Texture” as described in sec-

tion 1.1.2 obtaining datasets of the form (θ δ I)hkl for each reflection hkl. Alternat-
ively the 2D patterns can be integrated cake-wise (cf. section 1.1.2) with subsequent
fitting of the diffraction peaks hkl of interest. The diffraction vectors Q̄ (θ, δ) cor-
responding to each dataset are defined as follows:

Q̄ (θ, δ) =

⎡
⎢⎢⎣

sin θ

cos θ cos δ

cos θ sin δ

⎤
⎥⎥⎦ . (1.8)

Second, the Q̄ (θ, δ) are converted into spherical coordinates Q̄ (α, ϕ) using Eqs. (1.9)
and (1.10), where α is the inclination angle with the positive z-axis and ϕ the
azimuthal angle in the x-y-plane.

α = arctan
(

r

Q̄z

)
(1.9)

ϕ = arccos
(

Q̄y

r

)
(1.10)

with r =
√

Q̄x
2 + Q̄y

2

In in the third step the data for each hkl are plotted in a stereographic pro-
jection as shown in Fig. 1.6. Thereto the polar angle ρs needs to be calculated
according to Eq. (1.11) and the data of the the lower half of the Debye-Scherrer
ring (δ = [180°, 360°]) are projected to the southern hemisphere of the pole figure
(ϕ = [180°, 360°]). The new dataset (ρs ϕ I)hkl can now be imported by MTEX as
a raw pole figure for the respective reflection (cf. Fig. 1.7 a, b).

ρs = tan
(

α

2

)
· 90° (1.11)
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1.2.2. Texture Analysis of a Nanocrystalline TiN Thin Film

Nanocrystalline thin films often exhibit pronounced textures due to competitive
columnar grain evolution during the film growth [27, 37, 38]. Texture gradients
across the thickness or its local variations are usually attributable to the changes in
conditions during the film growth [6–9, 39], to template effects [27, 40] or to self-
organization phenomena. Making use of these effects allows to synthesise thin films
or nanocomposites with superior physical properties.

Up to now texture of nanocrystalline thin films has been mostly characterised as
a volume averaged property and only few studies (e. g. [6, 9] and Paper A) report
results on texture variation across the film thickness. But also here the ODF were
only evaluated at selected positions or the texture was deduced indirectly.

The aim of using MTEX to calculate ODF from X-ray nanodiffraction data is to
implement it as a method to process a large number of diffraction images, in order
to produce texture maps or study texture evolution in-situ.

In this section the combination of cross-sectional X-ray nanodiffraction and MTEX
is tested on a diffraction image of the TiN film from Paper A, which exhibits a
pronounced {100} fibre texture. The results are compared to Rietveld evaluation
with MAUD [41] and laboratory measurements using a Rigaku SmartLab.

The diffraction image used for the ODF analysis is shown in Fig. 1.7 a. Here the
presence of the texture is already clearly visible from the varying intensity distri-
bution along the diffraction ring. The corresponding raw pole figures for the 111
and 200 reflection are shown in Fig. 1.7 b and c respectively. In Fig. 1.8 the recalcu-
lated pole figures for the 111 and 200 reflection produced using MTEX are shown.
The ring shaped zones of high and low intensities for the 111 and 200 reflections
respectively, which are characteristic for the {100} fibre texture are not fully repro-
duced, which is probably due to the limited coverage of the raw pole figures. As
a comparison the data were also analysed using the Rietveld software MAUD and
the EWIMV [42] algorithm for ODF estimation. In Fig. 1.9 the recalculated pole
figures are presented. Here the {100} fibre texture is clearly visible, however it has
to be noted that cylindrical specimen symmetry was selected to obtain these results.
Fig. 1.10 depicts the pole figures measured in the laboratory, which were used as a
benchmark for the software tools.
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(a)

111Max:
187

Min:
29

(b)

200Max:
878

Min:
47

(c)

Figure 1.7.: Diffraction image (a) and the corresponding raw pole figures for the TiN 111
(b) and 200 (c) reflection.

111Max:
2.44

Min:
0.34

(a)

200Max:
4.1

Min:
0.24

(b)

Figure 1.8.: Recalculated pole figures by MTEX for the TiN 111 (a) and 200 (b) reflection.

111Max:
2.0

Min:
0.39

(a)

200Max:
6.54

Min:
0.57

(b)

Figure 1.9.: Recalculated pole figures by MAUD for the TiN 111 (a) and 200 (b) reflection.
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111

(a)

200

(b)

Figure 1.10.: Pole figures for the TiN 111 (a) and 200 (b) reflection measured in the
laboratory with a Rigaku SmartLab diffractometer.

1.2.3. Conclusions

Both software packages were able to reproduce the {100} fibre texture of TiN thin
film. In the case of MTEX this was not as exact due to the limited coverage of
the raw pole figures. Since MTEX does not offer the option of cylindrical specimen
symmetry, triclinic was chosen. Manuel symmetry operations when preparing the
data, like virtually rotating the sample around the z-axis, could improve the result
if a fibre texture is present [21] but it has to be decided in every particular case
weather this assumption is applicable. The same applies for the selection of the
specimen symmetry in MAUD. In the case of the studied TiN film the assumption
seems justified. However in both cases, MTEX and MAUD, it should be kept in
mind that a single diffraction frame contains only a part of the texture information.
Therefore the plausibility of the results needs to be carefully judged, especially for
more complex or less distinct textures as in the presented case.

The great advantage of using MTEX to process large quantities of data is, that no
Rietveld analysis has to be performed prior to the ODF calculation and since MTEX
is Matlab based it can easily be implemented into evaluation routines. Combining
X-ray nanodiffraction and MTEX makes it now possible to estimate the ODF for
every diffraction image of a measurement. So texture, strain and phases can now be
characterised with a spatial resolution down to 100 nm with one single diffraction
experiment.
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1.3. Stress Gradients in Thin Films determined using a
Laplace Space Approach

Nanocrystalline thin films often exhibit a non-uniform distribution of residual stresses
σ (z) across their thickness z, which can originate (i) from the varying deposition
conditions, (ii) from a self-organization phenomena like competitive grain growth
[6–9, 43–45] resulting usually in a complex microstructure and/or (iii) from a post-
deposition treatment such as blasting [46] (cf. Paper A) or heat treatment [47].
X-ray diffraction in combination with an inverse Laplace transformation of the meas-
ured data σ (τ) is a common approach to evaluate residual stress gradients σ (z) along
the surface normal z of thin films [22, 23, 31, 48–50]. There is a variety of X-ray
experimental techniques, such as grazing incidence diffraction [31, 51], the sin2 ψ–
technique [22, 23, 31, 48, 49, 52, 53] or energy dispersive X-ray diffraction [54–57],
that can be employed to determine σ (τ). But in all cases the main principle is to
vary the penetration depth τ of the X-ray beam into the material, which is governed
by Eq. (1.12), where τ is defined as the thickness of the layer contributing to 63 %
of the measured intensity [31]. In Eq. (1.12), τ can be controlled by either changing
the angles α and β, that depend on the Bragg angle θ and the orientation of the
scattering vector Q̄, or the wavelength as this will influence the mass attenuation
coefficient μ. In case the calculated penetration depth of the X-ray beam exceeds
the thickness of the thin film D, the origin of the measured information is given by
the “information depth” τeff according to Eq. (A.5) [23, 48], where the maximum
possible value for τeff is D

2 [51].

τ = 1
μ

sin α sin β

sin α + sin β
(1.12)

τeff = τ − D e−D/τ

1 − e−D/τ
(1.13)

In the case of in-plane equi-biaxial stress with zero shear stress components, i.e.
σ11 = σ22 = σ‖ and σ33 = σij = 0, the residual stress in the Laplace space σ‖(τ) can
be determined from the measured lattice strain εψ (hkl, τ) according to Eq. (A.3),
where ψ is the tilt angle of the diffraction vector and F‖ (hkl, ψ) is the stress factor
[31]. The correlation between the data in the Laplace space and the data in the
real space is given in Eq. (1.15), which has the form of a Laplace transformation (if
the integral would extend to infinity) [31]. Since it is very difficult to calculate an
inverse Laplace transformation from a measured profile σ‖(τ) numerically, relatively
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simple analytical functions with known Laplace transformations are fit to σ‖(τ)
and the obtained (usually polynomial) coefficients determine σ‖(z) [31, 48, 53], as
demonstrated also in Paper A.

σ‖(τ) = εψ(hkl, τ)
F‖ (hkl, ψ) (1.14)

σ(τ) =
∫ D

0 σ(z) e−z/τ dz∫ D
0 e−z/τ dz

(1.15)

1.3.1. Limitation for the Application to Thin Films with Complex Stress
Gradients

In Paper A the results from a Laplace approach applied to diffraction data col-
lected in laboratory conditions and at the energy dispersive synchrotron beamline
EDDI (at BESSY in Berlin) are compared with the results from a cross-sectional
X-ray nanodiffraction experiment, that allows resolving stress gradients directly in
real space. It is demonstrated that a monotonous gradient can be reproduced well
with the Laplace approach if an appropriate model function for σ (z) is chosen. In
Fig. A.6 results from Paper A on the stress state in the TiN thin film are shown,
where σ (z) stays for the data form the nanodiffraction experiment, σ (τeff ) are the
Laplace space data from the laboratory (Lab) and synchrotron (EDDI) measure-
ments and σL (z) is the calculated real space profile. It can be seen that σL (z) is
in a good agreement with σ (z). Additionally the calculated Laplace space profile
(Calc.), obtained by applying Eq. (1.15) to the nanodiffraction data, is presented.

In Fig. A.6 b the Laplace space data σ (τeff ) are calculated for a CrN thin film
with a complex stress state as reported in [6, 8]. In a second step different functions
were used to fit the σ (τeff ) data and the obtained real space profile σL (z) was
compared with the nanodiffraction data σ (z). The best result obtained using a 5th

degree polynomial is shown in Fig. A.6 b. From the comparison between σL (z) and
σ (z) it can be seen, that the stress gradient can be reproduced very well in the
surface region of the CrN film but not in the other film regions. It has to be noted
that this result was obtained by supposing a very good data quality (0.5 μm spatial
resolution and no scattering) and by selecting the best result after considering the
real space profile, which is generally not known. Hence this can be considered as
an idealised case. This confirms the conclusion already drawn in Paper A, that
cross-sectional X-ray nanodiffraction is the only technique that allows to accurately
resolve residual stress gradients in complex thin films. This applies even more to
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thin films having a multilayer architecture, with layer thicknesses in the sub-μm
regime as in Paper B.
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(b) Complex gradient

Figure 1.11.: Here the recalculation of the real space stress gradient σL (z) from Laplace
space data σ (τeff ) are compared to data obtained from X-ray nanodiffrac-
tion σ (z) . This is done for (a) a simple and (b) a complex stress gradient in a
TiN and a CrN thin film respectively. σ (τeff ) Lab and EDDI represent data
collected from the measurements in the lab and at the synchrotron respect-
ively whereas Calc. denotes the data calculated from σ (z) using Eq. (1.15).

1.4. In-situ X-ray Diffraction on Nanocrystalline Thin Films
coupled with Four-Point Bending

The influence of deposition parameters and post-deposition treatment of thin films
on their mechanical properties has been predominantly characterised using indenta-
tion techniques, mechanical tests and X-ray analysis of residual stresses [10, 45, 58,
59]. There are however very few studies that analyse the influence of dedicated de-
position recipes and/or post-deposition treatment on the fracture properties of thin
films. This kind of correlation can be done using four-point bending tests coupled
with X-ray diffraction analysis of stresses, as they offer the possibility to study the
fracture behaviour of thin films during macroscopic bending.

When a thin film on a substrate is subjected to an external tensile strain, the
stress in the film along the tensile direction σ11 can be predicted by Hooke’s law
Eq. (1.16) [60, 61], where Ef , νf , νs are the macroscopic elastic constants of the film
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and the substrate respectively, εf,res is the strain caused be the residual stress in the
film and εa is the applied strain. It has been found [61], that at a certain point the
stress in a thin film on a substrate σ11 diverges from the prediction (Eq. (1.16)) and
reaches a plateau value as it can be seen in the experimental data shown in Fig 1.12.
The formation of the plateau value can be attributed to the formation of parallel
cracks which are oriented perpendicular to the loading direction of the film [62–64].

σ11 = Ef

1 − νf

(
εf,res + 1 − νf νS

1 − νf
εa

)
(1.16)

Figure 1.12.: Experimental data for the −40 V CrN film from Paper C in comparison to
the prediction given in Eq. (1.16). The plateau provides an estimate of the
film fracture stress.

The shear-lag model allows to predict the stress distribution σ (x, λ, εa) [62] (cf.
Paper C) at a given applied strain εa and a crack spacing λ as shown in Fig. 1.13.
Ahmed et al. [62] could show that if σ (x) exceeds the fracture stress of the film
σF , a new crack is formed and the stress drops to σ

(
x, λ

2

)
(cf. Fig. 1.13). Since

σ (x) also depends on the crack length λ, below a certain crack length σ (x) does
not exceed the fracture stress of the film any more, therefore the observed plateau is
formed in the measured stress dependence on the applied strain [62, 63]. This goes
along with crack spacing reaching a saturation value λ̄. The plateau value can now
be used as an estimate for the fracture properties of the film. To determine an exact
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value of σF , in-situ straining experiments as in [62] would be required. The crack
spacing λ can be correlated with the fracture toughness of the film, it is however
over-estimated if λ̄ is applied [63].

Figure 1.13.: Scheme of theoretic stress distribution σ (x) in a film with multiple cracks
that space with λ and formation of a new crack with spacing λ

2 when the
stress in a segment exceeds the fracture stress of the film σF . Image adapted
from Paper C.

In Paper C, four-point bending coupled with X-ray diffraction has been applied to
study the effects of the applied bias voltage during deposition and the post deposition
heat treatment on fracture behaviour of magnetron sputtered CrN thin films. It
was shown, that the change in the bias voltage from −40 V to −120 V modified
the observed fracture behaviour and the observed plateau stresses changed from
about 1 GPa tensile to just below 0 GPa. Since the −120 V thin film exhibits higher
compressive residual stresses after the deposition, the overall stress change during
bending was larger. The evaluation of λ̄ from SEM images also indicates a higher
fracture toughness for the −120 V film. Upon heat treatment above the deposition
temperature the initial residual stresses in the film are relaxed due to the recovery
of defects [45, 58]. This is very pronounced for the −120 V film as it carries more
defects from the deposition process [65, 66]. Heat treatment thus decreases fracture
stress and toughness of the −120 V film whereas there is practically no change in
the −40 V film.

In conclusion it can be said that four-point bending coupled with X-ray diffraction
can be effectively used to assess the fracture properties of thin films especially when
it is used comparatively. In order to determine fracture stress and toughness quant-
itatively in-situ X-ray diffraction experiments with μm-resolution coupled with an
optical observation of the crack development across the film surface would be have
to be applied.
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1.5. Mapping Three-Dimensional Residual Stresses in
Engineering Components

X-ray analysis is often referred to as a non-destructive characterisation technique.
But for large bulky samples, cutting the sample is often inevitable (e. g. for railway
rails) and usually results in stress relaxation. Consequently, for large engineering
components there is a need to use techniques which allow for non-destructive char-
acterization of uncut sample pieces with the preserved initial stress state.

Diffraction experiments used for 3D residual stress characterization are usually
performed in reflection geometry, as the measurement in transmission implies av-
eraging in beam direction which usually results in an undesirable peak broadening.
The probed volume element and hence the spatial resolution is defined by the gauge
volume, which is defined by the apertures as shown in Fig. 1.14 [67]. Strain mapping
in bulk samples is performed by a controlled sample movement in the beam. In order
to determine the diagonal components of the stress tensor σii using Eq. (1.17) [23],
at least three independent lattice parameter measurements have to be carried out for
every measurement point to determine the principal components of the strain tensor
εhkl

ii . This is under the assumption that the principal components are oriented in
direction of the coordinate axis, otherwise at least six independent lattice parameter
measurements are required [23, 67]. Here Ekl and νhkl are X-ray elastic constants
for the reflection hkl.

Especially for large components the long beam pathways in the material demand
the use of high X-ray energies which are only available at synchrotron sources. If the
components are very large, neutron diffraction becomes favourable as the penetration
depth is larger and the wavelength in the Angstrom regime allows for diffraction
angles of about 90°, whereas the Bragg’s angle of high energy synchrotron radiation
is usually only a few degrees [5, 67]. Therefore neutron diffraction will allow shorter
pathways in the material. But on the other hand the neutron flux is a few orders
of magnitude lower, thus resulting in longer counting times [5] and offering lower
spatial resolution as larger gauge volumes need to be chosen.

σii = Ehkl

(1 + νhkl)

[
εhkl

ii + νhkl

(1 − 2νhkl)

(
εhkl

11 + εhkl
22 + εhkl

33
)]

where i = 1, 2, 3 (1.17)

Another approach that overcomes the limitation to the reflection geometry is the
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Figure 1.14.: Diffraction setup in reflection geometry. The probed volume element in the
sample is defined by the gauge volume, which can be controlled by the aper-
tures. Here the 2θ-angle is drawn for neutron diffraction, where it is about
90°. In the case of high energy synchrotron diffraction 2θ is only a few degrees
resulting in longer path ways in the material.

use of a conical slit cell (CSC) [68] as shown in Fig. 1.15. The CSC is a plate with
several very thin conical slits, that have a common focus point. This permits to select
a specific sample volume element in transmission geometry. In this case it is possible
to collect full Debye-Scherrer rings, which already contain the strain information
of two principal directions, so only two measurements in different orientations are
required to evaluate three principal stress components according to Eq. (1.17) .
Alternatively the stress components can be also evaluated using Eq. 1.7, if diffraction
data from two reflections are available. Additionally information about texture and
size and shape of the grains can be extracted from the Debye-Scherrer ring intensity
profile and broadening [6, 10].

In any case it is necessary to obtain Dhkl
0 from a reference measurement for the

quantification of εhkl according to Eq. 1.1.
Within this thesis, neutron diffraction in reflection geometry and the CSC are

used to characterise 3D residual stress fields in large engineering components.
In Paper D neutron diffraction is applied to determine the 3D residual stress distri-

bution in a roller straightened railway rail at the Stress-Spec neutron diffractometer
of the FRMII facility in Garching, Germany using a gauge volume of 5 × 5 × 5 mm3

[69] The focus is laid on the characterisation of the longitudinal residual stresses as
these are a standardised quality criterion. Neutron diffraction is chosen because it
is the only technique allowing to measure in the head of a 0.5 m long piece of rail
with beam path lengths in the material up to 7 cm. The data correlates well with
the results of the contour method and finite element modelling. Using the neutron
measurement as a benchmark it can be concluded that the two other methods can
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Figure 1.15.: Experimental setup for a measurement using the CSC. Here the probed
volume is defined by the beamsize of the incident beam and the focus point
of the CSC. Diffraction image taken from from Paper E.

be used to effectively predict and determine the residual stress state in straightened
railway rails.

In Paper E the CSC is applied at the HEMS (P07) beamline of PETRA III at
DESY, Germany to locally map residual stress gradients in seamless rolled steel
tubes with high energy synchrotron diffraction. It is shown that the CSC can be
effectively used to map the residual stresses in the tube wall, having a thickness of
9.8 cm, with a spatial resolution of 0.8 mm. In this way, it was possible to resolve
the very steep stress gradients in the tube walls, documenting the importance of the
cooling process control during the production as it has a decisive influence on the
final residual stress state.
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A. X-Ray Analysis of Residual Stress Gradients in TiN Coatings ...

Abstract

Novel scanning synchrotron cross-sectional nanobeam and conventional laboratory
as well as synchrotron Laplace X-ray diffraction methods are used to characterize
residual stresses in exemplary 11.5 μm thick TiN coatings. Both real and Laplace
space approaches reveal a homogeneous tensile stress state and a very pronounced
compressive stress gradient in as-deposited and blasted coatings, respectively. The
unique capabilities of the cross-sectional approach operating with a beam size of
100 nm in diameter allow to analyse stress variation with sub-micron resolution at
arbitrary depths and to correlate the stress evolution with the local coating micro-
structure. Finally advantages and disadvantages of both approaches are extensively
discussed.

A.1. Introduction

Protective hard coatings used for high-speed applications in the metal working
industry possess complex depth gradients of phases, microstructure and residual
stresses. Those gradients can be related to the effects of varying deposition con-
ditions, self-organization phenomena like competitive grain growth and/or post-
deposition mechanical and thermal loads caused e.g. by friction between coating
and counterpart [1, 2].

X-ray diffraction (XRD) represents a common technique to evaluate residual stress
gradients σ(z) along the surface normal z in polycrystalline thin films and coatings
from measured X-ray elastic strains using the sin2 ψ technique [3–6]. The inclination
of the diffraction vector with respect to the sample normal is given by the angle
ψ. The measured lattice spacing d (hkl, τ, ψ) and X-ray elastic strains ε (hkl, τ, ψ)
represent volume-average quantities which depend on the actual stress depth profile
σ(z), X-ray penetration depth τ , reflection hkl and experiment geometry. In general,
d (hkl, τ, ψ) and ε (hkl, τ, ψ) can be related as follows [7, 8]

ε(hkl, τ, ψ) = d (hkl, τ, ψ) − d0 (hkl)
d0 (hkl) = 1

d0 (hkl)

∫ D
0 d (hkl, τ, ψ) e−z/τ dz∫ D

0 e−z/τ dz
(A.1)

where D is the coating thickness and d0 (hkl) is the unstressed lattice parameter.
By varying τ during a diffraction experiment it is possible to evaluate ε (hkl, τ, ψ)
and σ(τ) dependencies experimentally in the so-called Laplace space. For the quan-
tification of the stress gradient σ(z) from experimental σ(τ) as a function of z in
real space, however, it is necessary to solve a complex inverse problem similar to
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inverse Laplace transformation. Since the transformation between σ(τ) and σ(z) is
not ambiguously defined, it is necessary to make very strong assumptions about the
actual nature of σ(z) profile in the real space [5].

Recently, a novel XRD approach based on the cross-sectional nanodiffraction was
introduced [9, 10]. The new technique uses synchrotron point (or pencil) X-ray nan-
obeams with a diameter (or a thickness) down to 100 nm or even less to scan thin
films at the cross-section in transmission or in reflection geometries. The advantage
of the new scanning method is that the depth gradients of microstructure, residual
stresses and phases can be determined directly in the real space as a function of the
coating depth z. The approach opens the possibility to analyse stresses in graded
thin films [10] and correlate them with texture, crystallite size and phase gradients.
The characterization of fibre texture is trivial, including also full orientation dis-
tribution function calculation, especially in the case of in-plane isotropic thin films
with a fibre axis oriented perpendicular to the substrate surface [9, 11].

In this work residual stress gradients in exemplary as-deposited and blasted nano-
crystalline TiN coatings were analysed (i) using the "classical" Laplace method based
on the diffraction in reflection geometry and performed in laboratory and synchro-
tron conditions and (ii) using the recently-developed cross-sectional X-ray nanodif-
fraction approach providing the structural information in the real space. The main
aim of this work is to compare both techniques and to discuss their advantages and
disadvantages.

A.2. Experimental

A.2.1. Sample Preparation

For the deposition of the TiN coating with a final thickness of 11.5 μm on mono-
crystalline Si(100) substrates, an industrial sized plasma-assisted chemical vapour
deposition and nitriding plant was used. The central piece is a hot wall reactor
featuring wall temperatures up to 600 °C. The reactor is supplied with the process
gases (TiCl4, H2, N2, Ar) by a standard gas mixing system using mass flow control-
lers. The plasma is sustained by applying d.c. pulses to the substrates. For the
deposition a pressure of 200 Pa was applied. The deposition was carried out in two
steps. The first 5 μm of the coating were grown using a substrate temperature of
540 °C, then the temperature was set to 580 °C until the final thickness was reached.
After the deposition, one coated substrate was blasted using Al2O3 particles with
a diameter of 50 μm applying a pressure of 4.0 × 105 Pa. The morphology of the
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as-deposited and blasted coatings was examined using scanning electron microscopy
(SEM) (cf. Fig. A.3).

A.2.2. Laboratory Monochromatic XRD

As-deposited and blasted coatings were characterized using a Rigaku SmartLab 5-
axis X-ray diffractometer equipped with Cu-Kα radiation, parallel beam optics and
a secondary graphite monochromator. The measurements were conducted in side-
inclination mode scanning TiN 200 reflections at different sample tilt angles ψ in
the sin2 ψ range of 0–0.98 in reflection geometry (Fig. A.1). By tilting the samples
around the ψ-axis it was possible to vary the X-ray penetration depth τ . The sin2 ψ

range corresponds to a τ range of approximately 0–1.9 μm according to [4, 5]

τ = 1
2μ

sin θ cos ψ (A.2)

when considering a Bragg angle of about 42.6 ° as well as TiN mass attenuation
coefficient of μ = 835 cm−1 [12] for Cu-Kα radiation. The lattice spacing d(hkl, τ, ψ)
as a function of τ was evaluated with an error smaller than 10 %.

2

Q

n

Figure A.1.: X-ray elastic strains were characterized using the sin2 ψ method by measuring
lattice spacing d(hkl) at different sample tilt angles ψ along the direction of
the diffraction vector Q. The angle ψ represents the angle between the sample
normal n and Q. By varying the angle ψ, the X-ray penetration depth τ was
tuned [4, 5].
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A.2.3. Synchrotron Energy Dispersive XRD

Both TiN samples were characterized also at the Energy Dispersive Diffraction
(EDDI) beamline of Helmholtz-Zentrum Berlin (BESSY), Germany [13]. The dif-
fraction experiments were carried out using a white X-ray beam in the energy range
of 20–100 keV and beam dimensions of 500×500 μm in reflection geometry (Fig. A.1).
For the data acquisition, a N2 cooled LEGe detector system from Canberry with a
resolution of 160 eV at 10 keV and 420 eV at 100 keV was used. The acquisition was
performed in a symmetric θ/2θ configuration at a constant Bragg angle of 2θ = 12 °
using a counting time of 60 s per recorded spectrum. The measurements were used
to evaluate the lattice spacing d(hkl, τ, ψ) by measuring the positions of TiN 200
reflections at an energy of about 28 keV as a function of the sample tilt angle ψ

(Fig. A.1) [14]. The lattice spacing d(200, τ, ψ) dependence on τ was determined
(with an error smaller than 10%) using Eq. (A.1) by applying a mass attenuation
coefficient of μ = 25.14 cm−1 [12].

A.2.4. Cross-Sectional Synchrotron X-ray Nanobeam Experiment

The strain mapping experiment was conducted at the nanofocus extension of the
ID13 beamline of the European synchrotron radiation facility (ESRF) in Grenoble,
France [15]. A schematic description of the experimental setup is presented in
Fig. A.2. A monochromatic X-ray beam of the energy E = 13 keV was focused
using a Fresnel zone plate [16] providing a beam of 100 nm in diameter. Altern-
atively, using a nanofocusing parabolic refractive X-ray lenses [17], a (pencil-like)
beam with dimensions of about 0.2 × 5 μm was applied. Both types of setups were
tested in order to assess the influence of the beam shape on the diffraction statistics.
Due to the nanocrystalline nature of the coatings, there were however no significant
differences in the diffraction quality. In the following only results from experiments
performed using a point focus will be presented.

The thin sample slice (with a thickness in the beam direction of L = 20 μm) was
aligned with the film/substrate interface oriented parallel to the beam (Fig. A.2) by
using the ϕ-axis. A charge-coupled device (CCD) area detector with a resolution of
2048 × 2048 pixels and a pixel size of about 50 × 50 μm was positioned behind the
sample with a sample–detector distance of 102 mm. In order to vertically scan the
film cross-section, the sample was moved in the beam along the z-axis with a step
width of 100 nm. For each position, the CCD detector acquired a Debye-Scherrer
diffraction frame with a counting time of 0.5 s per frame. The two-dimensional
diffraction data were processed using the program package Fit2D [18].
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Figure A.2.: A schematic view of the position-resolved XRD experiment carried out in
transmission diffraction geometry using a monochromatic X-ray beam of
100 nm in a diameter. The TiN coating on Si(100) substrate (with a thickness
L = 20 μm in the beam direction) was moved along the z-axis with a step
size of 100 nm and the diffraction data were collected using a CCD detector
at the distance of 102 mm from the sample. The beam was aligned parallel
to the sample interface using the φ-axis movement. The TiN 111, 200 and
220 Debye-Scherrer rings represent diffraction from TiN crystallites. For a
Debye-Scherrer ring, the diffraction vectors Q are located on a bold line de-
picted schematically in the stereographic projection in the top. Please, note
that for δ = 0, ψ = θ.

A.3. Results and Discussion

A.3.1. Sample Surface Morphology

Morphologies and cross-sections of as-deposited and blasted TiN coatings were ana-
lysed using scanning electron microscopy (SEM) (cf. Fig. A.3). The blasting caused
an increase in the surface roughness. The SEM cross-sections reveal a nanocrystal-
line character of the coatings.
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(a) (b)

Figure A.3.: Surface and cross-section morphologies of as-deposited (a) and blasted (b)
TiN hard coatings reveal a nanocrystalline nature of the coatings and an
increase of surface roughness of the blasted coating (b).

A.3.2. Residual Stress Analysis in Laplace Space

For the analysis of residual stresses as a function of coating depth z in as-deposited
and blasted coatings, it was assumed that the stresses are equi-biaxial with σ11(z) =
σ22(z) = σ(z) and σi3(z) = 0 (i=1, 2, 3) and can be expressed by a parameter σ(z).
Similar for strains, it was supposed that only in-plane ε11(z) = ε22(z) = ε(z) and
out-of-plane ε33(z) strain components are non-zero [3, 19, 20].
As-deposited and blasted TiN coatings were characterized in the laboratory and at
the synchrotron source by analysing the positions of TiN 200 reflections (Fig. A.4).
The nearly linear sin2 ψ dependencies with positive slopes collected from the as-
deposited coating indicate relatively small tensile residual stresses. The different
slopes of the dependencies obtained from the as-deposited coating can be interpreted
by the presence of a stress gradient and/or by a different penetration depth of X-rays
in both experiments.

The sin2 ψ dependencies collected from the blasted coating in both experiments
show very pronounced curvatures which can be interpreted by the strong gradients
of residual stress σ(z) [4, 5, 21]. The X-ray elastic strains ε(200, τ, ψ) in the coat-
ings were evaluated from d(200, τ, ψ) values from Fig. A.4 whereby the unstressed
lattice parameter d0 was determined from the intercepts in the sin2 ψ plots. The
biaxial rotational symmetric in-plane residual stress in the Laplace space σ(τ) was
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Figure A.4.: Lattice parameters as a function of sin2 ψ for as-deposited (0b) and blasted
(4b) TiN coatings characterized in the laboratory (Lab) and at EDDI beam-
line (EDDI). The data were obtained by evaluating the positions of TiN 200
reflections.

determined from ε(200, τ, ψ) using X-ray diffraction Hooke’s law according to [5, 22]

σ(τ) = ε(200, τ, ψ)
F (200, ψ) (A.3)

where F (200, ψ) represents X-ray stress factors which depend on the material tex-
ture, single crystal elastic constants, grain interaction, TiN 200 reflection and ori-
entation of the diffraction vector [23, 24]. Since, the TiN thin films were in-plane
isotropic and possessed a {100} fibre texture (Fig. A.5), the stress factors F (200, ψ)
were for simplicity calculated according to [22]

F (hkl, ψ) = 2s12 +
(

s11 − s12 − 1
4s44

)
h2 + k2

h2 + k2 + l2
+ 1

4s44 sin2 ψ (A.4)

whereby, s11 = 2.17, s12 = −0.38 and s44 = 5.96 × 10−6 MPa−1 and hkl = 200 [25].
Finally, lattice spacing data obtained from laboratory and synchrotron experiments
(Fig. A.4) were used to quantify residual stresses σ(τ) in as-deposited and blasted
samples in the Laplace space using Eqs. (A.2–A.4) (Fig. A.6). Since in the case of
the synchrotron experiment performed using relatively hard X-rays, the maximal
penetration depth τ exceeds significantly the coating thickness D, the "information
depth" τeff is defined in order to express the origin of the measured information
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[4, 22]

τeff = τ − D e−D/τ

1 − e−D/τ
(A.5)

The results from Fig. A.6 document different penetration depths accessible at dif-
ferent facilities. In the case of laboratory measurements performed using Cu-Kα

radiation, the maximal penetration depth is about 2 μm and for synchrotron exper-
iments with much harder X-rays the maximal information depth τeff , approaches
the half of the coating thickness (τeff → D/2) [26]. For the as-deposited coating
σ(τ) data from Fig. A.6 indicate a relatively constant tensile stress state of approx-
imately 0.5 ± 0.1 GPa across the coating. Unfortunately, the stress dependence in
the interval [D/2, D] is not accessible [26].

Figure A.5.: TiN 200 and 111 pole figures collected using a laboratory Rigaku X-ray dif-
fractometer indicate a {100} fibre texture of the TiN coatings.

In case of the blasted coating, both laboratory as well as synchrotron σ(τ) data
(Fig. A.6) indicate a stress decrease with the τ increase. In order to obtain residual
stress dependencies σ(z) in the real space for the blasted coating, it was assumed
that the stress depth dependence can be approximately expressed by the exponential
function [27]

σ(z) = (a + bz)e−cz + d (A.6)

where a, b, c and d are numerical constants. The transformation of Eq. (A.6) into
Laplace space can be expressed as [5, 21, 22]

σ(τ) =
∫ D

0 σ(z)e−z/τ dz∫ D
0 e−z/τ dz

(A.7)

By fitting the numerical parameters a, b, c and d from Eq. (A.7) to the data of
the blasted sample from Fig. A.6, it was possible to evaluate residual stress profiles
σ(τ) in Laplace space and also σL(z) in real space (Fig. A.6). σL(z) dependence was
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determined by using both laboratory as well as synchrotron data (except for the
three measurement points from the synchrotron experiment on the blasted sample
at τ in the range of 0–2 μm). Finally both σ(τ) and σL(z) dependencies document
an (expected) exponential decrease of the compressive residual stresses as a function
of z in the blasted TiN.
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Figure A.6.: Residual stress values calculated from laboratory (Lab) and synchrotron
(EDDI) data (Fig. A.4) using Eqs. (A.3–A.5) for non-blasted (0b) and blasted
(4b) coatings. σ(τ) represents the fitted stress dependence (Eq. (A.7)) in the
Laplace space in the blasted coating as a function of τeff . σ(z) represents
recalculated stress profile (Eq. (A.6)) in the real space. σL(z) and σ(z) were
determined by using both Lab and EDDI data except for the three EDDI
measurement points at τeff in the range of 0–2 μm. For the non-blasted
sample the stresses are relatively homogeneous across the coating.

A.3.3. Residual Stress Analysis in Real Space

Two dimensional diffraction patterns obtained from the scanning X-ray nanodiffrac-
tion experiment (Fig. A.2) were used to evaluate lattice spacing as a function of
the diffraction vector Q(δ) orientation and the coating depth. At first the Debye-
Scherrer rings were integrated using the software Fit2D in order to analyse the
positions of the TiN 200 reflection collected at different δ angles. In Fig. A.7, the
depth development of the reflection positions 2θ(δ, z) for δ = 0 and 90 ° is presented.
In the case of the as-deposited (unblasted) sample, Figs. A.7 a and c document that
the peak positions do not change significantly across the entire coating thickness
what can be interpreted as an absence of a pronounced stress gradient. For the
blasted sample, however, the peak positions move towards higher diffraction angles
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for δ = 90 ° (Fig. A.7 d) and smaller diffraction angles for δ = 0 ° (Fig. A.7 b) for
coating depths in the range of about 0–2 μm. This is caused by a pronounced in-
plane (near surface) compressive stress which induces a coating contraction in the
in-plane direction, that is a decrease of lattice spacing of crystallographic planes ori-
ented with their normals parallel to the interface. However, the same stress causes
an increase of lattice spacing of crystallographic planes oriented with their normals
an angle θ with respect to the sample normal. The weak 2θ(0, 0.5) increase (cf.
Fig. A.7 b) and 2θ(90, 0.5) decrease (cf. Fig. A.7 d) at the depths of about 0.5 μm
indicate the presence of a weak stress relaxation which will be discussed further.
Different broadening of the TiN 200 reflections for δ = 0 ° and δ = 90 ° indicates
an anisotropic grain morphology (with needle-like crystallite shapes) and/or aniso-
tropic strains of II. and III. order (Fig. A.7). The abrupt changes in the peaks width
at depths of about 5.5 μm were caused by the change in the deposition temperature
which resulted in the growth of larger crystallites at depth of about 0–5.5 μm.

In order to analyse the depth variation of crystallographic texture in the samples,
intensities along TiN Debye-Scherrer rings I(δ, z) were evaluated. The three dimen-
sional (3D) I(δ, z) data were transformed into I(ψ, z) dependencies using a simple
transformation from [11] linking δ and ψ angles (cf. Fig. A.2)

cos ψ = cos θ cos δ (A.8)

Figure A.7.: TiN 200 reflections collected at different depths from as deposited (a,c) and
blasted (b,d) coatings depicted for two diffraction vector orientations δ =
0 °(ψ = θ) and 90 °(cf. Fig. A.2). The diffraction peak width variation across
the depth is cased (i) by the blasting for depth of 0-2μm in (b,d) and (ii) by
the deposition temperature change at about 5.5 μm in both samples.

Since the coatings were in-plane isotropic (Fig. A.5), the 3D data collected from
the blasted sample (Fig. A.8) indicate a presence of a {100} fibre texture, in agree-
ment with the laboratory measurements from Fig. A.5, where texture intensity
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changes slightly as a function of the coating depth z. In principle, the 3D data
can be used to reconstruct the orientation distribution function (ODF) for every
z-position [like in [9]], what is however is out of the scope of this work.

Figure A.8.: Depth variation of intensities along TiN 200 and 111 Debye-Scherrer rings in
the blasted sample. In agreement with the data from Fig. A.5, the relatively
strong intensities at ψ = 10 ° and 90 ° for TiN 200 and ψ � 50 ° for TiN 111
document a presence of a {100} fibre texture whose intensity changes as
a function of the depth. The increase in the texture sharpness at depths of
about 0-5.5 μm was caused by the temperature increase during the deposition.

In order to analyse residual stresses in both coatings, 3D dependencies of the
lattice parameter a(δ, z) were evaluated from the position of TiN 200 reflections
(Fig. A.9). The results indicate that, in the as-deposited coating, the lattice para-
meter does not change significantly as a function of δ at distinct depths z. In other
words the slope ∂a(δ, z)/∂δ is relatively small. In the case of the blasted coating,
however, the slope ∂a(δ, z)/∂δ is very pronounced for z → 0 which indicates pro-
nounced stresses in the blasted coating surface.

The 3D a(δ, z) dependencies (Fig. A.9) cannot be however automatically used
to evaluate residual stresses σij(z) in the coatings. Due to the sample cutting, the
residual stresses in the lamellae [with an intentionally selected small thickness of only
20 μm (Fig. A.2)] were partly relaxed and are not equi-biaxial any more and therefore
σ11(z) �= σ22(z) as well as ε11(z) �= ε22(z). Generally when for simplicity assuming
only a biaxial stress state with negligible σij(z), σ33(z) and εij(z) (evaluated from the
TiN 200 reflections) it can be shown that for the measured a(δ, z) lattice parameters

a(δ, z) − a0(z)
a0(z) = sin2 θε11(z) + cos2 θ sin δ ε22(z) + cos2 θ cos2 δ ε33(z) (A.9)
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Figure A.9.: The variations of the lattice spacing a(δ, z) (evaluated from TiN 200 reflec-
tions) as a function of the coating depth and the angle δ indicate a relatively
homogeneous stress state in as-deposited coating (a) and pronounced residual
stresses in the blasted coating surface (b).
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and

a(δ, z) − a0(z)
a0(z) = σ11

[1
2S2(hkl) sin2 θ + S1(hkl)

]

+σ22

[1
2S2(hkl) cos2 θ sin2 δ + S1(hkl)

]
(A.10)

where a0(z) are unstressed lattice parameters. For X-ray elastic constants S1(hkl)
and 1

2S2(hkl) applies in the case of a {100} fibre texture [22]

1
2S2 = 1

2s44 and S1 = 2s12 +
(

s11 − s12 − 1
4s44

)
h2 + k2

h2 + k2 + l2
(A.11)

For small Bragg angles θ, the term sin2 θ goes to zero and therefore Eqs. (A.9) and
(A.10) can be simplified significantly. Moreover Eq. (A.10) can be converted as
follows

∂a(δ, z)
∂ sin2 δ

= σ22(z)1
2S2(hkl) a0(z) (A.12)

The term σ22(z) from Eq. (A.12) represents in this case the "measured" resid-
ual stress component (parallel to the long lamella y-axis Fig. A.2) which can be
evaluated easily from the distortion of Debye-Scherrer rings expressed by the term
∂a(δ, z)/∂ sin2 δ. In the case of relatively thick lamellas, where the lamella thick-
ness L is few times of the coating thickness D, σ22(z) represents actually the depth
dependence of the original equi-biaxial stress component σ(z), which was present
in the coating before cutting and therefore σ22(z) = σ(z) for L � D. For L � D,
Eq. (A.12) can be used straightforward to evaluate original stresses in the coatings
with σ22(z) = σ(z) only for samples where the stress relaxation across the coatings
is constant, i.e. Δσ11 = const. This is the case for coatings and thin films on ductile
and soft substrates.

In the specific present case, of a lamella on stiff substrate with the thickness L

comparable to the coating thickness D (L � D), strain components εij(z) as well
as stress component Δσ11 change inhomogeneously due to cutting as a function of
the coating depth z. In other words, σ11(z) residual stresses relax in a considerable
volume fraction of the lamella and cause a depth-dependent strain release. As a
result also σ22(z) changes due to this relaxation, especially at the lamella borders
(Fig. A.10).

In order to investigate the effect of the residual stress relaxation due to sample
cutting and to reconstruct the original stress state σ(z) in the blasted sample from
σ22(z) obtained from the nanodiffraction experiment (Eq. (A.12)), a finite element
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Figure A.10.: A FEM model documents a relaxation of σ11(z) residual stresses (in GPa) at
the lamella cross-section due to sample cutting (a). In (b) solid and dashed
lines document the σ11(z) stress magnitude along the x-axis at different
coating depths for uncut and relaxed lamellae. One can observe that at the
interface the relaxation is minimal whereby at the surface the relaxation at
the lamellae borders is very pronounced.

model (FEM) was set up in the software package ABAQUS. The model in which
the equi-biaxial residual stress profile was applied to the coating as predefined field
consisted of two steps. In the first step the boundary conditions were chosen in
a way so that the coated sample behaved like having infinite extension in the x

and y-directions. The sample was allowed to expand and curve in order to find its
mechanical equilibrium. In the second step the boundary conditions were modified
so that in the model a sample with 20 μm thickness in the x-direction, like in the
nanobeam experiment, was formed. In a first simulation, the stress profile obtained
from the nanobeam experiment was applied to the uncut sample and the relaxation
after the cut was simulated. This gave a first impression of the relaxation taking
place when the lamella is cut. After that the simulation was integrated in an iterative
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optimization procedure altering the stress state applied as predefined field until
the stress state in the 20 μm thick lamella matched with σ22(z) obtained from the
nanobeam experiment. Finally the corrected biaxial stress distribution σFEM(z)
was obtained from the simulation step modelling the uncut sample. The mechanical
behaviour of the TiN coating was modelled using Young’s modulus and Poisson’s
number of 428 GPa and 0.2 from [25].

In Fig. A.11, evaluated residual stresses σ22(z) obtained from the X-ray nanobeam
experiment, stresses obtained from FEM procedure σFEM(z) and stresses obtained
from the Laplace technique σL(z) (Fig. A.6) are presented for the blasted coating.
Qualitatively, σ22(z), σFEM(z) and σL(z) indicate a relatively large magnitude of
compressive residual stresses in the blasted coating near the surface and an expo-
nential stress decrease towards the substrate. The comparison of σFEM(z) and σ22(z)
documents the intensity of the stress relaxation which is significant especially in the
coating upper region, in agreement with Fig. A.10. Remarkably, the nanodiffrac-
tion data indicate a compressive stress maximum at z = 0.5 μm. Its presence is
also visible also in the raw data from Fig. A.7 and A.9. This type of stress gradi-
ent has also been reported from simulations of the shoot peening process [27]. For
the as-deposited coating, the stresses are tensile and relatively constant at about
0.5 ± 0.1 GPa.

In the σL(z) dependence such local stress variation obviously cannot be resolved,
which is due to the form of Eq. (A.6) as well as due to the principle of the method
itself. The remarkable scattering of the first three points in the τ range of 0–
2 μm obtained from the synchrotron experiment on the blasted sample (Fig. A.6)
however indicates some irregular stress-depth behaviour, which could be caused by
the compressive stress maximum at z = 0.5 μm (Fig. A.11).

A.4. Discussion

The aim of this chapter is to discuss advantages and disadvantages of Laplace and
cross-sectional XRD approaches. Intentionally, a coating with a relatively simple
stress depth profile was chosen in order to compare both approaches.

The main advantage of the Laplace approach is obviously no sample prepara-
tion and a possibility to perform the experiments in the laboratory. The main
restriction of the Laplace technique is the necessity to perform an inverse Laplace
transformation of the measured σ(τ) profile. For the transformation, the functional
dependence of the residual stress in the real space σ(z) must pre-selected. In general,
there are infinitely many σ(z) profiles in real space which would result in the same
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Figure A.11.: Residual stress gradients in the blasted coating evaluated using the X-ray
nanodiffraction approch σ22(z) and Laplace method σL(z). σFEM(z) rep-
resents the recalculated stress profile using the FEM model. The stresses
σ22(z) in the as-deposited coating show a small variation across the thick-
ness. The filled bands behind σ22(z) experimental dependencies document
the measurement errors. The relatively small tensile stress increase in both
samples at the depth of about 5.5 μm was caused by the temperature in-
crease during the deposition and by the subsequent thermal tensile stress
increase.

σ(τ) dependence in the Laplace space and vice versa. Moreover the often unknown
depth dependence of unstressed lattice parameter d0(hkl, z) and/or mass attenu-
ation coefficient μ, caused e.g. by chemical gradients, coating grain morphology
and/or density variations, present also a serious problem for the σ(z) recalculation.
The experimental determination of d0(hkl, z) in nanocrystalline and/or graded thin
films and coatings from X-ray elastic constants is very questionable. Practically,
the Laplace technique can be used to analyse only relatively simple (monotonous)
stress profiles σ(z) and is not sensitive to local stress variation. Given by the method
nature, an analysis of oscillating or step-like stress fields [9] is practically impossible.

In the case of the cross-sectional nanobeam approach, no assumptions about the
existing stress profile have to be made. The novel technique allows the charac-
terization of very complex stress gradients with step-like or even oscillating depth
profiles. Moreover, the powerful approach can be used to evaluate for the first time
not only stress but also representative microstructure (texture, crystallite size and
defect density) and phase gradients in thin films and coatings. In this way, also ori-
gins of stress evolution across the thickness can be studied and correlated with the

A–17



A. X-Ray Analysis of Residual Stress Gradients in TiN Coatings ...

deposition conditions (as in the present case) or with the thin film thermal and/or
loading history. It can be expected that the novel approach will allow the develop-
ment of depth-dependent grain interaction models for thin films and coatings whose
application will be necessary in order to evaluate stresses in samples with strong
texture gradients [9].

The main disadvantages of the novel approach are sample preparation, the need
for a synchrotron beamline providing a X-ray nanobeam, a relatively extensive data
treatment and a necessity to use a FEM model to recalculate the original stresses
from the measured data in the case of thin lamellae structures, as in the present case.
Currently, however, it is not necessary to perform the residual stress characterization
only on thin lamellae with L ∼= D. High-energy synchrotron X-ray beams and their
high brilliance allow performing the measurements also on lamellae with thickness
L in the rage of 100 μm or even more where the stress relaxation on both sides of
the lamella (Fig. A.10) is practically negligible.

In future it can be expected that novel developments in focusing X-ray optics and
beamline instrumentation with beam sizes in the sub-100 nm range will result in
the possibility of performing even more local characterization of stress gradients. In
that case, the application of pencil X-ray nano-beams for coatings and thin films
with plain interfaces [28, 29] will rapidly increase in importance in order to guar-
antee the sufficient diffraction statistics, especially when looking for representative
microstructure data.
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Abstract

In order to understand the indentation response of thin films with nonhomogen-
eous microstructures, it is necessary to characterize local deformation fields and mi-
crostructural changes around the indenter imprint. In this work, residual stress fields
across a wedge-indented nanocrystalline CrN-Cr thin film with a respective sublayer
thickness of 500 and 250 nm and an overall thickness of 3 μm on a steel substrate are
characterized ex-situ using cross-sectional synchrotron X-ray nanodiffraction with
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a spatial resolution of 100 nm. In the as-deposited multilayer, residual stresses of
about -3.5 and -1 GPa in the CrN and Cr sublayers, respectively, are found. After the
indentation, a complex stress distribution across the film cross-section with stress
peaks in the range from -10 to 2 GPa was observed. In agreement with the results
from a finite element model, the formation of the residual stresses can be interpreted
by the plastic deformation of the Cr sublayers and the steel substrate in conjunction
with a linear elastic response of CrN. During the indenter unloading, the plastic-
ally deformed materials hinder the full relaxation of the indentation-induced high
compressive and tensile stresses in linear elastic deformed brittle regions and the
stresses remain partly conserved. The ductile Cr sublayers serve as a fundamental
stabilizing component which ensures that the stress peaks do not cause the film
rupture or delamination but the damage remains arrested between the plastically
deformed Cr sublayers and the substrate. The encapsulation of the highly stressed
and damaged regions, enhanced by the excellent sublayer adhesion, serves as the de-
cisive and stabilizing component to the multilayer mechanical integrity during and
after the indentation.
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B.1. Introduction

Physical properties of nanocrystalline thin films are decisively influenced by their
small crystallite size, typically below 100 nm, giving rise to a variety of size effects
[1, 2], a high volume fraction of grain boundaries [3] and complex microstructure
[4] which originate (i) from the gradual film evolution during growth [5–7] and/or
(ii) from nanoscale modulations (e.g. multilayers) achieved by applying dedicated
deposition recipes [8, 9]. By performing microstructural design, mechanical prop-
erties such as hardness, fracture toughness and Young’s modulus can be effectively
controlled in the films [10].

Indentation has become a common technique to investigate mechanical proper-
ties of thin films and near-surface regions. Hardness values and force-displacement
dependencies can serve as a valuable indicator of the global material mechanical
behaviour. In the case of nanocrystalline thin films with non-homogeneous micro-
structure, it is however not trivial to understand how the integral values of hardness
and reduced modulus relate to the distinct microstructural features embedded in the
film, such as soft and hard sublayers, precipitates and grain boundaries. The main
challenge here is the missing information on the local deformation behaviour of those
microstructural features. Despite numerous modelling approaches developed to ana-
lyse deformation and rotation fields, plastic flow and material displacement during
the indentation process [11], most of the models suffer from the poor knowledge of
size-dependent material properties like flow stress or crack propagation behaviour
at interfaces. Therefore in order to understand deformation behaviour of nanoma-
terials with complex microstructures, it is necessary to understand microstructural
changes, deformation fields and crack behaviour accompanying the indentation at
sub-micrometre scale.

There exist already a limited number of experimental studies of rotation and de-
formation fields on indented samples performed using electron microscopy, X-ray
diffraction and Raman spectroscopy [12–15]. Local orientation changes in Cu single
crystals were studied using electron backscatter diffraction documenting that the ob-
served flow stresses correlate well with the crystal misorientation maps, which further
scale with the indent size [14, 15]. Numerous Laue X-ray micro-diffraction experi-
ments [12, 16, 17] were used to analyse deformation behaviour in small crystalline
domains with the focus especially on the determination of elasto-plastic interactions
e.g. in copper single crystals, coarse-grained Inconel and in micro-lamellae NiAl-Cr
eutectic alloys with strain resolution down to 0.3 × 0.4 μm. Additionally, X-ray to-
pography and Raman spectroscopy studies [18] have been performed to characterize
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strains in monocrystalline silicon with a resolution of about 1 μm. Using a spatial
resolution of 100 μm, monochromatic high-energy X-ray diffraction [19] was used to
characterize the deformation field of a scratch introduced into a steel sample.

Recently, a novel cross-sectional X-ray nanodiffraction technique [20] providing a
spatial resolution of about 100 nm was introduced. The unique approach has been
used to characterize microstructure and strain fields position-resolved across cross-
sections of thin films and coatings and possesses also a potential to analyse local
indentation-induced changes across thin films.

The aim of this work is to perform a position-resolved characterization of deform-
ation fields in a wedge-indented nanocrystalline multi-layered CrN-Cr thin film on
a steel substrate by measuring the X-ray elastic strain distribution over the cross-
section using X-ray nanodiffraction with a beam size of 100 nm. The motivation is to
evaluate residual elastic strain and residual stress distributions in soft Cr and hard
CrN sublayers after the indentation and to correlate the experimental data with a
finite-element model (FEM).

B.2. Materials and Experimental Details

B.2.1. Thin Film Deposition

For this study, a CrN-Cr multilayer thin film comprising 8 sublayers with respective
thicknesses of 500 and 250 nm on a steel substrate was prepared. The film was
sputtered using a 145 mm Cr target produced by means of powder metallurgy. Before
starting the deposition process, the chamber was evacuated to 10−3 Pa, the substrate
heated to 350 °C and plasma etched. The film was then deposited at 350 °C using a
constant target power of 6 kW and a total pressure of 1 Pa. The Cr sublayers were
deposited in a pure Ar atmosphere and an applied bias voltage of −40 V, whereas
the CrN layers were grown in an Ar + N2 atmosphere applying a bias voltage of
−120 V. The N2 partial pressure was adjusted to 0.25 Pa with a capacitive gauge.
The resulting over-all thickness of the film was 3 μm.

B.2.2. Sample Indentation

From the thin film sample, a lamella with a width of L = 50 μm was fabricated
using focused ion beam milling (Fig. B.1). The lamella was then indented using
an ASMEC nano-indentation system implemented in a scanning electron micro-
scope LEO-1525 (SEM) applying a maximal force of 220 mN [21]. The indenter
was equipped with a wedge-shaped diamond tip having an opening angle of 60° and
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a wedge length of 60 μm provided by Synton, Switzerland. The wedge shape was
chosen to introduce a notch ranging over the entire lamella width to a depth of
about 1.4 μm. During the indentation, the whole lamella deflected elastically under
the indenter load and therefore the indenter displacement and force data recorded
by the nano-indentation system are unfortunately not directly interpretable. The
video of the indentation experiment and the force-displacement data are provided
as a supplementary material.

B.2.3. X-ray Nanodiffraction Analysis of Strains

The wedge indentation into the CrN-Cr film resulted in the formation of complex
triaxial residual strain and stress fields εij (x, y, z) and σij (x, y, z) (Fig. B.1). Due to
the specific experimental conditions and the sample nature, diffraction data obtained
from the nanodiffraction experiment were used to quantify only volume-averaged and
selected residual strain and stress tensor components applying some assumptions and
simplifications. The residual strain in the film before the indentation was supposed
to be triaxial with negligible shear strain components

εii (x, y, z) �= 0, εij (x, y, z) � 0 (B.1)

and the stress state was supposed to be equi-biaxial with

σ11 (x, y, z) = σ22 (x, y, z) , σij (x, y, z) � 0 and σ33 (x, y, z) � 0. (B.2)

After the indentation, the dedicated lamella geometry with the notch spanning
across the whole lamella width allowed determining volume-averaged local residual
strain fields ε22 (y, z) and ε33 (y, z) in y-z-plane, which were relatively homogen-
eous along the x axis, using the X-ray beam oriented parallel to the wedge imprint
Fig. B.1). This means the strain relaxations at the lamella borders [22] as well as
the strain variation along the x axis were neglected for simplicity. The experimental
values of ε22 (y, z) and ε33 (y, z) were then used to calculate the in-plane stress com-
ponent σ22 (y, z) acting along the y axis. It should be noted that the σ22 (y, z) is
valid only for negligible values of σ33 (y, z) � 0 and σij (y, z) � 0.

The experiment was conducted at the nanofocus extension of the ID13 beamline
of the European Synchrotron Radiation Facility (ESRF) in Grenoble, France, using
the energy of E = 14.9 keV and the setup described in Refs. [20, 22]. The mesh-scan
at the thin film cross-section with an area of 10×7 μm was performed by moving the
sample in y- and z-directions with a step size of 100 nm using a synchrotron beam of
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100 nm in diameter Fig. B.1). 7171 two-dimensional (2D) diffraction datasets with
a resolution of 2048 × 2048 pixels each were collected by a CCD detector located at
a distance of 69 mm from the sample.

Detector

2

z

x y

Lx-ray beam

Figure B.1.: A schematic setup of the cross-sectional X-ray nanodiffraction experiment.
By moving the lamella along y and z-direction with a step of 100 nm, 7171
two-dimensional diffraction data were recorded by a 2D detector from an area
of 10×7 μm using a X-ray beam of 100 nm in diameter. The composite image
shows the 2D data where the number of frames was reduced by a factor of
about five.

The diffraction data were processed using PyFAI [23, 24] by evaluating the Bragg’s
angles 2θ of CrN 111 and the Cr 200 reflections as a function of the azimuthal angle
δ of the Debye-Scherrer rings. The lattice parameter dependence on the strain
components εii (y, z) can be expressed as follows

a (y, z) − a0 (y, z)
a0 (y, z) = sin2 θ ε11 (y, z) + cos2 θ sin2 δ ε22 (y, z)

+ cos2 θ cos2 δε33 (y, z) (B.3)

where a0 (y, z) represents the unstressed lattice parameter averaged along the
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lamella width and θ is the Bragg angle (Fig. B.1). Since a0 (y, z) is usually not known
[22], the dependence of the lattice parameter a on δ, written as a (y, z, δ) /sin2 δ,
representing the Debye-Scherrer ring ellipticity at the sample position y and z, can
be expressed as follows

∂a (y, z, δ)
∂ sin2 δ

= a0 (y, z) cos2 θ (ε22 (y, z) − ε33 (y, z)) (B.4)

where ε22 (y, z) and ε33 (y, z) are in-plane and out-of-plane strain components.
Eq. (B.4) thus indicates that the in-plane strain component ε11 (y, z) does not affect
the ellipticity of the Debye-Scherrer ring. Under the assumption of σ33 (y, z) � 0
and σij (y, z) � 0, the measured elastic strains can be used to calculate the in-plane
residual stress σ22 (y, z) in the film according to [22],

∂a (y, z, δ)
∂ sin2 δ

= a0 (y, z) cos2 θ
1
2Shkl

2 σ22 (y, z) (B.5)

where 1
2Shkl

2 represents the actual X-ray elastic constant of the material. In the
present case, the 1

2Shkl
2 values of 4.446 × 10−6 MPa-1 [25] and 3.910 × 10−6 MPa-

1 [26] were used for the CrN 111 and Cr 200 reflections, respectively. The stress
values of σ22 (y, z) were determined with an accuracy better than 15 %. Again also
Eq. (B.5) indicates that the ellipticity of Debye-Scherrer ring is independent of the
stress component σ11 (y, z).

B.3. Modelling of the Deformation Field

In order to better understand the local deformation resulting in the residual stresses
in the structure, a 2D FEM model was set up. The model consisted of the previously
described CrN-Cr multilayer thin film and the steel substrate. In order to avoid
influences from the boundary conditions in the region of interest, the width of the
model was set to 20 μm and the height of the steel substrate was set to 37 μm. The
displacement at the left and right boundary perpendicular to the thin film was fixed
in the y-direction and the displacement at the bottom of the substrate parallel to the
thin film was fixed in the z-direction. In the out-of-plane direction, generalised plane
strain conditions were assumed. The indenter was modelled as a rigid surface. The
wedge of the indenter had, as in the experiment, an opening angle of 60° and for the
sake of numerical stability a radius of 0.3 μm at its tip was modelled. The contact
between the indenter and the sample was simulated using a node-to-surface contact
condition provided by the commercial software package ABAQUS. The contact was
assumed to be frictionless. The total number of elements in the model was about
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8000 and the element size in the area of interest containing the thin film layers
and the first 1.5 μm of the substrate is 0.05 μm in height with an aspect ratio of
2. The elements in the substrate were coarsened with increasing distance from the
film. Elements with quadratic shape functions and reduced integration (CPEG8R)
were used. The initial residual stresses state was set to the values obtained from
the nanodiffraction experiment. The Young’s modulus and the Poisson’s ratio for
CrN were 320 GPa and 0.25, respectively [9, 27]. For Cr the Young’s modulus was
300 GPa and the Poisson’s ratio was 0.2 [9, 27]. The yield limit of Cr was assumed
to be 3000 MPa with a linear hardening up to 8900 MPa at 10 % plastic deformation.
The elastic constants of the ferritic steel were 210 GPa for Young’s modulus and
0.28 for Poisson’s ratio. The flow curve used for the ferritic steel was starting at
180 MPa with a nonlinear hardening up to 450 MPa at 10 % plastic strain. For both
Cr and ferritic steel J2 plasticity was used. Since the indenter displacement recorded
by the nano-indenter system was not representative due to the high compliance of
the sample and the mounting system, a maximal indenter displacement of 2 μm was
used. After loading the indenter was moved back to its initial position in order
to unload the sample. For the sake of simplicity, the crack formation in CrN was
neglected in the model.

B.4. Results and Discussion

A scanning electron micrograph (SEM) of the indented lamella is presented in
Fig. B.2. The lamella was plastically deformed with the notch tip ending approx-
imately in the second Cr sublayer from the top and there was a material pile-up on
the right side of the indent . The asymmetric pile-up and the imprint indicate that
the indentation was not performed in a symmetric mode and the indenter tip was
slightly tilted with respect to the film normal (Fig. B.2). There are no cracks visible
at the film cross-section and in the substrate region after the indentation. The crack
propagation in the brittle CrN [28] was obviously hindered by the presence of ductile
Cr sublayers which decisively influenced the failure mechanism in the ductile-brittle
system and absorbed the excessive plastic deformation.
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Figure B.2.: A scanning electron micrograph of the indented multi-layered CrN-Cr film
on a polycrystalline steel substrate. The indent is 0.9 μm deep and the crack
extends another 0.55 μm. CrN and Cr sublayers thickness was 0.5 and 0.25 μm
and the lamella width was 50 μm. The imprint asymmetry was caused by a
slight left tilt of the indenter tip with respect to the film normal.

Before the nano-diffraction data were collected, the X-ray beam was aligned par-
allel to the multilayer structure by performing a set of absorption scans, whereby a
maximal contrast between the signal from the CrN and Cr sublayers was achieved
using a sample tilt ϕ around the y-axis (Fig. B.1). For this purpose, a point detector
was used to monitor the intensity of the primary beam behind the sample. In the
two dimensional absorption scan of the indented film in Fig. B.3, the bending of
bright and dark CrN and Cr sublayers, respectively, indicates that a considerable
portion of the plastic deformation was absorbed by producing sublayers waviness
and the material pile up. Complementary to the SEM micrograph in Fig. B.2, also
the absorption data suggest that the cracking at the notch tip and/or delamination
effects between the film and the substrate or between the Cr and CrN sublayers
were negligible, as observed by others [29–31]. One can expect that small cracks
were formed in the film volume[29, 31] but did not penetrate through the whole
film width. One reason for the missing cracks is also a relatively small substrate
curvature under the indent which was reported to be the main driving force for the
cracking in indented multilayered thin films [31, 32].
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Figure B.3.: A two dimensional X-ray absorption scan of the indented film on an area of
10 × 10 μm2 indicating the presence of CrN and Cr sublayers on the steel
substrate. The absorption contrast was used to align the beam parallel to the
CrN-Cr interfaces. The diffraction data for 2D stress analysis (in Fig. B.7)
were collected from the dashed area. The data from a vertical scan used for
the phase (in Fig. B.4) as well as the residual stress (in Fig. B.5) analysis in
an unreformed area and lateral scans (in Fig. B.6) across the imprint were
collected along the dash-dotted and the dotted lines.

After the sample interfaces were aligned parallel to the beam axis, diffraction data
were collected by moving the sample along y- and z-axis as indicated in Fig. B.3. The
data were used to extract diffraction scans, i.e. diffraction intensity as a function
of the Bragg’s angle 2θ, for different orientations of the diffraction vector. In a
representative phase-depth plot in Fig. B.4, CrN and Cr diffraction peaks collected
from an undeformed sample region show the phase distribution across the film cross-
section and substrate indicating the excellent sample alignment.

The diffraction data collected from the undeformed sample region (along the dash-
dotted line in Fig. B.3) were used to evaluate in-plane stresses σ22 (y = 0, z) in
CrN and Cr sublayers, representing actually the equi-biaxial stress state in the as-
deposited thin film using Eq. (B.5). The compressive stresses observed in both
CrN and Cr can be attributed to the intensive ion-bombardment during film growth
resulting in compressive intrinsic stresses [9] and to the specific mismatches of the
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Figure B.4.: An exemplary phase-depth plot with CrN, Cr and substrate (α-Fe) peaks
indicate the separation of the phases in the film/substrate system. The data
were obtained by 2θ integration of the Debye-Scherrer rings (in the range
from 0 to 360 degrees) and were collected along the dash-dotted line at the
very left side of the scanned area ( y = 0 in Fig. B.3), about 5 μm from the
wedge centre in the undeformed region.

coefficients of thermal expansion of CrN, Cr and substrate with αsubstrate > αCr >

αCrN which result in the formation of compressive thermal stresses after the sample
cooling down from the deposition temperature as extensively discussed in Ref. [33].

The results in Fig. B.5 document that the compressive stresses in the Cr sub-
layers decrease as a function of the distance from the substrate. This effect can
be interpreted by the crystallite size increase across the Cr sublayers towards the
surface in the sublayers with columnar grain morphology [9], as indicated also by a
(not-presented) simultaneous decrease of full width of half maximum (FWHM) of
Cr 200 peaks towards the surface. In the top CrN sublayer, the compressive stress is
about 1 GPa larger than in the CrN layer close to the interface what proportionally
correlated with the changes in FWHM of CrN 111 peaks. Though the ion bombard-
ment was kept constant during the film growth, the flux of incoming accelerated
particles from the plasma discharge may result in strong microstructural effects and
the crystallites can re-align, deform, split up and decrease in size. A varying fraction
of grain boundaries result usually in a non-homogeneous ion-induced defect gener-
ation and subsequently in a development of pronounced stress gradients across the
film. Residual stress decrease and increase in CrN and Cr sublayers (Fig. B.5) can
be interpreted by such processes and was discussed elsewhere [9].
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Figure B.5.: Residual stresses σ22 (y = 0, z) in CrN and Cr sublayers determined with a
resolution of 100 nm in the sample region not influenced by the indentation
(at y = 0 in Fig. B.3). The decrease and increase of the compressive stresses
in the top Cr and CrN sublayers could be correlated with a decreasing and
increasing FWHM of Cr 200 and CrN 111 reflections.

Due to the film and substrate plastic deformation during indentation (Fig. B.2),
complex strain gradients were formed in the film along the y and z directions. This
can be qualitatively documented by the variations of the positions of CrN and Cr
reflections at the film cross-section. In Fig. B.6, representative evolutions of Bragg’s
angles 2θ of CrN 111 and Cr 200 reflections along the y-axis recorded at different film
depths z (cf. Fig. B.3) are presented. The data represent the diffraction on crystal-
lographic planes oriented approximately perpendicular to the substrate surface. The
2θ values increase and decrease correspond to the increase of in-plane compressive
and tensile strains, respectively, at the given sample position. The smooth changes
of the 2θ angles document the presence of complex stress fields which span across a
few μm from the indent tip.

Diffraction data collected from the dashed area in Fig. B.3 were used to evaluate
residual stress fields σ22 (y, z) across the CrN and Cr sublayers using Eq. (B.5).
Three dominant effects can be identified in Fig. B.7, namely
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1. the two top CrN sublayers, approximately 2 μm from the imprint, possess high
compressive stresses up to -10 GPa (cf. Fig. B.7 a). The top most Cr sublayer
in the same regions shows compressive and tensile stresses right and left to the
imprint (Fig. B.7 b).

2. CrN regions right to the imprint and under the imprint exhibit high tensile
stresses up to 2 GPa (Fig. B.7 a).

3. the high tensile stress fields in CrN are asymmetric with respect to the imprint
vertical axis (Fig. B.7 a).

Figure B.6.: Lateral variation of 2θ positions of CrN 111 and Cr 200 reflections (along
y-axis) at the film depths z of 2.1, 1.7, 0.5 and 0.1 μm. The 2θ values were
obtained by integrating the respective Debye-Scherrer rings in an azimuthal
range of δ = [80°, 100°]. An upward shift (higher 2θ angle) corresponds to
compression; a downward shift reflects tension. The data thus qualitatively
indicate the presence of residual stresses in the individual sublayers which,
however, change as a function of the film depth z and lateral position y.
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(a)

(b)

Figure B.7.: Residual stress distribution σ22 (y, z) in CrN (Fig. B.7a) and Cr sublayers
(Fig. B.7 b) after the wedge indentation as determined ex-situ by nanodif-
fraction on the indented sample with a spatial resolution of 100 nm. Besides
some minor stress peaks (caused by the data scattering), three main effects
can be recognized, namely (a) compressive stresses in the two top CrN sublay-
ers, (b) tensile stresses in CrN under the imprint and (c) a strong asymmetry
of the tensile stresses in CrN under the imprint.
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Qualitatively, the observed high residual stresses in CrN (Fig. B.7) can be inter-
preted by a linear-elastic deformation in CrN sublayers and by a plastic deformation
of Cr and the substrate during the indentation. After the unloading, the plastically
deformed materials hindered the full relaxation of indentation-induced compressive
and tensile stresses in the adjacent CrN regions. The asymmetry of the CrN tensile
stress distribution under the imprint was caused by a tilt of the indenter with respect
to the sample normal which resulted also in the material pile-up visible in Fig. B.2.

In the CrN two top sublayers, approximately 2 μm from the wedge vertical axis
(in Fig. B.7 a), the indentation resulted in a formation of a high in-plane compress-
ive stress which caused a plastic deformation in the two top most Cr sublayers and
elastic deformation in the ceramic CrN. Upon unloading, the plastically deformed Cr
sublayers constrained the in-plane stress relaxation of the CrN sublayers and caused
the conservation of the compressive residual stresses in the CrN. In the top most
Cr sublayer, the same process resulted in the formation of tensile and compressive
residual stresses on the imprint left and right sides (Fig. B.7 b), respectively. The
tensile stress in Cr top sublayer (left to the imprint) obviously balances the com-
pressive stresses in the neighbouring CrN sublayers. The compressive stress in Cr
top sublayer (right to the imprint) could be interpreted by the “tilted” indentation
and CrN pile-up, which caused at first tensile plastic stresses in Cr which turned
into compressive stresses after the unloading.

The formation of tensile residual stresses under the indent in the CrN sublayers
(in Fig. B.7 a) can be explained in a similar manner. During the indentation, the
plastically deformed Cr sublayers extended and slightly bended resulting in a sub-
layer necking or even ruptures. Upon unloading, the in-plane elastic relaxation of
the CrN sublayers was inhibited by plastically deformed Cr sublayers and the sub-
strate what resulted in the conservation of the tensile residual stress up to about
2 GPa in CrN.

In order to better understand the development of the stresses during and after
the film indentation, the stress distributions across CrN and Cr sublayers (Fig. B.7)
were analysed using FEM. The residual stress data in Fig. B.8 indicate the presence
of two distinct regions with different characteristics. In the film upper part, the
indentation-induced plastic deformation of the top most Cr sublayer (Fig. B.8 b)
resulted in the development of a localized region with tensile residual stresses of
about 2 GPa in the top CrN sublayer (Fig. B.8 a). Left and right to that region
(at the y-positions of 4 μm and 6 μm, respectively), compressive residual stresses of
about −8 GPa were formed in CrN (Fig. B.8 a). Both central tensile and sidewise
compressive stress regions in the top CrN sublayer (Fig. B.8 a) are qualitatively
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in the agreement with the experimental data in Fig. B.7 a. The presence of high
compressive stress up to −5 GPa in the top most Cr-sublayer (Fig. B.8 b) is however
in contradiction with the experimental data in Fig. B.7 b. The discrepancy can be
explained by the small indentation depths applied in the model what is also the
reason for the very localised compressive stress regions in the top CrN sublayer
(Fig. B.8 a) in comparison with the experimental data in Fig. B.7 a.

The second region covers the lower part of the film near the substrate (Fig. B.8).
Here the tensile residual stresses in CrN and Cr sublayers were caused by the sub-
strate plastic deformation leading to a bending mode in the multi-layer (Fig. B.8).
The results are in agreement with the experimental findings from Fig. B.7, where in
the CrN and Cr sublayers next to the substrate tensile residual stresses were found.
The fact that the width of the zone with tensile residual stresses in the simulation is
larger compared to the measurement could be again explained by the larger distance
between the indenter and the substrate at the maximum loading in the simulation
(Fig. B.8).

For the chosen loading situation in the simulation (Fig. B.8), the region dominated
by the local deformation in the Cr-sublayers and the region dominated by the de-
formation in the substrate were slightly more separated compared to the experiment
(Fig. B.7), but in general the simulation showed the same residual stress picture.
Therefore, the assumptions and the simplifications with respect to the residual stress
evaluation procedure from the measured elastic strains, especially the neglecting of
out-of-plane and shear stress components σ33 (y, z) � 0 and σij (y, z) � 0, appear
justified.

Up to now the indentation-induced irreversible changes in ceramic (TiN, CrN, dia-
mond like carbon (DLC) films) and multi-layered (TiN-Ti, CrN-Cr) thin films have
been extensively studied primarily using transmission-electron microscopy (TEM)
with the focus on the microstructural aspects of the deformation behaviour [29–31].
The TEM studies indicated that the plastic deformation of the substrate resulted in
the formation of pronounced cracks at the boundaries of adjacent V-shaped grains
in ceramic films. The deformation behaviour of monolithic films was dominated by
intercolumnar shear sliding whose resistance, tuned e.g. by compressive stresses,
predetermined the hardness. In the case of multi-layered films, it was, however,
observed that the metallic sublayers in CrN-Cr and TiN-Ti modify the deformation
behaviour of the films from brittle to ductile[29, 30]. The cracks formed in ceramic
sublayers, as a consequence of the intergranular sliding, were arrested between two
ductile sublayers and the crack propagation was hindered by crack splitting and
deflection as well as by the plastic deformation of the ductile sublayer.
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Figure B.8.: Residual stress distributions σ22 (y, z) across CrN and Cr sublayers obtained
from the FEM after the indentation applying the indenter displacement of
2 μm at the point of contact. Complex residual stress fields in the upper and
lower part of the multi-layered film were induced by the plastic deformation of
the Cr sublayers and the substrate as discussed in the text. For simplicity, the
indenter was aligned perpendicular to the film interfaces and no penetration
into the film was considered.
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This mechanism can also be observed in biological materials such as nacre [30].
It should be however noted that the ex-situ TEM studies were performed mostly
on the samples prepared using a spherical indenter and by applying relatively large
penetration depths, thus causing more deformation of the substrates and bending
of the thin films [29].

The present experimental data, which represent the first experimental mapping of
strains and stresses in such complex multi-layered nano-system, extend the under-
standing of the deformation behaviour in ductile-brittle systems. The indentation
resulted in the formation of pronounced stresses in CrN sublayers, very probably
beyond the fracture limit, which relaxed only partly after the unloading. The tensile
stresses of about 2 GPa in CrN at the indenter tip (Fig. B.7 a) would normally result
in catastrophic damage of the film but the presence of ductile Cr sublayers arres-
ted the micro-cracks formed in CrN which could therefore not penetrate through
the whole film thickness. Another important feature is the good adhesion between
the sublayers and the substrate, which ensured that the stress peaks and damage
in the brittle CrN did not result in the film rupture or delamination. The CrN
regions with large compressive and tensile stresses after indentation were arrested
between the ductile Cr sublayers which actually secured the mechanical integrity of
the thin-film-substrate composite.

It is obvious that the management of stress peaks in thin films during and after the
indentation is an important prerequisite to optimize the film mechanical integrity
and life time. In order to minimize the stress peaks, one strategy is to adjust
the stress state in the as-deposited thin film [7]. Since the nature of the stress
generation in the individual sublayers during the indentation depends however on
the sublayer position at the cross-section and on its brittle or ductile nature, the
tailored adjustment of the stress distribution at the thin film cross-section can serve
as an important tool to optimize the deformation behaviour of thin films, especially
the resistance to fracture.

B.5. Conclusions

Cross-sectional X-ray nanodiffraction analysis was used to characterize residual
stresses at the cross-section of a wedge-indented brittle-ductile CrN-Cr thin film.
For the first time, the results revealed a complex residual stress distribution with
compressive and tensile stress peaks especially in the brittle CrN with 100 nm spa-
tial resolution. The pronounced residual stresses in CrN are consequence of Cr
and substrate plastic deformation during the indentation. During the indenter un-
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loading, the plastically deformed materials hinder the full relaxation of indentation-
induced compressive and tensile stresses in linear elastic deformed CrN regions and
the stresses remain partly conserved in CrN.

The results demonstrate that the ductile Cr sublayers serve as a stabilizing com-
ponent which secures the mechanical integrity for the multilayer. Though the in-
dentation resulted in the formation of tensile and compressive stresses in GPa range
and very probably also in the generation of micro-cracks, the overall film mechanical
integrity was not affected. This is also to due to the excellent adhesion between the
sublayers and the substrate, which ensured that the stress peaks and damage did
not result in the film rupture or delamination whereas the damage in CrN remained
arrested between the ductile Cr sublayers and the substrate.

Methodologically, it can be expected that the novel ex-situ X-ray nanodiffraction
approach of the detailed residual stress analysis at the cross-section of multilayered
thin films with will serve as an important tool to quantify indentation-induced mi-
crostructural and residual stress changes in around indenter imprint. The approach
will be used especially for the optimization of fracture resistance in complex micro-
structured thin films.
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Abstract

Fracture behaviour of hard nanocrystalline coatings decisively influences the lifetime
and performance of coated tools. In this work, residual stresses in as-deposited and
annealed CrN coatings deposited at 350 ◦C using bias voltages of 40 V and 120 V
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were evaluated using synchrotron X-ray diffraction coupled with four-point bend-
ing. The stress development during the bending experiments was used to analyse
fracture properties of the coatings. The results indicate that an annealing at 550 ◦C
does not deteriorate the fracture behaviour of the coatings prepared using −40 V
bias. In the case of −120 V bias coatings, the residual stress relaxation after the
thermal treatment is accompanied by a fracture strain decrease and a fracture stress
increase. The as-deposited and annealed CrN coatings deposited using −120 V bias
exhibit significantly large fracture strains in comparison with −40 V samples. Fi-
nally the results document that the fracture stress may not be the only relevant
parameter when comparing different coating systems. Also the strain at fracture
can be considered as significant indicator of the coating fracture response. Method-
ologically, the results indicate that in-situ X-ray diffraction coupled with four point
bending can be effectively used to evaluate macroscopic fracture behaviour of hard
coatings.

C.1. Introduction

C.1.1. Thermo-Mechanical Properties of Hard Coatings.

Protective nanocrystalline hard coatings are extensively used in various machining
applications like dry or high speed cutting in order to enhance working tool lifetime
and performance. During service, the coatings have to withstand extreme mechan-
ical and thermal loads with peak temperatures of more than 1000 ◦C reached within
milliseconds [1]. Generally, the coatings are expected to exhibit high hardness, frac-
ture toughness and oxidation resistance which, if possible, do not deteriorate during
the service.

Magnetron sputtering represents a common technique to produce nanocrystalline
hard coatings. During sputtering, moderate bias voltage is often applied in order
to accelerate ions from the plasma discharge to the substrates to enhance atom
mobility on the surface of growing deposits. A high bias voltage results typically
in an intensive ion peening of the growing coating surface and in the formation of
pronounced compressive residual stresses [2, 3]. By selecting dedicated bias voltages,
it is thus possible to controllably tune the properties of coatings like crystallite size,
crystallographic texture, density of growth defects and residual stresses [4, 5].

Magnetron sputtered CrN coatings usually exhibit compressive residual stresses
[3, 6]. Generally, the residual stress in an as-deposited coating originates from
the growth process (accompanied by the ion peening) as well as from the cooling
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down from deposition to room temperature. The cooling results in the formation
of thermal stresses, where their sign and magnitude depend on the mismatch of
coefficients of thermal expansion (CTE) of coating αc and substrate αs. Thus, the
thermal stress formation can result in an increase or a release of compressive growth
stress for αc < αs and αc > αs, respectively.

In the case of magnetron sputtered hard coatings, however, heat treatment above
the deposition temperature results in the relaxation of compressive residual stresses
and in softening of the coating [6, 7]. This effect is caused by recovery effects in
the lattice which occur as a result of migration and recombination of point defects,
rearrangement and annihilation of dislocations and growth and coalescence of sub-
grains [8, 9]. Hardness measurements on as-deposited and annealed coatings indicate
a decrease of coating hardness after thermal treatment [6].

Up to now, the influence of bias voltage and post-deposition thermal treatment
on the mechanical properties of hard coatings was studied predominantly locally by
performing hardness measurements. For the determination of representative volume-
averaged fracture properties of hard coatings, however, it is necessary to apply tech-
niques which can be used to reveal (i) intrinsic volume-averaged fracture behaviour
of the hard coating material and (ii) fracture properties of the coating-substrate
composite with its unique interface mechanical response.

Recently, we have demonstrated that bending experiments of chemically etched
and focused ion beam shaped free-standing coating cantilevers can be used to de-
termine fracture behaviour of hard coatings at the μm scale. The approach was used
to analyse intrinsic fracture properties of as-deposited and annealed sputtered CrN
coatings [10].

The aim of this contribution is to evaluate the macroscopic fracture behaviour
of CrN coatings on flexible steel substrates by analysing residual stresses during
four-point bending in as-deposited and in thermally cycled coatings prepared by
magnetron sputtering at bias voltages of −40 V and −120 V.

C.2. Experimental

C.2.1. Coating Deposition.

CrN coatings with a thickness of 3 μm were deposited by reactive magnetron sput-
tering from a Cr target in an argon/nitrogen atmosphere at 350 ◦C applying bias
voltages of −40 V and −120 V on austenitic steel substrates (DIN 1.4301, X5CrNi18-
10) with thickness of 1.5 mm and dimensions of 32 × 8 mm2 [4].
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C.2.2. High-Temperature X-ray diffraction (HT-XRD).

HT-XRD was used to analyse residual stress relaxation in selected CrN/steel samples
during thermal cycling in the range of 25 ◦C to 550 ◦C using steps of 50 ◦C and by
applying constant heating and cooling rates of 0.3 ◦C s−1. Characterization was per-
formed using a Seifert PTS 3000 four-circle diffractometer applying Cr-Kα radiation.
The samples were thermally cycled in a DHS1100 heating attachment (Anton Paar
GmbH) in a non-reactive N2 atmosphere. The lattice spacing dT

ψ of CrN 111 reflec-
tions measured at the temperature T and the sample tilt angle φ was used to refine
in-plane isotropic biaxial residual stress σT according to

dT
ψ = dT

0

[
1 + σT

(
2s1 + 1

2s2 sin2 ψ

)]
(C.1)

where s1 and 1
2s2 are the X-ray elastic constants (XECs) [11]. It was supposed that

the residual stresses in the coatings are in-plane isotropic, i. e. σT = σT
11 = σT

22 [12].
XECs for the CrN coating were calculated from the single-crystal elastic constants
(SECs) assuming the Hill model [12].

C.2.3. Thermal Treatment.

Selected CrN/steel samples were thermally treated in a high-temperature chamber
(without XRD characterization) at the conditions similar to those from HT-XRD
cycle (with maximal temperature of 550 ◦C) in order to induce recovery and com-
pressive stress relaxation.

C.2.4. In-situ Four-Point Bending Characterization.

In-situ energy dispersive XRD experiments coupled with four-point bending were
conducted at the EDDI beam line of the BESSY synchrotron source in Berlin. The
rectangular samples were loaded using a Kammrath&Weiss four-point bending stage.
The loading was done way-controlled in steps of 50 μm deflection with a speed of
5 μm s−1. The samples were bent until the stresses in the film saturated and the final
measurement was done at a deflection of 1500 μm for all samples in order to compare
the fracture behaviour. The in-situ development of the biaxial stresses σ11 and σ22

during bending was evaluated from the lattice spacing dφ,ψ of CrN 111 reflections
according to
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dφ,ψ = d0

[
1 + (σ11 + σ22) s1 + 1

2s2σφ sin2 ψ

]
(C.2)

with σφ = σ11 sin2 φ + σ22 cos2 φ

where φ represents sample azimuthal angle [12]. The measurements were performed
at a constant 2θ angle of 12° in symmetric θ/2θ geometry. The stress components
σ11 and σ22 were parallel to the longer and shorter sample sides and represent thus
the primary stress directions influenced by the bending experiment.

C.2.5. Analysis of Fracture Surfaces.

The fracture behaviour of the coatings was analysed using a LEO1525 scanning elec-
tron microscope (SEM). The images were taken ex-situ after the bending measure-
ments. From the images, the average crack spacing λ was determined by measuring
the distance between the intersection points with a line perpendicular to the cracks.

C.3. Results

C.3.1. Thermal Behaviour of Stresses.

In order to analyse the degree of the temperature-controlled recovery processes in
CrN coatings deposited at −40 V and −120 V bias voltages, HT-XRD was used to
characterize the stress development during thermal cycling in the range of 25 ◦C to
550 ◦C (Fig. C.1).

The HT-XRD experiments revealed a significant difference between the coatings.
In the−40 V coating only thermoelastic stress change without any hysteresis was
observed. When heated up, the compressive residual stress in the coating decreased
(cf. A in Fig. C.1) due to the mismatch in the CTE with αc < αs. Upon cooling
down, the effect is reversed without affecting the residual stress at room temperature
after the cooling (B). The −120 V coating showed thermoelastic relaxation until
the deposition temperature was reached (C). When heating continued, recovery of
growth defects was observed accompanied by the decrease of the compressive stress
(D). During cooling down the compressive stress increased thermoelastically (E) as
a consequence of the CTE mismatch (similarly as in the sample with −40 V).
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Figure C.1.: Temperature dependence of in-plane residual stresses in CrN coatings depos-
ited using bias voltages of −40 V and −120 V. In the −120 V coating, the
heating above the deposition temperature (350 ◦C) results in defect recovery
and in the subsequent relaxation of compressive stress.

The observed defect recovery resulted in a decrease of the compressive residual
stress from about −5.5 GPa to −3.6 GPa. The stress-temperature dependence in
the −120 V sample during cooling down is approximately parallel with that from
the −40 V sample. This suggests that the annealing of the −120 V coating modified
the coatings properties towards the −40 V sample.

C.3.2. In-situ Four-Point Bending Experiments.

Macroscopic residual stresses in as-deposited and annealed CrN/steel samples pre-
pared using bias voltages of −40 V and −120 V were characterized in-situ during four-
point bending by XRD (Fig. C.2) using a X-ray beam with a diameter of 0.5 mm. As
already mentioned in the experimental part, the annealed samples for the four-point
bending experiments were prepared using a dedicated high-temperature chamber
(without in-situ XRD characterization). Though the thermal conditions were sim-
ilar to those used for HT-XRD, the final residual stresses after the annealing were
not identical with the stresses observed after the thermocycles (Fig. C.1). This can
be explained by small differences in the temperature history, by a very strong de-
pendence of the recovery processes on the actual heating and cooling rates and by
possible structural changes in the substrates during annealing.

Qualitatively, the specimens showed the same type of response when subjected
to mechanical loads. At first, the compressive stresses decreased linearly until frac-
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ture, after which the macroscopic stress level in the coatings remained constant
(Fig. C.2 a). As-deposited and annealed −40 V samples exhibit similar behaviour
with very similar initial and final residual stress states. This correlates well with
their thermal behaviour (cf. Fig. C.1) and indicates that the thermal treatment of
the coatings prepared using a relatively low bias voltage does not influence signific-
antly their (macroscopic) mechanical properties, which are primarily dependent on
the microstructure and residual stress state. The different initial residual stresses in
as-deposited and annealed −40 V samples (Fig. C.2 a) indicate that the thermal an-
nealing in the heating chamber (cf. Experimental) was not absolutely identical with
the thermal treatment performed during the in-situ HT-XRD experiment (Fig. C.1)
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Figure C.2.: Evolution of the macroscopic residual stresses in as-deposited and annealed
CrN coatings deposited at −40 V and −120 V bias voltage during in-situ bend-
ing experiment (a). All coatings show at first a linear elastic stress reduction
followed by fracture, resulting in the saturation of the stress level. In (b) the
relative stress changes as the function of macroscopic strain indicates large
fracture strains in both −120 V coatings.

Upon loading of the as-deposited −120 V sample, one can observe the stress sat-
uration at relatively high strains and a surprisingly slightly compressive final stress
level of −250 MPa. This suggests that the observed average stress in the coating
is lower than the maximal stress leading to the fracture, which is expected to be
positive. In the annealed −120 V sample, the final stress level after the fracture is
in the same stress region as for the −40 V samples. This finding indicates that the
thermal treatment connected with the recovery caused an apparent increase of the
macroscopic fracture stress (Fig. C.2a).

In Fig. C.2 b, relative stress changes as a function of the applied strain are shown.
The dependencies indicate that the both −120 V samples exhibit a significantly
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higher fracture strain and also large relative stress changes till fracture. The com-
parison of the dependencies from Figs. C.2 a and C.2 b documents that for practical
applications the fracture stress may not be the only relevant parameter when com-
paring different coating systems. Also the strain at fracture can be considered as
significant indicator of the fracture response of a coating system.

C.3.3. Coating Cracking Behaviour.

Surface topography of the as-deposited and annealed coatings after the four-point
bending experiments was characterized using SEM. In Fig. C.3, representative SEM
images of the coating surfaces are presented. The images indicate the presence of
mostly parallel cracks which are, however, not equidistant as predicted by the shear-
lag model [13–15]. There is a small difference in the average crack spacing λ between
the −40 and the −120 V coating, whereby λ for −40 V coatings is smaller than for
−120 V coatings.

(a) −40 V as-dep., λ = 15 μm (b) −40 V ann., λ = 18 μm

(c) −120 V as-dep., λ = 28 μm (d) −120 V as-dep., λ = 28 μm

Figure C.3.: SEM micrographs show the topography of as-deposited and annealed
CrN/steel samples after the four-point bending experiments.

C.3.4. Results Interpretation.

The aim of the present study is to correlate the fracture behaviour of CrN coatings
with their stress state after the deposition and after the post-deposition annealing
treatment. It is obvious that the macroscopic residual stress dependencies from
Fig. C.2 express the average stress state in the coatings. The SEM images in Fig. 3
indicate, however, a periodic stress variation σ(x) along the surface axis x (Fig. C.4),
which can be generally expressed using the modified shear-lag model for soft plastic-
ally deformed substrates [13] as follows:
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σ(x) =
[

Ef εel

1 − ν2
f

(1 − νf νs)
]

·
⎡
⎣1 − cosh (βx)

cosh
(

βλ
2

)
⎤
⎦ + σres,pl. (C.3)

Es, Ef , νf and νs are the Young’s moduli and Poisson’s ratios of the coating and the
substrate, respectively. εel is the substrate elastic strain and β is a dimensionless
parameter which depends on the thickness of the coating and the substrate. It
expresses the shear stress transfer across the interface [14, 16]. The term σres,pl is
dependent on the initial residual stress and the applied strain.

Ahmed [13] has showed that when the maximum stress in a coating segment
reaches the fracture stress σf , a new crack develops in the middle of the segment
causing the stress in the adjacent segments to drop by Δσ because at the same strain
the stress in a smaller segment is lower than in a larger one. The stress drop can be
mathematically described by

Δσ = σ(x = 0, λ) − σ
(
x = 0, λ

2

)

= −
[

Ef εel

1 − ν2
f

(1 − νf νs)
]

·
[
1/ cosh

(
βλ

2

)
− 1/ cosh

(
βλ

4

)]
. (C.4)

Thus at a microscopic level, the crack development in the film is accompanied by a
sequence of stress drops until the stresses in the coating saturate. Mathematically
this is governed by

lim
λ→0

Δσ = 0 (C.5)

Therefore, at a certain point of the bending experiment one can observe a saturation
of crack spacing and stresses in the coating and no further cracks will develop.
Further straining will cause the segments to move apart, rather than the development
of new cracks or an increase in stress. Consequently, the stress saturation in the
stress-bending dependencies in Fig. C.2 indicates that the final stresses are lying
slightly below the actual fracture stress of the coatings and close to the σres,pl level.

Since the stresses in the coating were characterized using XRD with a relatively
large gauge volume (in comparison to λ), the obtained coating volume-averaged
stresses (Fig. C.2) represent only average values over a large coating area. Generally,
the average stress along one segment can be calculated by forming the integral
average of Eq. (C.3).
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σavg = 1
λ

∫ λ/2

−λ/2
σ(x)dx

=
Ef εa · (1 − νf νs) ·

[
βλ − 2 tanh

(
βλ
2

)]
βλ

(
1 − ν2

f

) + σres,pl (C.6)

Since λ for all four CrN coatings (Fig. C.3) is in the same range 15 μm to 28 μm,
one can conclude that the final stress level in the fractured coatings is decisively
influenced by the term σres,pl, which is mainly dependent on the initial residual
stresses and the applied stress. In other words, the analysis showed that the σavg

at the final stage of the bending experiments can be very effectively tuned by the
magnitude of the initial stresses and by the thermal treatment. Unfortunately, the
exact σ(x) distribution along the surface (Fig. C.4) was not accessible at this stage.
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Figure C.4.: Scheme of theoretic stress distribution according to σ(x) for multiple cracks.

C.4. Conclusions

Fracture behaviour of CrN coatings on steel substrates was assessed using in-situ
XRD coupled with four-point bending. The fracture properties like macroscopic frac-
ture stress and strains were evaluated from the in-situ experiments on as-deposited
and annealed samples. The results indicate that the stress level at the final stages
of the bending experiments depend on the residual stress state and sample thermal
history. While the fracture behaviour of the CrN coating deposited at −40 V is
only slightly affected by the annealing above the deposition temperature, it is very
pronounced in the case of highly compressively stressed −120 V sample. Here, the
annealing caused not only a relaxation of the residual stress but also a decrease of
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the fracture strain and increase of the fracture stress. The as-deposited and annealed
CrN coatings deposited using −120 V exhibit significantly large fracture strains in
comparison with −40 V samples.

Methodologically, the results indicate that in-situ XRD coupled with four-point
bending can be effectively used to roughly evaluate fracture properties of hard coat-
ings.
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Abstract

Residual stresses in railway rails have a significant influence on the rail functional
properties and reliability in service life. Already during the production, the roller
straightening as the final production step removing the rail curvature causes the
formation of complex stress fields. In this work, a complementary experimental
characterization of longitudinal, transversal and normal residual stresses in an uncut
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straightened rail with a length of 0.5 m is performed using neutron diffraction and
a newly developed extended-contour method. Additionally, the residual stresses
are validated numerically by means of an extensive three-dimensional finite element
simulation taking into account the cyclic elastic-plastic material behaviour of the
rail including combined kinematic-isotropic hardening. The very good agreement
between the experimental and numerical data provides a basis for the understanding
and predicting how the straightening procedure, i.e. the positioning of the individual
rollers and forces applied by the rollers, influences the triaxial stress fields at the
rail cross section.

D.1. Introduction

Roller straightening is the final step in the production of a railway rail. It follows
the cooling to room temperature after the hot rolling performed at about 1000°C
and results in the formation of a rail curvature and relatively small residual stresses
[1–3] caused by the specific rail profile geometry and negligible mechanical constrains
on the cooling bed. Since most of the rail mass is concentrated in the rails head
the cooling is slower in the head than in the foot. The colder foot and the web
exert a longitudinal force on the hot head which leads to a plastic deformation and
consequently to a reduction of the rail´s length in the head zone. Upon continuing
the cooling process the head cools down and the dimensional mismatch between the
foot and the web results in a curvature of the rail whose neutral axis lies in the rail
head.

In order to obtain a straight rail the cooling must be followed by a complex roller
straightening process which is performed by alternating bending about the cold rails
axes of inertia using a set of rollers (Fig. D.1). The roller pitch can be regular, like at
the horizontal bending machine (HM), or irregular, at the vertical bending machine
(VM). Since the straightening step is the final step in the production route, it has
a significant influence on the final properties of the rail. As a consequence the
rail should not only be straight but residual stresses should be minimal after this
process [4]. According to a draft standard elaborated by European Committee for
Standardization (CEN), the longitudinal residual stresses in the middle of the rail
foot must not exceed 250 MPa [5].

In order to quantify residual stresses in rails numerous experimental and com-
putational works have been performed in the past [3, 4, 6–21]. Pioneering studies
appeared already in 1937 by Meier [3] where the typical C-shaped residual stress
distribution for straightened rails characterized by sectioning methods was recog-
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Figure D.1.: A schematic sketch of the straightening process performed by the horizontal
(HM) and vertical (VM) machines. The arrows indicate deflection of selected
rollers. The dark grey regions on the rail indicate the plastic deformation
zone.

nized. More recent publications [6–11, 14–16, 22] were devoted to non-destructive
volume-sensitive stress characterization using neutrons and synchrotron radiation.
Sasaki et al. [10] used neutron diffraction to evaluate residual stresses in small sec-
tions of 10 mm of a rail head. Similar Jun et al. [11] performed neutron diffraction
measurements on a 16 mm thick transverse slice through the entire profile of a rail
which has been in service. In order to eliminate the effect of the sectioning, Luzin
et al. [12, 22] characterized residual stresses in a 10 mm thick rail section and in a
0.5 m long rail. The results documented that the sectioning results in the significant
modification of the original residual stresses in the rail where especially longitudinal
stress components were affected.

Another approach to evaluate longitudinal residual stresses in rail long sections is
the contour method proposed by Prime et al. [23–25]. The specimen is cut in two
pieces normal to the profile axis, which leads to an elastic recovery of the longitudinal
stresses. The stresses can be calculated from the relaxation strains by a variation of
Bueckner´s superposition principle [26] or by finite-element modelling (FEM). Prime
[23, 24] shows, based on the example of a bent beam specimen, that this method can
measure a full 2D map of the residual stress component normal to the cross section.
Knowing that the longitudinal residual stress is the most critical component for
railway rails makes this method an interesting alternative even though only one
stress component can be evaluated.

Residual stresses in railway rails have been characterized primarily in used rail
sections in order to evaluate the influence of the service on the stress development
[7, 8, 11, 12, 15, 16]. The experimental stress characterization in “as-produced” rails
with preserved longitudinal components, i.e. in an unsectioned rail, has not been
performed yet. There have been however a few approaches to determine the stress
state in straightened rails using FEM. One approach is based on the classical Euler-
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Bernoulli assumptions for bending in combination of the theory of Hertz to model
the stress evolution in the rails cross-sections during straightening influenced by the
roller contact [17, 18]. In other models, 2D or 3D modelled sections of the rail are
driven by boundary conditions calculated from the bending line analytically or by a
beam model. In that case, the influence of the contact situation was also modelled
supposing elastic or rigid rollers [4, 19, 20, 27, 28].

The objectives of this work are (i) to perform an experimental characterization of
residual stresses in an uncut straightened rail (with unrelaxed longitudinal residual
stresses) using neutron diffraction and the contour method and (ii) to correlate the
results with a finite element simulation of the straightening process. Finally, the
combination of experimental and numerical approaches allows (i) a validation of the
model and (ii) finally also the understanding and the optimization of the straighten-
ing procedure. Methodologically, the approach should also evaluate the advantages
and disadvantages of stress characterization using neutrons and the contour method
in large engineering components.

D.2. Experimental

D.2.1. Neutron Diffraction Characterization

Residual stress characterization was performed in a straightened 0.5 m long rail
with the preserved original stress state at the Stress-Spec neutron diffractometer
[29] of the FRMII facility in Garching, Germany. For the measurements a neutron
wavelength of 1.664 Å and a gauge volume of 5 × 5 × 5 mm3 were used. The gauge
volume was defined by a slit in the incoming beam and a radial collimator before the
detector to leave enough space for the large sample. The reason for the relatively
large gauge volume was the low neutron transmission of about 1–2% for points in
the head, that resulted in low diffraction statistics and long coating times of up to
2 hours per one acquisition [22]. The diffraction signal was recorded using a two
dimensional detector with an active area of 300 × 300 mm2 and a pixel size of about
1.4 mm.

For the position-resolved characterization of diffraction elastic strains εhkl
i (x, y, z)

in the rail at the positions (x, y, z), α-Fe hkl reflections 211 or 110 were scanned
with diffraction vectors oriented parallel to the transverse, normal and longitudinal
rail axes. The 110 reflections were used to measure the points in the head, as the
lower Bragg angle of 48° and additional tilting of the sample would allow shorter
pathways. Most of the measurement points were located along the rail vertical
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symmetry axis. The measured diffraction angles were used to calculate the lattice
spacing dhkl

i (x, y, z) using Bragg’s law. The unstressed lattice parameters dhkl
0 were

determined experimentally by measuring 4 × 4 × 4 mm3 steel cubes extracted from
the rail. The diffraction elastic strain in three directions was determined according
to

εhkl
i (x, y, z) = dhkl

i (x, y, z) − dhkl
0 (x, y, z)

dhkl
0 (x, y, z)

(D.1)

where i represents transverse (x), normal (y) and longitudinal (z) orientations of
the diffraction vector. The triaxial residual stresses at the positions (x, y, z) were
determined using

σi (x, y, z) = Ehkl

(1 + νhkl)

⎛
⎝εhkl

i (x, y, z) + νhkl

(1 − 2νhkl)
∑

j

εhkl
j (x, y, z)

⎞
⎠

with j = x, y, z (D.2)

where a Young’s modulus of Ehkl = 216 GPa and a Poisson’s ratio of νhkl = 0.286
were used for both reflections [30].

D.2.2. Contour Method

The contour method [23, 24, 31] was applied to characterise residual stresses in an as-
produced roller straightened rail, having a length of 0.5 m. The cut was carried out
by a conventional industrial wire electric discharge machining (WEDM) machine
approximately in the rail centre and perpendicular to the rail longitudinal axis.
After the cutting both cutting surfaces were scanned using a coordinate measuring
machine (CMM), applying a grid of 1 × 1 mm2. In order to obtain accurate results
the measured contour was corrected to compensate errors from the cutting process.
According to [31] there are anti-symmetric and symmetric errors. The first group
derives from the effects such as shifting of the parts due to bad clamping or a crooked
cut, and can be corrected by averaging the contours of both cutting surfaces. The
latter group comprises local variations in the cutting surfaces due to the cutting
itself, such as changes in the cut width [32–34]. These errors can be corrected by
subtracting the contour obtained from a stress free reference [31, 35].

To determine the unknown two dimensional (2D) residual stress distribution across
the as-produced rail from the known measured and corrected 2D contour data,
an elastic finite-element model (FEM) was used applying Young’s modulus E =
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205 GPa and the Poisson´s ratio ν = 0.3. In the model, numerical contour data
equivalent to those from the experiment were generated on a 0.25 m long rail segment
and then the curved rail cross-section was displaced to the plane state. The 2D stress
generated in the rail using the later step was considered as the searched residual
stress in the uncut as-produced rail.

D.2.3. FEM analysis of the Straightening Process

The roller straightening process of the rail was modelled with FEM using ABA-
QUS/Standard [36]. For the cyclic elastic-plastic material behaviour of the rail
steel, the already implemented Chaboche model was used [36–38].

To reduce the numbers of elements in the 3D model of the straightening process
a sub-modelling technique was used. This entails performing the numerical analysis
in two steps: (i) a global analysis, where a simple beam element model of the rail
is generated and pulled through the roller straightener and where the history of the
displacements and rotations of each node is monitored, (ii) the subsequent submodel
analysis, where a designated section of interest is finely meshed using 3D solid ele-
ments whose bounding plane positions are subjected to the nodal displacement and
rotation history calculated in the global analysis.

To prevent shear locking of the elements during bending the three dimensional
solid eight node linear brick element with reduced integration (C3D8R) were used.
The rollers were modelled as rigid. For the contact model Coulomb friction (μ =
0.15) was assumed. The compliance of the roller surface was accounted for by a
so-called “softened” contact relationship. For this purpose the pressure-overclosure
relationship was defined by the contact stiffness derived from the Hertz theory [39,
40]. The calculation time for the 170,000 elements containing submodel was about
240 hours on 12 processors.

D.3. Results and Discussion

D.3.1. Contour Data

The characterization of the two dimensional distribution of the longitudinal stresses
across the annealed rail with a grid of 1 × 1 mm2 was performed using the contour
method. In Fig. D.2, the experimental data obtained from a coordinate measuring
machine are presented. The displacement values in the range from −0.045 to 0.035
mm indicate the presence of compressive and tensile stresses at the rail cross-section.
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Figure D.2.: Displacement data in mm obtained using the contour method indicate the
local material relaxation across the rail cross-section after the cutting. Pos-
itive and negative values correspond to compressive and tensile longitudinal
stresses.

The contour data from Fig. D.2 were used to evaluate longitudinal stresses using
the FEM model (cf. Sec. D.2.2). The results in Fig. D.3 indicate the presence
of a C-like longitudinal stress profile across the rail cross-section with about 160
and 130 MPa at the foot and head, respectively, and −125 MPa in the web. The
tensile stresses obtained from the contour approach are significantly smaller than
the strength of the material and lie obviously also within the limit defined by the
CEN draft standard of 250 MPa. The measurement errors of the contour method
are about ±15 %.
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Figure D.3.: 2D distribution of longitudinal residual stresses σz across the straightened
rail (a) determined by means of the contour method and the stress profile
across the rail vertical axis (b).
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D.3.2. Neutron Residual Stress Characterization

Neutron diffraction allows characterizing all three stress components in the rail.
Due to the long pathways in the material and the resulting long measurement times,
the triaxial stresses were determined only in selected volume elements with the size
of 5 × 5 × 5 mm3. Longitudinal residual stresses for selected probe positions are
presented in Fig. D.4.
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Figure D.4.: Longitudinal residual stresses in MPa across the straightened rail determined
using neutron diffraction.

Additionally, triaxial residual stresses along the rail symmetry axis are shown in
Fig. D.5.

Also in the case of neutron characterization, longitudinal tensile stresses of 160
and 130 MPa were observed in the foot and head whereas a stress of −125 MPa
was determined in the web centre. The magnitudes of the stresses determined in
the head are comparable with the results of Jun et al. [11] where actually stress
reconstruction from measurements on thin rail slices was used. The relatively large
measurement errors from about 20 MPa in the web centre to about 80 MPa in the
rail head were caused especially by the long pathways of the neutrons which resulted
in relatively weak diffraction statistics. The last measurement points in the foot (at
3 mm) and in the head (at 170 mm) show an abrupt change in stress, which also
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Figure D.5.: Distribution of triaxial stresses in the straightened rail across the rail sym-
metry vertical axis determined by neutron diffraction.

violates the boundary condition of σy being zero at the surface. These stresses can
be considered artefacts due to surface effects, as at these points the gauge volume
was not full immersed into the material [41].

D.3.3. FEM Modelling

The FEM model was used to determine the distribution of triaxial stresses at the rail
cross-section after the straightening (Fig. D.6). The results indicate again a C-like
shape of the longitudinal stresses (Fig. D.6 c,d) with the stress profile varying in the
range of about −75 to 100 MPa. The medium transversal and normal compressive
stresses of about −60 MPa in the rail head near the surface were formed during an
unloading of the rollers after the roller contact was removed. The region of trans-
versal tensile stresses in the head is caused by the higher compressive deformation by
the rollers of the VM in contrast to the lateral region (Fig. D.6 a). The same effect,
however in normal direction is caused by the upper role of the HM (Fig. D.6 b).
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Figure D.6.: Spatial distribution of transversal σx (a), normal σy (b) and longitudinal σz

(c) stresses across the rail cross-section, as obtained from the FEM model.
Distribution of triaxial stresses along the rail symmetry axis is in (d).

The C-profile can easily be interpreted by analysing the individual modelling steps
of the straightening process. During the first rail bending under the roll number R2
(cf. Fig. D.1) longitudinal compressive stresses form in the head and tensile stresses
in the foot large enough that plastification occurs leaving residual stresses with an
opposite sign after unloading between R2 and R3. This means that before entering
R3 the head is exposed to tensile and the foot to compressive residual stresses.
Bending about R3 basically reverses the situation, however to a lesser extent as the
positioning of the rolls is chosen in such a way that the rail’s curvature radii decay
as the rail progresses towards the end of the roller straightener. At this point it
is important to note the intricate contact situation between the roll and the rail
introduces a significant amount of plasticity in the outer fibre of the rail that can
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only be accommodated by a widening of the rail (i.e. a material flow in x-direction,
cf. Fig. D.1) due to the kinematic constraints in the other directions. The Poisson
effect then generates tensile stresses in z-direction that add to the stresses due to
bending. This is repeated every time the rail is bent upwards or downwards. These
additional tensile stresses are equilibrated by compressive stresses in the web of the
rail giving rise to the characteristic C-shaped longitudinal stress distribution that
is commonly observed in roller-straightened beams. Speaking in terms of strains
this phenomenon can also be explained by a steady reduction of the beam length
with every bending. This reduction can actually be measured amounting to about
100 mm for a 60 m rail after leaving the roller straightener. The formation of the C-
profile is an inevitable consequence of the additional plasticity underneath the rolls
and hence the entire straightening process. Changing process parameters will only
shift or flatten this C-shaped stress distribution. The finite element model offers
a cost-effective method to adjust the process parameters such as to minimize the
magnitudes of the tensile stresses at the head and at the foot.

D.3.4. Results Comparison
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Figure D.7.: Comparison of the longitudinal residual stress σz distribution along the ver-
tical symmetry axis evaluated by the contour method, neutron diffraction
and FEM approach.

One of the main objectives of this work was to analyse longitudinal residual
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stresses in the as-produced straightened rail. The longitudinal residual stress from
the contour method, neutron diffraction and FEM approach are presented in Fig. D.7.
As already documented in Sections D.3.1–D.3.4, the stress distributions exhibit al-
ways a C-like profile which was confirmed by all three methods. Though the mag-
nitudes of the stress dependencies differ by about 50 MPa, the common trend of
compressive stresses in the web and tensile stresses in the head and foot is obvious.

D.4. Discussion

The combination of two experimental techniques and the FEM modelling procedure
demonstrated that all three approaches provide qualitatively the same profile of the
longitudinal stresses across the rail vertical axis with a typical “C” shape. The
tensile longitudinal residual stresses in Fig. D.7 are significantly smaller than the
strength of the material and lie obviously also within the limit defined by the CEN
draft standard of 250 MPa. The aim of this paragraph is to discuss the individual
approaches.

The contour method provided representative data on the longitudinal stresses
which agree very well with the values obtained from other techniques (Fig. D.7).
The whole procedure including sample preparation, surface mapping and data pro-
cessing takes about 20 hours. The main advantages of the technique are the relat-
ively cost-effectiveness and the fact that the method provides 2D distribution of the
stresses across the rail cross-section with a mesh of 1 × 1 mm (Fig. D.2). As draw-
backs, one should mention that a contour of a stress-free reference must be measured
additionally in order to correct for measurement errors and a linear elastic 3D finite
element model must be built in order to reconstruct the residual stress fields from
the measurement displacement fields.

In the case of neutron characterization, the measurements can be performed on
an as-delivered rail of 0.5 m in length without the need of cutting. Due to the
long pathways resulting in a bad diffraction statistics and acquisition times up to 2
hours a relatively large probing volume of 5 × 5 × 5 mm3 was used. This allowed
to reduce the measurement time to as low as 3 days. This demonstrates that this
type of analysis is restricted to dedicated samples only, because it is expensive and
must be planned in advance. Similar as in the case of contour method, also for the
neutron characterization stress free samples must be provided in order to determine
unstressed lattice parameters of the crystal. The rail length of 0.5 m proved to be
long enough in order to preserve the longitudinal stress components.

The FEM analysis provided very detailed data on the stress distribution across
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the rail. The predictive quality of such an approach relies however on the accuracy of
the material model which has to be able to account for cyclic plasticity including the
hardening mechanisms that are relevant within the first loading cycles. Determining
the pertaining material parameters requires cyclic tension-compression tests at strain
amplitudes similar to the actual straightening process. Particular attention has also
to be paid to the details of the contact between the rail and the roll as this has a
significant influence on the stress situation especially in the outer fibres. Once a
reliable model is set up sufficiently large computational resources must be provided.
In the present case the two-step simulation (global model and submodel) of the
process took two weeks on 12 standard x86 3 GHz cores. The main advantage of
the FEM approach is naturally the fact that once the numerical method has been
validated against the experimental evidence it may unfold its strength by providing
full versatility with respect to parameter variations, such as different roller positions
or forces applied by the individual rollers.

D.5. Conclusion

The longitudinal residual stress distribution across the vertical axis of the straightened
rail was characterized using neutron diffraction, the contour method and a FEM
model. All three approaches delivered the same stress profile with a typical “C”
shape and the maximal tensile stresses below the limit of 250 MPa defined by the
CEN draft standard. Methodologically, the work demonstrates that all three ap-
proaches provide actually equivalent results which were however achieved using ab-
solutely different procedures and also under very different costs.

The validation and adjustment of the FEM approach with the experimental data
represents an important step in understanding and control of the straightening pro-
cess. The development of the FEM approach opens the way to produce rails with
well-adjusted residual stress fields by varying roller positions or forces applied by
the individual rollers.
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Abstract

Residual stresses in seamless steel tubes have a significant influence on the mech-
anical stability and reliability of industrial constructions. In this contribution, tri-
axial residual stresses in seamless rolled tubes with an outer diameter of 82 mm
and a wall thickness of 9.8 mm were analysed at synchrotron source PETRA III at
DESY in Hamburg using the HZG beamline HEMS (P07) with a photon energy
of 75 keV. The position-resolved measurements were performed using a conical-slit
measurement technique with a spatial resolution in the direction of the X-ray beam
of 0.8 mm. The tubes were produced under dedicated thermal conditions resulting
in complex microstructure and residual stress profiles across the tube walls. The
(experimental) measurements allowed determining axial, tangential and radial re-
sidual stress profiles. The results reveal tensile stresses up to 150 MPa on the outer
wall side and compressive stress of about −120 MPa on the inner wall side. The
measurements document the importance of the cooling process control during the
thermo-mechanical rolling, which represents a key factor for the design of dedicated
microstructure and residual stress levels in the tubes.

E.1. Introduction

Non-destructive residual stress characterization in steel components at large penet-
ration depths is a challenging task and can be nowadays performed using neutron
diffraction and high-energy synchrotron X-ray diffraction [1]. The advantage of
synchrotron X-rays with energies in the range of 50–300 keV is the high beam in-
tensity enabling relatively fast measurements and in comparison with the neutron
diffraction, better spatial resolution down to μm-range [2]. The possibility of fast
measurements combined with a relatively small probe volume can be used for the
characterization of large two and three-dimensional strain maps at depths down to
a few cm.

The X-ray diffraction analysis of macroscopic residual stress fields is usually per-
formed in two steps [3]. At first, lattice spacings dhkl (x, y, z) of hkl crystallographic
planes are determined at different orientations of the diffraction vector Q and sample
positions (x, y, z). Additionally, small pieces of the reference material (with relaxed
macroscopic stresses) with the size of about 1 × 1 × 1 mm3 are measured using the
same setup in order to determine unstressed lattice parameter dhkl

0 [3]. The X-ray
elastic strain εhkl (x, y, z) can then be evaluated according to
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εhkl (x, y, z) = dhkl (x, y, z) − dhkl
0

dhkl
0

(E.1)

As a second step, experimentally determined X-ray elastic strains εhkl (x, y, z) are
used to evaluate spatial distribution of triaxial residual stresses σi (x, y, z) applying
X-ray elastic constants Ehkl and νhkl of the material as follows [3]

σi(x, y, z) = Ehkl

(1 + υhkl)

(
εhkl

i (x, y, z) + υhkl

(1 − 2υhkl)

(
εhkl

A + εhkl
R + εhkl

T

))
(E.2)

Using the dedicated selection of the measurements directions, the stresses as well
as the strains can be determined for radial (R), axial (A) and tangential (T) sample
directions.

Ehkl and νhkl represent the elastic properties of the material and depend on the
single crystal elastic constants of crystallites, crystallographic texture and grain
interaction model.

The characterization of residual stress spatial distribution σi (x, y, z) in bulk ma-
terials is still not trivial task, because the diffraction signal may originate from
a relatively large sample volume. In the case of neutron diffraction, which works
with the resolution down to 1 × 1 × 1 mm3, the gouge volume is usually defined
by primary and secondary selection slits. In the case of X-ray diffraction analysis
operating with smaller gauge volumes, the better spatial resolution can be achieved
by using more advanced optical components. Recently, a conical slit cell (CSC) was
proposed (Fig. E.1 a) to perform spatial resolved characterization of X-ray elastic
strain in all directions εhkl (x, y, z) [4]. The system is based on several concentric
slits that are focused on a spot within the sample by their conical shape (Fig. E.1 b).
The analysis of full diffraction rings enables the simultaneous determination of all
strain components in the plane. Moreover, also basic information on the texture of
the material can be obtained. To achieve depth resolutions well below 1.0 mm, the
slit width as well as the beam cross-section has to be around 20 μm [4]; moreover, the
depth resolution in x-direction also depends on the energy resolution given by the
monochromator. Thus, a third-generation synchrotron source with high brilliance is
required for the use of a CSC. So far, only few examples for the application of CSC
for residual stress and texture analysis can be found in the literature [5]. A CSC
produced by Institute für Mikromechanik Mainz is used for residual stress analysis
at the HZG beamline HEMS at the PETRA III synchrotron source at DESY in
Hamburg. While depth resolutions of a few 100 μm can be achieved with narrow
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beams, the grain size of the studied material often prevents a conventional analysis of
diffraction rings with such high resolutions; however, strategies for improving grain
statistics can often be applied in such cases. In many cases, only moderate depth
resolutions are required, and with a larger beam cross-section, the grain statistics
can be improved.

In this contribution, spatial distribution of triaxial residual stresses across the wall
of a thermo-mechanically treated seamless steel tube was characterized. The concept
of thermo-mechanical treatment enables a control of microstructure in seamless steel
tubes and allows the optimization of mechanical properties like high strength com-
bined with excellent toughness and weldability. Conventional quenching and tem-
pering in heating furnace and quenching device are substituted by the accelerated
spray water cooling applied directly after the stretch reducing mill [6]. During the
cooling, it is expected that complex residual stress and microstructure gradients
connected with the formation of martensite are formed across the tube wall.

The aim of this work was to perform a position-resolved characterization of re-
sidual stresses across the walls of three tubes and evaluate the magnitude of radial,
axial and tangential residual stress components in ferrite as a function of thermal
treatment.

(a) (b)

Figure E.1.: A schematic experimental setup using a conical slit cell which allows selecting
a small sample volume (a) and a detail of the conical slit cell providing the
spatial resolution of 0.8 mm (b).

E.2. Experiment

Thermo-mechanically treated seamless steel tubes are produced in a few steps. The
piercing of a round solid billet is the first forming operation to make a seamless tube,
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also known as the Mannesmann piercing procedure [7]. Two barrel-type rolls rotate
in the same direction to feed the billet forward to the plug which is free to rotate.
The rolling gap in the horizontal is closed by two Diescher discs. The push bench is
the second forming device in the production for the elongation of the material using
an internal tool. The mandrel bar pushes the pierced billet through several non-
driven roller stands to produce the so-called pipe shell. In the reheating furnace the
cold pipe shells get their required temperature for the last forming step the stretch-
reducing mill. The heated pipe shells is stretched to achieve the final geometry by
several driven roller stands. Directly after rolling, the tube surface is cooled down by
spray water at high cooling rate to fix the ultrafine grained microstructure [8]. With
respect to the achieved heat transfer and the tube cross-section, the tube consists
of different microstructure layers. For high wall thickness tube surface section is
martensitic followed by bainitic and ferritic/perlitic layer.

In this work, residual stresses in three types of seamless tubes were characterized.
The tubes denoted further as A, B and C distinct by the cooling intensity and con-
sequent microstructure gradient across their walls. Tube A was not water sprayed,
tube B was moderately water sprayed and tube C was intensively cooled down after
the stretch reducing mill. As a result of the different cooling rates, the tubes B and
C exhibited an increased amount of martensite and bainite (Fig. E.2).

The A, B and C tubes were characterized at the HZG beamline HEMS (P07)
at the PETRA III synchrotron source in Hamburg. For the experiment, the X-ray
energy of 77.5 keV was used. The cross section of the X-ray beam was 50 × 50 μm
and the depth resolution was about 0.8 mm. The grain size of the material was small
enough to yield homogeneous diffraction rings with this gauge volume.

Strain measurements were carried out in two steps. At first the X-ray beam was
oriented perpendicular to the tube axis and the tube wall was moved across the focus
of the conical slits (Fig. E.1 b) in x-direction with a step of 0.5 mm. Simultaneously
Debye-Scherrer rings were collected using the 2D detector. In the next step, the
beam was directed parallel to the tube axis and rings cut from tubes (with a thickness
of 15 mm) were scanned along the x-axis. At the end the unstressed lattice parameter
was determined by scanning small pieces of the tube material.

From the first set of measurements, dhkl (x) dependence as a function of x and the
angle δ (cf. Fig. E.3) was determined using the Bragg’s law. Axial and tangential
strain components εhkl

A (x) and εhkl
T (x) were quantified from dhkl (x) values (obtained

for δ = 0 and δ = 90 degrees, respectively (Fig. E.3)) applying the unstressed lattice
parameter dhkl

o and Eq. (E.1). In a similar way tangential and radial strain com-
ponents εhkl

R (x) and εhkl
T (x) were determined by analysing diffraction data in the
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geometry with the X-ray beam oriented parallel to the tube axis.
Both X-ray elastic strains εhkl

i (x) as well as residual stresses σi (x) were determ-
ined with an error of 10 %.

Figure E.2.: Microstructure (from outside to inside) across the tube walls A (a), B (b), C
(c).

Figure E.3.: A representative X-ray diffraction pattern with ferrite 110, 200 and 211 Debye-
Scherrer rings collected from a seamless steel tube using conical slits.
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E.3. Results and Discussion

A representative X-ray diffraction pattern with typical Debye-Scherrer rings (collec-
ted from thermo-mechanically treated seamless steel tube B) is presented in Fig. E.3.
One can identify 110, 200 and 211 diffraction rings originated from the ferrite phase.
Similar patterns were collected from all three tubes and were used to evaluate dis-
tribution of X-ray strain εhkl

i (x) across the walls.
In Fig. E.4, experimentally determined axial, tangential and radial X-ray elastic

strain dependencies εhkl
i (x) obtained from A, B and C tubes are presented. At

this stage the results unambiguously demonstrate that the different cooling modes
caused the formation of very specific strain profiles across the walls of A, B and C
tubes.

The results from Fig. E.5 were used to quantify axial, tangential and radial residual
stresses in ferrite using Eq. (E.2). Since the conical slits were aligned just for the
ferrite reflections, the strains presented in Fig. E.4 represent the distortion in the
ferrite crystallites and strains in the ferrite phase. The samples B and C differ
in microstructure and phases because of different cooling intensity, the measured
strains may differ from the tubes macroscopic strains. Due to above reasons, in
order to evaluate stresses from the measured strains, ferrite X-ray elastic constants
Young modulus of 225 GPa and Poisson number of 0.276 were applied for all three
pipes. Similar as for strains, also in the case of residual stresses presented in Fig. E.5
very specific stress dependences σi (x) can be observed.

In the tube A (produced without external cooling) one can observe relatively high
axial, tangential and radial tensile stresses up to 120 MPa on both wall sides. This
stress level may results in the limitation of the tube lifetime during cyclic mechanical
loading because superimposed external stresses can promote the crack growth. In
the wall centre low compressive stresses were detected.

In the tube B (produced using moderate water cooling), axial tensile stresses up
to 150 MPa can be observed only on the outer wall side whereby the wall inner side
is under compression.

In the tube C (produced using intensive water cooling), negligible residual stresses
can be observed on the outer side and the inner side is under compression.
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(a) Tube A

(b) Tube B

(c) Tube C

Figure E.4.: Distributions of axial, tangen-
tial and radial elastic strains
(from outside to inside) across
the walls of tube A (a), B (b),
C (c).

(a) Tube A

(b) Tube B

(c) Tube C

Figure E.5.: Distributions of axial, tangen-
tial and radial residual stresses
(from outside to inside) across
the walls of tube A (a), B (b),
C (c).
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E.4. Conclusions

Methodologically, the results document that conical slit cell can be effectively used
to evaluate the magnitude of X-ray elastic strains and macroscopic residual stresses
in steel tubes with a spatial resolution of 0.8 mm.

The residual stress data collected from A, B and C tubes (cooled under differ-
ent conditions) document the importance of the cooling process control during the
thermo-mechanical rolling of steel tubes. The tensile stresses detected in the outer
wall side can represent a serious problem in the tube performance. By selecting
dedicated cooling conditions, not only the microstructure but also residual stresses
in the tubes can be tuned effectively.
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