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M. Gruber Introduction and scope of this work

1 Introduction and scope of this work

Generally, materials, which combine high hardness and strength values as well as ex-

cellent toughness properties are attractive for heavily loaded constructions and tooling

applications. Among these steel grades, which present such an exceptional combination

of properties are high Co-Ni secondary hardening steels. The most prominent representa-

tives of this steel class are the alloys HY180, AF1410, Aermet R© 100, Aermet R© 310, and

Aermet R© 340. Their composition is characterized by high contents of cobalt and nickel

and by the addition of chromium, molybdenum and carbon for carbide precipitation.

Additionally, these steels form reverted austenite on martensite laths during tempering.

As a consequence, these alloys connect properties of maraging steels, such as the high

Ni contents and reverted austenite formation, with features predominately found in tool

steels, e.g. carbide precipitation for hardening.

High Co-Ni steels are widely used in the field of aerospace and military as landing gears

or ballistic tolerant components. Since the mechanical properties are crucial in this field

of application, they have been excessively investigated for many decades for these alloys.

However, the focus of the investigations was laid on the high toughness values, which

are, despite the complex microstructure of these materials, predominately ascribed to the

presence of thin reverted austenite layers.

Nevertheless, the affect of austenite on toughness in martensitic steels is still controver-

sial, as it was found in prior investigations that austenite may improve or deteriorate

toughness properties. However, it is principally asserted that the higher the stability, i.e.

the resistance against transformation of austenite to martensite, the higher the toughness

increment is.

Many heat treatments and thermodynamic calculations regarding the austenite stability

have been performed for enhancing the toughness properties in high Co-Ni steels. Never-

theless, for these steels a detailed analysis of the microstructure, including the nucleation

and evolution of reverted austenite is missing.

As a result, the aim of this work was to evaluate the effect of heat treatment and resulting

microstructure on the mechanical properties of a 11 wt.% Ni, 13.5 wt.% Co, 2.9 wt.% Cr,

1.2 wt.% Mo and 0.22 wt.% C high Co-Ni steel. Thus, the phase arrangement of marten-

site, reverted and retained austenite was analyzed and the evolution of reverted austenite

during tempering and its influence on element redistribution in martensite and retained

austenite was studied. Furthermore, the influence of cryogenic treatment on the formation
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M. Gruber Introduction and scope of this work

behavior of carbides and on the stability of retained and reverted austenite was charac-

terized. Thereby, the effect of microstructure, retrieved from various heat and cryogenic

treatments, on the mechanical properties could be analyzed.

As a consequence of these findings fundamental information about formation process and

stability of retained and reverted austenite were obtained, which can be used for further

improving the material’s properties.

This work is divided in five sections. In Section 2 “Austenite in martensitic steels and

its influence on toughness properties” an introduction is given about the stability, the

formation and transformation process of retained and reverted austenite in martensitic

steels. It also comprises an overview about high Co-Ni and maraging steels and the affect

of austenite on mechanical properties in these steel grades. Section 3 (“Setup of experi-

ments and kinetic calculations”) deals with the experimental methodology of this work.

In this section the applied heat treatments as well as the setup of experiments and ther-

modynamic and kinetic calculations are described. The findings of the characterization of

the investigated high Co-Ni steel are presented in Section 4 “Results and discussion”. In

4.1 (“Characterization of microstructure and fundamental properties”) the results from

microstructural characterization, including the analyses of reverted austenite evolution

and element redistribution during tempering, are shown. Furthermore, the formation

principles of reverted austenite are discussed by the aid kinetic calculations. The effect of

cryogenic treatment on the evolution of carbides, austenite and martensite is evaluated

in Section 4.2 (“Influence of cryogenic treatment on the microstructural evolution during

tempering”). In this section also the stability of retained and reverted austenite is ana-

lyzed. The results from analyzing the mechanical properties are presented in Section 4.3

“Characterization of the mechanical properties at different heat treatment conditions”.

Finally, in Section 5 the central statements of this work are summarized and an outlook

on further objectives and activities in this field of research is given.
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2 Austenite in martensitic steels and its influence on

toughness properties

2.1 Effects of alloying elements on the austenite phase field

The phase in iron alloys or steels, which presents a face-centered-cubic (FCC) structure,

is generally denoted as austenite or γ-iron. In pure iron this FCC phase is stable be-

tween 910◦C and 1390◦C. Alloying elements are affecting the region of stable γ-iron and

the transition temperature to the body-centered-cubic (BCC) α-ferrite. Elements, which

extend the equilibrium FCC phase field, are attributed to austenite stabilizing elements.

Conversely, elements, which enlarge the ferrite phase field, are denoted as ferrite stabiliz-

ing elements. Austenite stabilizers are elements such as carbon, manganese, nickel and

nitrogen. These elements have a higher solubility in austenite than in ferrite. Regarding

the effect on the austenite phase field, these elements can be divided in two groups. Car-

bon and nitrogen cause an expansion of the austenite phase field, which is restricted as

shown in Fig. 2.1 (a) [1–3].

Figure 2.1: Influence of alloying elements on the austenite phase field. (a) Carbon and nitrogen. (b)
Nickel and manganese. (c) Cr, Si, Al, Mo, W, Nb, V and Ti [2].

Elements such as nickel and manganese cause an open austenite phase field, as indicated

by Fig. 2.1 (b). Thus, by a sufficient addition of Ni or Mn, the region of α-iron can be

suppressed down to room temperature.

Basically, cobalt is an austenite stabilizer. Nevertheless, an enlargement of the austenite

phase field occurs only for Co concentrations higher 50 at.%. For lower cobalt contents no

distinct influence on the transition temperature from γ-iron to α-iron can be identified,
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as shown in Fig. 2.2 [2, 4].

Ferrite stabilizers, such as Cr, Si, Al, Mo, W, Nb, V and Ti, are mainly carbide forming

elements. These elements restrict the FCC phase as illustrated in Fig. 2.1 (c) [1, 2].

Figure 2.2: Influence of cobalt on the region of the austenite phase field [4].
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2.2 Effects of alloying elements on the martensite start

temperature

The most prominent element, which causes a martensitic transformation upon quenching

from the austenite phase field, is carbon. As carbon atoms remain in the octahedron

interstitial sites during the transformation, the body-centered lattice becomes tetragonal

distorted [1].

A martensitic transformation can also be evoked by other alloying elements. In contrast

to the Fe-C martensite, the Fe-Ni martensite presents lower hardness values but a higher

toughness. Nickel-martensite does not exhibit a tetragonal distorted lattice and can be

created even at low cooling rates, since this phase transformation generally occurs at

temperatures (<400◦C) at which the diffusion of substitutional elements is hindered [1].

Also, a martensitic transformation could occur in Fe-Co alloys with 30-70 at.% cobalt

(Fig. 2.2). Iron and cobalt atoms may also form an ordered BCC phase. The formation of

either martensite or an ordered Fe-Co phase depends on the conditions of heat treatment,

e.g. the annealing temperature [5, 6].

The temperature upon cooling, at which the transformation austenite to martensite starts

is denoted as martensite start (Ms) temperature. Most of the typical alloying elements in

steel reduce the Ms-temperature. Exceptions are made by aluminum and cobalt, as they

clearly enhance this transition temperature [7, 8]. Austenite stabilizing elements, as well

as chromium, show a massive reduction of the Ms-temperature.

The decrease of the Ms-temperature is accompanied with the decrease of martensite finish

temperature (Mf), the temperature at which the martensitic transformation is finished.

If the Mf-temperature is situated below room temperature, untransformed austenite will

remain in the material. This austenite is termed as retained austenite. If both, the

Ms- and the Mf-temperature, are below room temperature the material is austenitic, as

depicted in Fig. 2.3. It is indicated by Bergmann [1] that alloys with more than 30 % Ni

are metastable austenitic.
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Figure 2.3: Influence of alloying elements on the Ms- and Mf-temperature [1].

The Ms-temperature (◦C, wt.%) in dependence of the composition of the steel can be

evaluated with Eq. 1 or 2. Furthermore, these equations give a hint of the influence of

each alloying element on the transformation temperature.

Ms = 545 − 330C + 2Al + 7Co − 14Cr − 13Cu − 23Mn − 5Mo − 4Nb − 13Ni − 7Si+

3Ti + 4V [7]

(1)

Ms = 525 − 350 ∗ (C − 0.005) − 45Mn − 35V ∗ (Nb + Zr + Ti) − 30Cr − 20Ni−
16Mo − 8W − 5Si + 6Co + 15Al [8]

(2)
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2.3 Retained and reverted austenite

2.3.1 Formation process and properties of retained and reverted austenite

Commonly, the austenite present e.g. in tool steels, bainitic and QTP steels, TRIP (trans-

formation induced plasticity) or in general in martensitic (bainitic) steels is denoted as

retained austenite [3, 9–14].

Another type of austenite, present within martensite, is reverted austenite. This one is

also termed as precipitated or dispersed austenite [15, 16]. Compared to retained austen-

ite, reverted austenite is formed during tempering (after quenching from austenitizing)

above temperatures of 450◦C-500◦C [17–20]. Fig. 2.4 indicates the regions of retained and

reverted austenite formation during heat treatment.

Figure 2.4: Formation of retained and reverted austenite during heat treatment.

Reverted austenite can be found in maraging steels [20, 21], cryogenic or 9Ni steels [22–24]

and high Co-Ni steels [15, 18, 25]. Additionally, metastable austenitic steels or in general

steels with a duplex-like microstructure also present austenitic regions with comparable

chemical compositions or transformation properties, even though heat treatments and the

formation processes might be different [16, 26, 27].

These types of steels forming reverted austenite during tempering exhibit relatively high

Ni or Mn contents, as these elements cause an enlargement of the FCC phase field. Van

Genderen et al. [19] demonstrated that the formation of reverted austenite is evoked by

the addition of Ni, as it forms in Fe-Ni-C steels, whereas in Fe-C steels no formation

occurs during annealing.

Nonetheless, the growth mechanism of reverted austenite is controversial. It is described

7
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by Sinha et al. [28] that the nucleation sites for reverted austenite are grain and lath

boundaries, dislocations or other lattice imperfections. Due to segregation of nickel at

these locations the transformation temperatures, such as the austenite start temperature,

are locally lowered. As a result, reverted austenite forms at these sites. Schnitzer et

al. [20] argued that the formation process of austenite in a PH13-8Mo maraging steel is

controlled by the diffusion of Ni to existing austenite nuclei. Consequently, the nickel

concentration in reverted austenite is much higher than in martensite. Conversely, it was

proposed for a precipitation-hardened maraging-TRIP steel that reverted austenite forms

along existing retained austenite films. Additionally, it is described that the formation of

reverted austenite on boundaries is promoted by the diffusion of Mn to interfaces. As a

result, reverted austenite is enriched in manganese [29, 30]. Conversely, Shiang, Farooque

and Li et al. [21, 31, 32] described that the formation of reverted austenite in maraging

steels is dominated by a shear process but as reverted austenite exhibits compositional

differences to the matrix, also diffusional processes may occur.

Originated by their formation processes, retained and reverted austenite exhibit distinct

differences. The composition of retained austenite can be predominately varied by the

carbon content due to a tempering or partitioning treatment [10, 33, 34]. Conversely, the

composition of reverted austenite presents chemical differences to martensite regarding

substitutional elements, e.g. manganese and nickel [15, 25, 29]. It is reported by Haide-

menopoulos and Le et al. [18, 32] that the composition of reverted austenite can be varied

by the tempering conditions. Higher tempering temperatures cause a lower nickel content

in austenite because the driving force for austenite formation is higher and less nickel for

formation is necessary. Furthermore, reverted austenite can be easily turned in size, i.e.

thickness, by altering tempering temperature and time [18, 25].

2.3.2 Transformation behavior of austenite and toughness properties

Retained and reverted austenite can transform into martensite as a result of external

conditions, e.g. varying temperature, applied strains or stresses.

Generally, a martensitic transformation of reverted or retained austenite occurs as a result

of cooling below the martensite start temperature. Accordingly, sub-zero treatments

can also cause a reduction of retained austenite phase fraction [35, 36]. Additionally,

a transformation of austenite can also proceed during tempering processes. Retained

austenite of low alloyed steels might transform into ferrite and cementite or bainite as a

8
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result of tempering in the range between 200◦C and 350◦C. However, retained austenite in

higher alloyed steels (e.g. high speed steels) is more stable and transforms during cooling

after tempering into martensite. Hence, tempering of higher alloyed tool steels is done

multiple times to reduce the retained austenite content and to temper the martensite

formed upon cooling. In most cases, the transformation of austenite due to tempering in

ferrite and carbides (bainite) or in martensite upon cooling results in an embrittlement [3].

Retained and reverted austenite can also be transformed into martensite due to mechan-

ical loading. An overview about the influence of mechanical loading and temperature

on the phase transition is given in Fig. 2.5. Below the Ms-temperature, a spontaneous

martensitic transformation proceeds. By raising the temperature above Ms, the transition

of austenite has to be assisted by external loading. The Msσ-temperature describes the

transition from the stress-assisted into the strain-induced mode of transformation. Up to

this temperature the austenite transforms before reaching its yield strength and the trans-

formation of austenite proceeds stress-assisted. However, beyond the Msσ-temperature

the austenite gets plastically deformed before it transforms. As a result, new nucleation

sites, which enable and promote a strain-induced transformation, are created. Beyond

the Md-temperature, the austenite is too stable to transform [15, 16].

Figure 2.5: Influence of external loading and temperature on the austenite to martensite transformation
behavior [16].

The mechanical induced transformation of austenite can evoke a transformation induced

plasticity (TRIP) effect or a transformation toughening effect. Materials bearing a TRIP

effect principally present high fracture strains, uniform elongations and a high strain

hardening. These materials are commonly ductile materials, such as low alloyed steels

for plates [5]. In contrast to the TRIP mechanism, the transformation toughening effect

9



M. Gruber Austenite in martensitic steels and its influence on toughness properties

is rather based on a toughness enhancement than on a raise of ductility. This effect is

mainly found in brittle materials, such as ceramics with transforming zirconium oxide

particles [37, 38]. Additionally, transformation toughening is also reported in the field of

high Co-Ni steels, since the high fracture toughness values are partially ascribed to the

transformation of austenite upon loading [15, 39, 40].

It is described by Geberich et al. [41] that the TRIP effect is a product of the strain

energy absorption. Since the strain-induced transformation of austenite into martensite

consumes energy, the energy available for crack propagation is reduced [42]. Others argue

that the transformation present in TRIP steels is controlled by the applied strain and is

thus stress-assisted [43, 44].

Additionally, the transition of austenite into martensite causes an increase of hardness.

This yields to a localized deformation in the remaining austenite until this austenite

transforms. Thus, necking is delayed and a high uniform elongation is produced by this

mechanism [42, 45, 46]. Furthermore, it is assumed by Antolovich et al. [42] that the

TRIP effect leads also to a toughness enhancement of the material.

The transformation toughening effect considers the raise of volume due to the martensitic

transformation. For a toughness enhancement, the transformation accompanied with the

volumetric increase must proceed ahead of the crack tip to generate compression stresses.

These compression stresses in the region of crack tip, shield the tensile stresses produced

by the external loading. As a result, the effective stress intensity at crack tip is lowered.

This leads to an enhancement of toughness as described by Eq. 3. The toughness of the

material K0 can be enhanced by ΔKC due to stress shielding of the transforming particles

and thus, the critical stress intensity factor KIC and the fracture toughness of the material

is raised [15, 16, 37, 39, 40].

KIC = K0 + ΔKC (3)

The raise of toughness is proportional to the volume change during transformation, which

can be calculated by Eq. 4. The change of volume due to transformation is ΔV, V is the

initial volume and afcc and abcc are the lattice constants of austenite and martensite [15,

16, 39, 40].

ΔV

V
∝

(
abcc

afcc

)3

− 1 (4)

10
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The volume change as a result of an austenite to martensite transformation is dependent

on the chemical composition of austenite and martensite, since the composition influences

the lattice parameters [8, 39, 47–52].

A raise of the carbon content in general causes an enhancement of the transformational

volume change. In unalloyed steels the volume change due to martensitic transformation

is about 3-4 % [53]. In Fe-Ni alloys the change of volume is influenced by the INVAR

effect, as this effect is accompanied with high lattice parameter values for the FCC-phase.

Generally, the INVAR effect is present in iron alloys with about 36 % Ni below the Curie

temperature [50]. It was also determined by Shibata et al. [54] that the transformational

volume change in Fe-Ni-Co alloys is reduced by the increase of the Co and Ni content

and thus, in these steels an austenite to martensite transformation without a significant

change of volume can occur.

Austenite may also enhance the toughness properties without generating a TRIP or trans-

formation toughening effect. Sato [35] suggested that austenite enhances toughness prop-

erties by blunting or grain boundary sliding. Conversely, it is reported by Kim and

Scheartz [55] that the toughness of martensite can be increased by the diffusion of inter-

stitial elements such as carbon into austenite, because of the higher solubility [24, 56].

Syn and Kim et al. [24, 56] claimed that austenite present at grain boundaries would

enhance the toughness by interrupting the crystallographic alignment of martensite pack-

ets. However, also a martensite formed upon mechanical loading would interrupt cleavage

planes and thus impede cleavage fracture.

11
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2.4 Stability of austenite

The toughness increment of austenite containing alloys is determined by the stability of

austenite. Leal and Haidemenopoulos [15, 16] found that the largest toughness (or strain

of fracture) enhancement for an operation temperature in the range or slightly above the

Msσ temperature. This Msσ temperature is an inherent property of the austenite coupled

to its stability. The stability of austenite can also be described by the resistance against

transformation [57] and is influenced by [18]:

• The size and form of the austenite phase

• The composition of austenite

• The strength of the material and the stress state

2.4.1 Influence of size and morphology

The stability of austenite increases with decreasing grain size [9, 33, 58]. Haidemenopou-

los and Grujicic et al. [15, 59] reported that in thicker austenite films more nucleation

sites for martensitic transformation are available. Thus, the probability for transforma-

tion is higher in thicker films compared to thin ones, causing a lower resistance against

transformation. A different approach was done by Waitz et al. [58]. They predicted that

the energy barrier for transformation is higher for smaller grains (due to a higher fraction

of interfaces compared to the volume of the grain) resulting again in a higher stability for

smaller grains. Additionally, it was demonstrated by Bhadeshia at al. [9] that austenite

films are more susceptible to transformation than blocky austenite. This suggests again

that film-shaped austenite in general exhibits a higher stability.

2.4.2 Influence of chemical composition

The composition of austenite has a major influence on its stability. As described in the

Section 2.3.1 the concentration of substitutional elements in reverted austenite can be

turned by heat treatment parameters. Thus, its stability can be varied. Commonly, high

contents of Ni or Mn are used to stabilize the reverted austenite [15, 18, 20, 30, 40]. It

is reported by Ayer, Haidemenopoulos and Li et al. [18, 25, 32] that the nickel content

in reverted austenite decreases by increasing the tempering temperature, since at higher
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temperatures less nickel is required for creating reverted austenite. This is shown by

the experimental results of a high Co-Ni steel in Fig. 2.6. Hence, the reverted austenite

formed at higher temperatures has a lower stability.

In contrast, retained austenite is generally stabilized with high C contents by quenching

and partitioning processes [11, 33, 60, 61]. In these quenched and partitioned steels the

formation of carbides is weak or suppressed by alloying and hence, less carbon is consumed

for carbide precipitation [9, 60].

Figure 2.6: Chemical composition of reverted austenite in Aermet R© 100 due to tempering for 5 h at
different temperatures [25].

2.4.3 Influence of the strength of the matrix and the stress state

For transforming austenite into martensite by external mechanical loading distinct stresses

or strains are necessary. As the strength of the material affects the contribution of the

mechanical driving force to the total driving force for the transformation of austenite,

the stability of austenite is influenced. Also, the stress state influences the stability of

austenite. It is described in the works of Leal, Haidemenopoulos and Olson et al. [15,

16, 18, 62] that the stress triaxiality (tension) at crack tip favor the transformation of

austenite in martensite, as this transformation is accompanied with an volume increase.
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2.5 Alloying systems using the toughening effect of reverted

austenite

Generally, retained and reverted austenite may influence toughness properties. Since the

main interest of this work is put on alloying systems with reverted austenite, they are

treated in detail in the following.

2.5.1 High Co-Ni steels

The steel class of high Co-Ni steels is characterized by high concentrations of cobalt and

nickel. These steels exhibit a Fe-Ni-C-martensitic matrix and form secondary hardening

carbides and reverted austenite during tempering. Representatives of this steel class are

the alloys HY180, AF1410, Aermet R© 100, Aermet R© 310 and Aermet R© 340 [63–65]. In

the Table 2.1 the chemical compositions of these materials are listed.

C Ni Co Cr Mo Fe

wt% wt% wt% wt% wt% wt%

HY180 0.13 10.0 8.0 2.0 1.0 Bal.

AF1410 0.15 10.0 14.0 2.0 1.0 Bal.

Aermet R© 100 0.23 11.1 13.4 3.1 1.2 Bal.

Aermet R© 310 0.25 11.0 15.0 2.4 1.4 Bal.

Aermet R© 340 0.33 12.0 15.6 2.25 1.85 Bal.

Table 2.1: Nominal composition of high Co-Ni steels [66–70].

Additionally, these steels provide an excellent combination of toughness properties on one

side and high hardness and strength levels on the other side [63, 65, 66]. A summary of

their mechanical properties is given in Table 2.2.
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Tensile Yield Fracture Impact Hardness

strength strength toughness toughness

MPa MPa MPa
√

m J HRC

HY180 1410 1240 203 81 43

AF1410 1725 1550 165 88 49

Aermet R© 100 1956 1724 126 41 53-54

Aermet R© 310 2172 1896 65 27 -

Aermet R© 340 2379 2068 37 15 57

Table 2.2: Mechanical properties of high Co-Ni steels [65–69].

2.5.2 The alloy Aermet R© 100

Evolution of austenite and its influence on toughness

The most prominent material of the class of high Co-Ni steels is the alloy Aermet R© 100.

In Aermet R© 100 retained as well as reverted austenite are present. Due quenching to room

temperature from austenitizing at 885◦C for 1 h (standard austenitizing treatment), ap-

prox. 5-7 % retained austenite remain untransformed [35, 71]. To reduce this retained

austenite phase fraction, the alloy is cryogenically treated at -73◦C. Ayer and Mach-

meier [25] described that the content of austenite after cryogenic treatment is below the

detection limit, whereas Gruber [71] and Sato [35] found approx. 1-3 % austenite left.

Tempering of this alloy at temperatures above 450◦C causes a formation of reverted

austenite [17, 25]. This is also shown in Fig. 2.7, which illustrates the increase of austenite

phase fraction as a function of tempering temperature. The standard tempering treat-

ment of Aermet R© 100 is performed at 482◦C for 5 h. Due to this tempering treatment

reverted austenite is predominately created at the martensite lath boundaries in form of

thin, nm-sized films (interlath austenite), as depicted in Fig. 2.8. Moreover, austenite pre-

cipitates were also found inside the martensite laths (intralath austenite) by Lippard [40].

It was also determined for this alloy that the reverted austenite formed upon tempering

is enriched in nickel and depleted in cobalt [25]. However, the carbon concentration in

austenite, and by that the influence of carbon on the microstructural evolution was not

evaluated in any of these studies [25, 39, 40].
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Tempering at 482◦C for 5 h causes also the precipitation of (Mo,Cr)2C secondary hard-

ening carbides. These carbides have a length of approx. 9 nm and a diameter of 3 nm

and exhibit a hexagonal-close-packed (HCP) crystal structure [25, 72, 73]. Additionally,

no cementite should be present after this tempering treatment [25].

Figure 2.7: Increase of the reverted austenite phase fraction in Aermet R© 100 due to tempering for 5 h
at different temperatures [25].

Figure 2.8: Microstructure of Aermet R© 100 after tempering at 482◦C for 5 h. The arrow indicates
reverted austenite [25].

The mechanical properties of this alloy are strongly influenced by cryogenic treatment.

Sato and Gruber [35, 71] demonstrated that fracture toughness values of tempered samples

are higher, if a preceding cryogenic treatment is conducted. This is shown in Table 2.3,

which summarizes the influence of cryogenic treatment on the mechanical properties of

Aermet R© 100. Additionally, the cryogenically treated conditions exhibit lower tensile

strengths but higher yield strengths compared to the samples without cryogenic treat-
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ment. This behavior of non-cryogenically treated conditions might be a result of an early

transformation of austenite into martensite [16, 35, 71].

Cryogenically Non-cryogenically

treated samples treated samples

Tensile strength [MPa] 2032 2106

Yield strength [MPa] 1785 1645

Fracture toughness KQ [MPa
√

m] 165 89
Table 2.3: Influence of cryogenic treatment on mechanical properties of the alloy Aermet R© 100 [71].

Although Aermet R© 100 exhibits excellent fracture toughness values, the toughening mech-

anism of austenite in this alloy is controversial. It is described by Ayer [25] and Sato [35]

that a non-transforming austenite enhances toughness due to grain boundary sliding.

Conversely, Lippard [40] and Kuehmann [39] argue that a transformation toughing effect

occurs.

In prior investigations concerning the toughness properties of Aermet R© 100, many addi-

tional heat treatments were tried for enhancing toughness properties [35, 39, 40]. Most of

them comprise a two step heat treatment with the intention to produce a higher volume

fraction of reverted austenite with a higher nickel content. As a consequence, lots of

stable austenite precipitates should be created and the toughness values should increase.

However, a significant toughness increase without a decrease of hardness was not found

for Aermet R© 100 by any of these heat treatments [35, 39, 40].

In the works of Haidemenopoulos [15], Lippard [40] and Kuehmann [39] lots of thermo-

dynamic calculations were performed for high Co-Ni steels to determine the austenite

stability at different heat treatment conditions for predicting fracture toughness prop-

erties. However, there is a lack of experimental results regarding microstructure and

the transformation behavior of austenite for these steels for confirming the findings from

thermodynamic calculations.
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Additional factors affecting the toughness of Aermet R© 100

Since toughness properties of high Co-Ni steels are of major interest, a modification of

non-metallic inclusion is conducted for improving the toughness-strength relationship.

Non-metallic inclusions, such as MnS or CrS, present in high Co-Ni steels lead to a

reduction of toughness values, as voids can be nucleated. Hence, rare earth elements such

as lanthanum and cerium are added, which form oxides or oxisulfides [74]. It is described

by Handerhan and Garrison et al. [74, 75] that due to these additions larger inclusion

with larger inclusion spacings are produced. Since the fracture initiation toughness is

dependent on inclusion spacing as described by Eq. 5, higher toughness values are obtained

by this modification.

δIC ≈ X0(RV /RI) [74, 75] (5)

The crack opening displacement at fracture initiation is δIC, X0 is the inclusion spacing,

RV the average size of the voids and RI the radius of inclusions. As shown in Fig. 2.9,

the crack opening displacement at fracture initiation exhibits a linear relationship with

X0(RV/RI). Thus, larger inclusion spacings result in higher fracture toughness values. As

a result, Heat#1 of Aermet R© 100, which exhibits the lowest inclusion content and the

largest spacing, has the highest fracture toughness value [35].
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Figure 2.9: Correlation of crack opening displacement at fracture initiation δIC with X0(RV/RI). A linear
relationship is found for the steel AF1410, Aermet 100 and a 0.4 C steel. The Heat#1 of Aermet R© 100
exhibits the lowest inclusion content and the largest spacing. The δIC were calculated from JIC values [35].

.

Furthermore, also secondary particles, such as carbides precipitated during tempering,

influence toughness properties as they promote the coalescence of voids [75, 76]. This is

depicted in Fig. 2.10.

Figure 2.10: Influence of secondary particles on the fracture process [76].
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2.5.3 Maraging steels

Austenite reversion during aging arises also in maraging or precipitation hardening steels.

High strength levels as well as good toughness and ductility properties are typical prop-

erties of these steels. In contrast to the most other steel types, maraging steels present

very low carbon concentrations. Furthermore, they form fine dispersed intermetallic pre-

cipitates during aging instead of carbides. Additionally, maraging steels exhibit relatively

high contents of nickel, chromium, manganese or cobalt and also smaller amounts of

molybdenum, titanium or aluminum [77].

Compared to high Co-Ni steels much more experimental work was done concerning the

properties of reverted austenite in maraging steels.

Reverted austenite in maraging steels was found to be present in different types regarding

its form and position, as depicted in Fig. 2.11. This austenite can have a granular or an

elongated form. Furthermore, three different types of austenite regarding the formation

or position are described by Shiang et al. [21]. Matrix austenite, which is formed by

diffusional processes, is located at retained austenite or at prior austenite grain boundaries.

At austenite grain and at martensite lath boundaries as well as inside the martensite

laths lath-like austenite is created. By the formation of this austenite a structure with

alternating martensite and austenite films is produced. Recrystallized austenite is present

along martensite packet boundaries or within martensite laths. This austenite is free of

dislocations and is formed at higher aging temperatures and longer aging times [20, 21,

78, 79].

The reverted austenite in maraging steel grades is highly enriched in Ni or Mn. In steel

grades with Ni-rich intermetallic precipitates, the formation of reverted austenite is pro-

moted by the dissolution of them during overaging. As a result of this, the reverted

austenite is free of these precipitates [20, 29].

In most cases, the reverted austenite in maraging steels enhances toughness and ductility

properties but lowers strength and hardness values. Nevertheless, there are various effects

of reverted austenite on mechanical properties, which might be dependent on the type of

steel and its heat treatment, as also indicated by the findings from literature.

It was observed by Schnitzer et al. [80] that reverted austenite in a PH13-8Mo steel, which

is formed at 575◦C, is not stable during tensile tests and transforms strain induced into

martensite. A higher reverted austenite phase fraction leads to a higher ductility and

strain hardening but to a lower strength of the material.
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Figure 2.11: Different austenite morphologies in maraging steels. (a) Matrix austenite in a PH13-8Mo
steel [20]. (b) Recrystallized austenite in a 350 grade maraging steel. (c) Bright-field image of lath-like
austenite in an Fe-19.5Ni-5Mn steel [78]. (d) Dark-field image of the lath-like austenite [21].

Conversely, austenite, which was formed during aging at 580◦C for 3 h (overaged), in an

18 % Ni (300) maraging steel is stable during tensile tests down to −100◦C. It is described,

that higher aging temperatures lead to a transformation of austenite during tensile tests.

This is a result of the lower Ni content of austenite formed at higher temperatures. Due to

the transformation, a TRIP effect is produced and fracture strains of 20 % are reached [81].

Furthermore, Visvanathan et al. [79] reported that at peak hardness in a 18 % Ni (350)

maraging steel no reverted austenite is present. In the overaged condition, a reduction of

strength but an enhancement of ductility and toughness was observed. This enhancement

of toughness and ductility was attributed to reverted austenite.
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3 Setup of experiments and kinetic calculations

3.1 Material and heat treatment

The investigated material was a high Co-Ni steel. Its actual composition was determined

by X-ray fluorescence (XRF) spectroscopy and is listed in Table 3.1. The alloy was

commercially produced and forged into round bars with a diameter of 100 or 200 mm.

C Ni Co Cr Mo Fe Si Mn P S O

0.22 11.0 13.5 2.9 1.2 Bal. <0.05 <0.02 <5*10−3 5*10−4 4*10−4

Table 3.1: The actual composition of the investigated alloy in weight percent (wt.%).

The heat treatments of the alloy comprised austenitization in a vacuum furnace and

tempering in batch furnaces. The cooling rate after austenitization was 10◦C/ min. Fur-

thermore, half of the conditions were cryogenically treated (CT) in a freezing chamber at

−73◦C for 1 h. The heat treatments are summarized in Table 3.2.

Austenitizing Cryogenic Tempering Tempering

treatment 1st step 2nd step

−73◦C/ 1 h -

- -

−73◦C/ 1 h 482◦C from 10 min to 50 h -

885◦C/ 1 h, - 482◦C from 10 min to 10 h -

cooling with −73◦C/ 1 h 540◦C from 10 min to 10 h -

10◦C/ min - 540◦C from 10 min to 10 h -

−73◦C/ 1 h 600◦C from 10 min to 10 h -

- 600◦C from 10 min to 10 h -

−73◦C/ 1 h 482◦C for 1 h 482◦C for 4 h

- 482◦C for 1 h 482◦C for 4 h
Table 3.2: Heat treatments of the investigated alloy.
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3.2 Imaging methods

Scanning electron microscopy (SEM) measurements were conducted on a EVO MA 5 mi-

croscope from Zeiss with a LaB6 cathode and a large chamber for analyzing samples from

fracture toughness tests. Stereophotogrammetric measurements were also conducted on

a LEO 440 SEM.

Transmission electron microscopy (TEM) analyses were carried out on a Philips CM12

microscope with 120 kV operation voltage as well as on a FEI Tecnai F20 and a Philips

CM20 STEM microscope with 200 kV operation voltage. The chemical composition of

microstructural elements during TEM and SEM measurements was analyzed by energy-

dispersive X-ray spectroscopy (EDS). The sample preparation for TEM analyses was

conventional. Disc-shaped samples with a diameter of 3 mm were ground to a thickness

of approx. 80 μm and subsequently electro polished.

A Cameca Local Electrode Atom Probe (LEAP) 3000X HR in laser mode was used for

atom probe tomography (APT) measurements. The measurements were carried out at

60 K with a puls rate of 200 kHz and a laser energy of 200 nJ. For sample preparation

rods were cut from the bulk material with side lengths of about 0.3 mm. Thereafter, these

rods were electro polished for obtaining a sharp tip with a radius of approx. 50 nm [82].

The software package IVAS version 3.6.8 was used for reconstruction of the data.

3.3 Hardness measurements

A QNess Q10 A+ testing machine was used for hardness measurements at room tem-

perature (RT) according to the standard for Vickers hardness tests of metallic materials

EN ISO 6507-1 [83]. The hardness values presented in this work are the mean values of

five single measurements. The applied load during testing was 10 kg (HV10).

3.4 X-ray diffraction analyses

X-ray diffraction measurements at RT were carried out on a D8 Discover diffractome-

ter from Brucker AXS. For a precise determination of the crystallographic properties of

austenite and martensite, Cr-Kα radiation with a relatively high wavelength of 2.29 Å was

used. The data obtained from measurements was evaluated with software package Topas 4-2.
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For analyzing the austenite phase fraction the Rietveld method [84] was used. The lattice

parameters and the lattice distortions of austenite and martensite were determined by

Whole Powder Decomposition analysis [85–87]. The absolute measuring inaccuracy for

austenite phase fraction measurements was approx. 1 % for 1 - 10 % and 3 % for up to

30 % austenite phase fraction. The detection limit was about 1 %. The inaccuracy for

martensite lattice parameter determination was 0.0005 Å and the inaccuracy for austenite

lattice parameter determination was 0.001 Å.

Additionally, austenite phase fraction measurements at defined stress levels during tensile

testing were performed on a Xstress 3000 G2 diffractometer from Stresstech with Cr

radiation. The phase fraction of austenite was evaluated by comparing the areas within

the 200- and 220-γ peaks with the areas within 200- and 211-α peaks.

The XRD measurements were conducted in the middle of the tensile test specimens, i.e.

the region at which the specimens fractured. To exclude a preceding transformation of

austenite due to residual stresses on the sample surface, the region for XRD analyses on

the tensile test specimens was ground and electrolytically eroded.

3.5 Dilatometry and differential scanning calorimetry analyses

Dilatometer investigations were carried out on a DIL 805A dilatometer from TA Instru-

ments (formerly BAEHR).

In Table 3.3 the tempering treatments of CT and non-CT samples, which were performed

in the dilatometer, are summarized. The dilatometer samples were tubular and had a

length of 10 mm, a diameter of 4 m and a wall thickness of about 1 mm. Cooling to

−100◦C was performed with a freezing unit from TA Instruments, which was attached

to the dilatometer. This freezing unit refrigerates helium with liquid nitrogen and sub-

sequently conducts the helium through the hollow samples. Martensitic transformations

during the dilatometer experiments were also analyzed. Thereto, the Ms-temperatures

were evaluated by determining the first deviation from the linear behavior of the relative

length change curves upon cooling. The measuring accuracy of the Ms-temperatures was

in the range of ±10◦C.
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Heat Hold Cool Heat Hold Cool

100◦C/min 482◦C/1 h 100◦C/min to -100◦C - -

100◦C/min 482◦C/5 h 100◦C/min to -100◦C - -

20◦C/min 482◦C/1 h 20◦C/min to 20◦C 20◦C/min 482◦C/4 h 20◦C/min

to -100◦C

100◦C/min 540◦C/1 h 100◦C/min to -100◦C - -

100◦C/min 540◦C/5 h 100◦C/min to -100◦C - -

100◦C/min 600◦C/1 h 100◦C/min to -100◦C - -

100◦C/min 600◦C/5 h 100◦C/min to -100◦C - -

Table 3.3: Tempering treatments of CT and non-CT samples, which were performed in the dilatometer.

Furthermore, dilatometer experiments in combination with differential scanning calorime-

try (DSC) measurements were conducted.

The DSC measurements were performed on a STA 449 C Jupiter from Netzsch. For an

accurate determination of the tempering processes in the DSC, the heat capacity changes

during heating were evaluated. Hence, additional measurements were carried out without

samples for the baseline correction and with sapphire samples for determining the heat

capacity.

CT and non-CT specimens were heated in the dilatometer and in the DSC to 620◦C (1st

run) and cooled to room temperature and again heated with the same parameters (2nd

run) to 900◦C. Additionally, CT and non-CT samples were heated to 900◦C in a single

step. The heating and cooling rates were 20◦C/ min. The temperature profiles of the

performed heat treatments in the DSC and in the dilatometer are shown in Fig. 3.1.

For a precise evaluation of the processes during heating, the signals obtained from the

2nd run were subtracted from the signals obtained from the 1st run. As a result, the net

signals of irreversible processes, i.e. the tempering processes, can be evaluated [88].

The samples for these dilatometer analyses had a diameter of 4 mm and a length of

10 mm and the samples for DSC measurements had the same diameter but a thickness of

approximately 1 mm.
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Figure 3.1: Temperature profile of the performed heat treatments in the DSC and dilatometer.

Additionally, larger samples with a length of 15 mm and a diameter of 10 mm were

tempered in the dilatometer but further analyzed by austenite phase fraction and hardness

measurements. These CT and non-CT samples were heated to various temperatures up

to 620◦C and subsequently (without holding) cooled to room temperature. The heating

rate was 20◦C/ min and the cooling rate was 100◦C/ min.

3.6 Tensile tests

Uniaxial tensile tests were carried out by using a Z250 universal testing machine from

Zwick. The tests were performed according to the standard EN ISO 6892-1 [89] for

tensile tests at room temperature. The elongation was analyzed with a contact-type

extensometer and for measuring the applied force a 250 KN load cell was employed. The

specimens had a gage length l0 of 40 mm, a length of the reduced section lC of 48 mm

and an initial diameter S0 of 8 or 6 mm. The used sample geometry is shown in Fig. 3.2.

3.7 Fracture toughness measurements

Fracture toughness tests were performed according to the standard ASTM E399-09 [90]

by three point bending tests. For the measurements single edge-notched bend (SENB)

specimens with side grooves for enhancing the constraint were used. Due to the limited

availability of the investigated material, the sample size was restricted. The thickness B

was 10 mm, the minimum thickness Bn was 8 mm and the width W was 20 mm. The
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Figure 3.2: Used sample geometry for tensile tests.

used sample geometry without side grooves is depicted in Fig. 3.3. The specimens were

taken from a L-C orientation. Fatigue precracking was performed on a RUMUL resonance

testing machine from Russenberger Pruefmaschinen with a minimum to maximum stress

ratio of 10 in compression and 0.1 in tension. The maximum stress intensity factors during

precracking were 50 MPa
√

m in compression and 21 MPa
√

m in tension. The number of

cycles was in the range between 105 to 106. The fracture toughness tests were conducted

on a Zwick Z250 universal testing machine.

Figure 3.3: Dimensions of the used SENB samples for fracture toughness measurements.

Due to the restricted sample size, valid KIC values according to the standard ASTM E399-

09 [90] were only obtained for non-CT samples tempered at 482◦C for 5 h. As a result,

KQ and Kmax (K values at force maximum) values were used for comparison of the heat

treatment conditions.

Additionally, the crack tip opening displacement at crack initiation (CODi) and at a crack

extension Δa of 160 μm (CODΔa=160 μm) were analyzed as criterion for toughness proper-

ties for different heat treatment conditions. The COD values were determined according
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to Kolednik and Stampfl [91, 92] by stereophotogrammetric analyses on fractured SENB

specimens. To determine the height profiles of both sides of the fracture surfaces, SEM

images from the fracture surfaces photographed with tilt angels of 0◦, 5◦ and 10◦ were

made. The software Mex 5.1 from Alicona was used for determining these height profiles.

Line profiles were created at exactly the same positions on both fracture surfaces with

a minimum distance to the sample edge of 2.5 mm. These profile pairs were adjusted

in the way that they touch in the point of the first void coalescence after the blunting

zone for the CODi value and at distinct points during crack extension for evaluating the

CODΔa=160 μm value, which is the COD value after 160 μm crack extension. After the

adjustment of the profiles, the distance between the fatigue crack surfaces was taken as

COD value. For every heat treatment condition three positions were analyzed and for

each position three different line profile pairs were drawn and the values were averaged.

The fracture toughness KCOD was calculated from the COD values according to Koled-

nik [93] by using the Eq. 6 and 7:

KCOD =
√

2 ∗ σf ∗ E ∗ COD (6)

σf =
en

(1 + n) ∗ nn
∗ Rm (7)

where σf is the flow stress, n the work hardening exponent, Rm the tensile strength and

E is the Young’s modulus. The work hardening exponent was estimated according to

Fig. 3.4. The evaluated values of n were 0.143 for the sample tempered 482◦C for 5 h,

0.129 for the CT sample tempered at 482◦C for 5 h, 0.133 for the sample tempered at

482◦C for 1+4 h and 0.096 for the CT sample tempered at 482◦C for 1+4 h.
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Figure 3.4: Estimation of the work hardening exponent according to ESIS P2-92 [94]. The tensile strength
is σu and the yield strength is σy. The region of the ratio of the the yield strength and tensile strength as
well as the value of ε* for the investigated heat treatment conditions is marked. The values of the work
hardening exponent were between 0.096 and 0.143.

3.8 Thermo-Calc, DICTRA and MatCalc calculations

Equilibrium calculations were preformed by using the Thermo-Calc version 3.0.1 in com-

bination with the thermodynamic database TCFE7 [95].

Kinetic calculations were carried out with the software package DICTRA version 24. For

these calculations the mobility database MOB2 [96] and the thermodynamic database

TCFE3 [97] were used. The setup for DICTRA calculations comprised a planar system

geometry with two phase regions. For the region of martensite a BCC phase and for the

region of austenite a FCC phase was created. The austenitic region for the calculations

at 482◦C had a width of 4 nm and the martensitic region had a width of 32 nm. For

the simulations at 600◦C, the regions had a width of 10 nm and 320 nm, respectively.

The grid points in austenite and martensite were geometrically distributed with a higher

density near the interface. Both phases exhibited a linear initial element distribution.

Diffusional calculations were carried out with MatCalc version 5.61 [98] by using the

thermodynamic database for iron alloys mc_fe_V2.040 [99] and the diffusion database

mc_fe_V2.006 [100].
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4 Results and discussion

4.1 Characterization of microstructure and fundamental prop-

erties

High Co-Ni steels exhibit a complex microstructure consisting of a martensitic matrix,

carbides and retained and reverted austenite [25, 35]. Since the microstructure is strongly

influenced by cryogenic and tempering treatments, it was analyzed for the present steel

grade regarding:

• the phase arrangement and the size of austenite films and carbides after austenitizing

and after tempering,

• the influence of tempering and cryogenic treatment on the austenite phase fraction

and

• the influence of tempering on the element distribution in martensite and austenite.

Thereto, SEM, TEM, APT investigations as well as austenite phase fraction and hardness

measurements were carried out. Furthermore, the results were correlated with thermody-

namic and kinetic calculations.

Some contents of this section are also subject of the Publication V [101].

4.1.1 Austenite phase fraction and hardness evolution upon tempering

Austenite phase fraction measurements at room temperature were conducted on austeni-

tized (= non-CT) and cryogenically treated (CT) samples as well as on CT and on non-CT

samples tempered at 482◦C, 540◦C or 600◦C between 10 min and 50 h. The results are

presented in Fig. 4.1. The austenite phase fraction after austenitizing and quenching to

room temperature is approx. 6.5 %. Due to performing a cryogenic treatment at −73◦C

for 1 h, the austenite content is reduced by about 3 % to 3.5 %.

Tempering of high Co-Ni steels leads in general to a raise of austenite content due to the

formation of reverted austenite [25]. This is also observed for the investigated material.

Tempering of CT samples at 482◦C for 50 h causes a raise of austenite phase fraction to

approx. 10.5 %. Nevertheless, the formation of reverted austenite is more pronounced at

elevated temperatures, since tempering of CT and non-CT specimens at 540◦C or 600◦C
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for 10 h leads to an increase of austenite phase fractions to about 15 % and 30 %, respec-

tively.

The results in Fig. 4.1 indicate that the austenite phase fraction increases gradually due

to tempering of CT samples at 482◦C and 540◦C as well as for CT and non-CT at 600◦C.

Conversely, tempering of non-CT samples at 482◦C or 540◦C causes a reduction of austen-

ite phase fraction within the first hour of tempering and the followed cooling to room

temperature (RT). Due to tempering of non-CT specimens at 482◦C for 1 h a minimum

austenite phase fraction of approx. 2 % is reached. Tempering at 540◦C leads to a mini-

mum austenite phase fraction of approx. 3 wt.% after a holding time of 10 min. However,

the austenite phase fraction of non-CT samples tempered at 482◦C and 540◦C increases

again gradually when tempering is continued. Nevertheless, it is expected that also for

tempering of non-CT samples at 600◦C a reduction of austenite phase fraction occurs

within the first minutes of tempering and the followed cooling to RT. Since for this con-

dition the formation of austenite is more intense, a reduction of austenite content within

the first minutes might not be detectable by this testing setup.
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Figure 4.1: Results of austenite phase fraction measurements of austenitized and cryogenically treated
samples as well as of CT and non-CT samples tempered at 482◦C, 540◦C or 600◦C for times between
10 min and 50 h. The measurements were conducted after the heat treatment at room temperature.

The results in Fig. 4.1 demonstrate that the reduction of austenite phase fraction during

tempering of non-CT samples at 482◦C for 1 h leads to austenite contents, which are

comparable to them of the CT conditions before tempering. Thus, for analyzing the

evolution of austenite phase fraction more precisely a two step tempering treatment is

performed, which comprises a tempering step at 482◦C for 1 h, subsequent cooling to room

temperature and another tempering step at 482◦C for 4 h (482◦C 1+4 h). The results

31



M. Gruber Results and discussion

are listed in Table 4.1. Again, for the non-CT conditions the austenite phase fraction is

decreased after the first tempering step of 1 h. However, by continuing the tempering

process at 482◦C for 4 h, the austenite phase fraction increases for both, CT and non-CT

conditions. Therefore, it is suggested that the reverted austenite formation occurs for both

conditions in the same manner. Accordingly, also the reverted austenite phase fraction

formed during tempering for 4 h at 482◦C are comparable for CT and non-CT conditions.

Furthermore, the overall austenite contents in the samples tempered for 1+4 h are in the

same range than the contents in the samples tempered for 5 h. Based on these findings it is

suggested that a two-step tempering treatment has no influence on the overall austenite

content but probably on the transformation properties of austenite during tempering.

Hence, this tempering treatment will be further analyzed in Section 4.2.2.

Before tempering 482◦C/ 1 h 482◦C/ 1+4 h

CT 3.5 3.5 4.0

non-CT 6.5 2.0 4.0
Table 4.1: Austenite phase fraction (%) measurements of CT and non-CT samples before and after
tempering at 482◦C for 1 h and for 1+4 h and cooling down to room temperature.

The results from hardness measurements are shown in Fig. 4.2. The hardness of the

austenitized and subsequently cooled sample was determined with 530 HV and is slightly

lower than the hardness of the cryogenically treated sample. Tempering of CT and non-CT

specimens at 482◦C for 5 h causes an increase of hardness to approx. 580 HV. For CT

samples the peak hardness is reached after approx. 1.5 h, whereas for the non-CT samples

the peak hardness is reached after approx. 3 h holding time at 482◦C. The hardness due

to tempering CT and non-CT samples at 482◦C for 1+4 h was determined with 590 and

591 HV, respectively. Hence, the hardness for the conditions tempered at 482◦C for 1+4 h

is in the same range than the hardness of the samples tempered at 482◦C for 5 h. However,

tempering at 540◦C and 600◦C leads to a strong reduction of hardness to about 450 HV

and 400 HV, respectively.
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Figure 4.2: Results of hardness measurements at RT for austenitized and cryogenically treated samples
as well as for CT and non-CT samples tempered at 482◦C, 540◦C or 600◦C for times between 10 min
and 50 h.

4.1.2 Microstructure of austenitized and cryogenically treated conditions

SEM analyses

The microstructure of austenitized and cryogenically treated samples was characterized

by SEM experiments. The results, which are depicted in Fig. 4.3, reveal that the steel

grade exhibits a fine martensitic microstructure. The prior austenite grain size is approx.

10 μm and the thickness of martensite laths is approx. 500 nm. However, no significant

microstructural differences are observable between the CT and the non-CT specimen.

Figure 4.3: SEM images of the CT (a) and of the non-CT (b) sample. A fine martensitic structure is
found for both conditions.
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TEM analyses

For a more detailed analysis of the microstructure and for characterizing the retained

austenite present in the CT and in the non-CT conditions, TEM investigations were per-

formed. The bright-field (BF) image of the microstructure of the CT sample is presented

in Fig. 4.4 (a). The accompanying dark-field (DF) image, which uses a 200-γ diffraction

peak for evaluating the retained austenite is illustrated in Fig. 4.4 (b). It was determined

that retained austenite is present in form of thin films along martensite lath boundaries.

The thickness of these films is in the range from 3 nm (detection limit) to about 40 nm.

As the austenite films might not always be perpendicular orientated to the sample surface,

an exact determination of the film thickness is difficult. The BF and the DF images of

the non-CT specimen are presented in Fig. 4.5. Again, no distinct differences, regarding

the phase arrangement of retained austenite and martensite and the thickness of the films

are found between the CT and the non-CT specimens.

Figure 4.4: (a) TEM BF image of the CT condition. (b) Related TEM DF image, which uses a 200-γ
diffraction peak for determining the thin retained austenite films present on martensite lath boundaries.
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Figure 4.5: (a) TEM BF image of the non-CT condition. (b) Related TEM DF image, which uses a 200-γ
diffraction peak for determining the thin retained austenite films present on martensite lath boundaries.

4.1.3 Microstructure of the conditions tempered at 482◦C

TEM analyses

The microstructure of specimens tempered at 482◦C was analyzed by TEM. As there were

again no microstructural differences observable between CT and non-CT conditions, only

the micrographs from CT samples are illustrated. The TEM BF image of the sample

tempered for 5 h is pictured in Fig. 4.6 (a) and the related DF image by using a 200-γ

diffraction peak is shown in Fig. 4.6 (b). It was found that in this condition the mi-

crostructure consists of martensite, austenite, which is mainly present at martensite lath

boundaries, and small carbides (about 6 nm) within the martensite laths. An increase of

the thickness or number of austenite films compared to the cryogenically treated speci-

men without tempering is not observed. It is suggested that this is caused by the less

pronounced formation reverted austenite due to tempering at 482◦C for 5 h. As both,

reverted and retained austenite, are probably present within the samples tempered at

482◦C for 5 h, the FCC phase found by TEM is termed as austenite and no differentiation

between retained and reverted is conducted.
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Figure 4.6: (a) TEM BF image of the CT sample tempered at 482◦C for 5 h. It shows thin austenite
films on martensite lath boundaries. (b) Related TEM DF image, which uses a 200-γ diffraction peak
for illustrating the austenite.

TEM analyses were also carried out on the CT sample tempered at 482◦C for 50 h. The

results are presented by the BF images in Fig. 4.7 (a) and Fig. 4.8 (a) as well as by

the DF images in Fig. 4.7 (b) and Fig. 4.8 (b). For both analyses, it is identified that

the austenite films, present at martensite lath boundaries, have significantly grown in

thickness to about 20-80 nm.

Figure 4.7: (a) TEM BF image of the CT sample tempered at 482◦C for 50 h. (b) TEM DF image by
using a 311-γ diffraction peak for illustrating the austenitic regions. The position for the EDS line scan
is marked by the red line [101].
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Figure 4.8: (a) TEM BF image of the CT sample tempered at 482◦C for 50 h. (b) TEM DF image by
using a 111-γ diffraction peak for illustrating the austenitic regions. The position for the EDS line scan
is marked by the red line.

EDS line scans were created across the austenitic zones on the positions marked in Fig. 4.7

and Fig. 4.8 for analyzing the element distribution near the austenite - martensite inter-

face. The results are shown by the line profiles in Fig. 4.9 (a) and (b). Both profiles

exhibit regions with FCC crystal structures, which are enriched in Ni and depleted in

Co. These regions are ascribed to reverted austenite, as reverted austenite presents such

a composition this steel grades [15, 25]. In the middle of both analyzed positions, zones

with lower Ni and slightly higher Co intensities (similar to the martensite outside) occur.

These zones are termed in the following as “interaustenitic layers”. The interaustenitic

layer of the first position (Fig. 4.7) exhibits a FCC structure and is therefore austenitic.

Conversely, the interaustenitic layer on the other position (Fig. 4.8) is probably marten-

sitic, as the ongoing investigations in Section 4.2.2 will demonstrate. For characterizing

the structure of this interaustenitic layer, a more detailed diffraction analyses would be

necessary, which was not subject of this work.

Nevertheless, these TEM investigations demonstrate that within the reverted austenite

an interaustenitic layer is located, which is either austenitic or probably martensitic and

exhibits a concentration of Ni and Co similar to martensite.
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Figure 4.9: EDS line profiles across reverted austenite films with interaustenitic layers. The vertical
dashed lines mark roughly the zones of the reverted austenite films with the enclosed interaustenitic
layers. Outside these zones, martensite and carbides (high Cr intensities) are present. (a) Austenite film
with an interaustenitic layer with a FCC structure as marked in Fig. 4.7 [101]. (b) Austenite film with
an interaustenitic layer, which is marked in Fig. 4.8. This layer is probably martensitic as indicated in
Section 4.2.2.

Additionally, the structure and size of carbides was analyzed. The TEM image in Fig. 4.10

shows carbides, which are located within martensite laths. These carbides are suggested to

be rod-shaped as also indicated in literature [25] and have a mean length of approx. 30 nm

and a mean width of approx. 10 nm. The diffraction image of the carbides suggests that

they might have a M2C structure.

Figure 4.10: TEM BF image of the carbides in the CT sample tempered at 482◦C for 50 h. The small
insert shows the diffraction image. The reflections of the carbides are indicated by the circles.
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APT analyses

The microstructural evolution and element redistribution during tempering was also stud-

ied by APT measurements for CT samples tempered at 482◦C for 1 h , 5 h, and 50 h.

The three-dimensional reconstruction of the Ni atoms (green) of the sample tempered for

1 h is depicted in Fig. 4.11. Since it was determined by TEM and EDS measurements that

reverted austenite exhibits high nickel contents, isoconcentration surfaces with 20 at.%

Ni (green) were created for illustrating the austenite present in the sample. Due to

an inhomogeneous nickel concentration in this sample, only the larger isosurfaces are

expected to be austenitic areas. Furthermore, the sites enriched in carbon, chromium and

molybdenum are attributed to carbides. For representing these carbides, isoconcentration

surfaces (violet) were created at which the summed concentration of carbon and chromium

atoms exceeds 11 at.%. The carbides found in this condition are finely distributed and

have a mean size of about 3 nm.

Fig. 4.11 (b) shows a magnified image of the austenite film marked in Fig. 4.11 (a). It

demonstrates that the reverted austenite consists of many small Ni-enriched particles

(regardless of appropriate values for the isoconcentration surface). Additionally, carbides

are present in the region of reverted austenite.

A one-dimensional concentration profile was created through this austenite film on a

position without carbides. The profile is plotted in Fig. 4.12 (a) and the volume used

for the profile is indicated in Fig. 4.12 (b) by the cylinder. The concentration profile

exhibits zones of nickel enrichment, which are ascribed to reverted austenite. On the

position of reverted austenite, also a slight decrease of the cobalt and a slight increase of

the chromium concentration appears. In the middle between the reverted austenite films,

a region with a composition similar to martensite (= outside the reverted austenite films)

occurs. Thus, this region is again attributed to an interaustenitic layer.
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Figure 4.11: (a) Three-dimensional reconstruction of the Ni atoms (green) of the CT sample tempered
at 482◦C for 1 h. Carbides are represented by violet isoconcentration surfaces at which the summed
concentration of Cr and C atoms is 11 at.%. The austenite is illustrated by 20 at.% Ni isoconcentration
surfaces (green) and the austenite film for further analysis is marked by arrows. (b) Magnified image of
the investigated austenite film inside the red box in (a) [101].

Figure 4.12: (a) One-dimensional concentration profile across the reverted austenite film of the sample
tempered at 482◦C for 1 h. The volume for analyzing the chemical composition is indicated in (b) by the
cylinder. The zones with high nickel concentrations are ascribed to reverted austenite. An interaustenitic
layer is located within the reverted austenite films.

The results of APT measurements of the sample tempered for 5 h are pictured in Fig. 4.13 (a).

Again, Cr, Mo and C rich regions, illustrated by 11 at.% carbon-chromium isoconcentra-

tion surfaces (violet), are attributed to carbides. Reverted austenite is represented by a

15 at.% Ni isoconcentration surface (green). The value for the Ni isoconcentration sur-

face was adjusted, due to different chemical compositions and element distributions in

the samples, from 20 at.% to 15 at.% for a better representation of the reverted austen-
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ite films.

The austenite film, which is marked in Fig. 4.13 (a) was used for further analyses. This

film exhibits a closed isoconcentration surface of 15 at.% Ni. In Fig. 4.13 (b) a 12 nm

thick vertical segment of the atom probe data is shown, which intersects the investigated

austenite film. Thereby, it is identified that within this austenite film an interaustenitic

layer with a typical elemental concentration is present. The one-dimensional concentration

profile trough this austenite film is depicted in Fig. 4.14. It shows reverted austenite, indi-

cated by the nickel enrichment and the cobalt depletion. Furthermore, also the chromium

and carbon concentrations are higher in reverted austenite than in martensite, as also

indicated in Table 4.2. In contrast, the interaustenitic layer exhibits similar Ni and Co

contents than the martensite but also sightly higher chromium, molybdenum and carbon

concentrations.

It was found that in this condition the reverted austenite films have a thickness of 1-3 nm

and the carbides have a mean size of 4-5 nm.

Figure 4.13: (a) Three-dimensional reconstruction of the Ni atoms (green) of the sample tempered at
482◦C for 5 h. Carbides are represented by violet isoconcentration surfaces at which the summed con-
centration of Cr and C atoms is 11 at.%. Austenite is illustrated by 15 at.% Ni isoconcentration surfaces
(green). The austenite film for further analysis is marked by arrows. The small insert shows the top view
of the atom probe data and indicates the direction of view for (b). (b) A magnified, 12 nm thick, vertical
segment of the entire atom probe data in (a). This vertical segment intersects the investigated austenite
film [101].
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Figure 4.14: (a) One-dimensional concentration profile across the reverted austenite film of the sample
tempered at 482◦C for 5 h. The reverted austenite film encloses an interaustenitic layer. The volume for
analyzing the chemical concentration is indicated in (b) by the cylinder [101].

C Ni Co Cr Mo Fe

at.% at.% at.% at.% at.% at.%

Martensite 0.72 9.4 13.5 2.2 0.9 73.6

Reverted austenite 1.52 21.0 10.2 3.6 0.9 62.6

Carbides 11.85 7.3 5.7 23.0 3.1 48.9
Table 4.2: Analysis of the composition of martensite, reverted austenite and carbides in the sample tem-
pered at 482◦C for 5 h. For determining the compositions 15 at.% Ni and 11 at.% Cr+C isoconcentration
surfaces were created.

Also, the microstructure after tempering at 482◦C for 50 h was studied by APT. The

three-dimensional reconstruction of the nickel atoms (green) is presented in Fig. 4.15.

The specimen shows reverted austenite (20 at.% Ni isoconcentration surface, green) and

carbides (11 at.% Cr+C isoconcentration surface, violet). The reverted austenite film

extends from the bottom to the top of the specimen. The zones, where carbides are

located and no nickel enrichment occurs, are attributed to martensite. Nevertheless,

carbides are also identified in reverted austenite. Furthermore, an interaustenitic layer

with a typical composition is found in the carbide-free region within the reverted austenite

film. The elemental concentrations of the phases present in this condition are listed in

Table 4.3.

The one-dimensional concentration profile trough the region of reverted austenite and

the interaustenitic layer is depicted in Fig. 4.16. In this condition the reverted austenite

films have a thickness of approx. 3-10 nm and are clearly enriched in Ni, Cr and Mo but
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depleted in Co. As obvious by the chemical analyses, carbon is preferentially bound in

carbides. Thus, no significant enrichment of the carbon is identified in reverted austenite

compared to martensite. The interaustenitic layer within the reverted austenite exhibits

a composition, which is rather comparable to the overall composition of the material than

to the composition of martensite or reverted austenite, as shown in Table 4.3.

Figure 4.15: Three-dimensional reconstruction of the Ni atoms (green) of the sample tempered at 482◦C
for 50 h. Carbides are represented by violet isoconcentration surfaces at which the summed concentration
of Cr and C atoms is 11 at.%. Reverted austenite is illustrated by a 20 at.% Ni isoconcentration surface
(green). An interaustenitic layer is located within the reverted austenite film [101].

Figure 4.16: (a) One-dimensional concentration profile across the reverted austenite film with an in-
teraustenitic layer of the sample tempered at 482◦C for 50 h. The volume for analyzing the chemical
concentration is indicated in (b) by the cylinder [101].
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C Ni Co Cr Mo Fe

at.% at.% at.% at.% at.% at.%

Overall composition 1.03 10.5 12.9 3.1 0.7 71.8

Martensite 0.36 8.8 13.6 1.9 0.2 75.2

Reverted austenite 0.52 29.7 7.3 5.9 1.0 55.6

Interaustenitic layer 0.35 10.7 13.0 3.4 0.8 71.7

Carbides 13.17 6.4 6.0 24.3 9.4 40.6
Table 4.3: Analyses of the composition of martensite, reverted austenite, the interaustenitic layer and
carbides in the sample tempered at 482◦C for 50 h. For determining the compositions, 20 at.% Ni and
11 at.% Cr+C isoconcentration surfaces were created. The overall composition of the steel was determined
with XRF [101].

The element distribution in austenite, martensite and the interaustenitic layer due to

tempering at 482◦C for 50 h was also evaluated by proximity histograms [102]. Thereto,

a 20 at.% Ni isoconcentration surface was used and and the data set of carbides (iso-

concentration surface of 11 at.% Cr+C) was cut out of the volume before analyzing. In

Fig. 4.17 (a) the volume for studying the element distribution near the reverted austenite-

martensite interface and in Fig. 4.17 (b) the volume for analyzing the element distribution

near the reverted austenite-interaustenitic layer interface is depicted. The proximity his-

togram for analyzing the region near the reverted austenite-martensite interface is shown

in Fig. 4.18 (a) and the histogram for analyzing the region near the reverted austenite-

interaustenitic layer interface is plotted in Fig. 4.18 (b).

These proximity histograms show that Ni is enriched in reverted austenite to a maxi-

mum value of 38-41 at.%, Cr is enriched to a maximum value of 6 at.% and cobalt is

depleted to a minimum value of 5 at.%. In martensite, near the reverted austenite, a

depletion of nickel and chromium and an enrichment of cobalt occurs. The region of

nickel depletion has a width of 22 nm. The nickel content is about 8 at.% in martensite

adjacent to the reverted austenite but increases gradually to 11 at.% (22 mn away from

the reverted austenite), which is the overall nickel content of the material. The cobalt

content in martensite near the reverted austenite is approx. 16 at.%. The region of cobalt

accumulation is significantly smaller than the zone of nickel depletion and has a width of

approx. 6 nm.

Conversely, in the interaustenitic layer, no distinct element enrichment or depletion zones

can be observed. The composition of the interaustenitic layer is comparable to the overall

composition of the material, except for the carbon concentration.
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Figure 4.17: Three-dimensional reconstruction of Ni atoms of a sample tempered at 482◦C for 50 h. The
20 at.% Ni isoconcentration surface (green) indicates the position of reverted austenite. The volume,
which was used for analyzing the element distribution by proximity histograms near the martensite -
reverted austenite interface (a) and near the interaustenitic layer - reverted austenite interface (b) is
indicated by the red boxes [101].

Figure 4.18: (a) Distribution of elements near the reverted austenite - martensite interface. (b) Dis-
tribution of elements near the reverted austenite - interaustenitic layer interface. The distribution was
calculated by proximity histograms by averaging the elemental concentrations for equal distances x from
the 20 at.% Ni isoconcentration surface. The volumes for the evaluation and the isoconcentration surfaces
are indicated in Fig. 4.17 [101].
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4.1.4 Microstructure of the conditions tempered at 600◦C

The austenite phase fraction measurements in Section 4.1.1 reveal that due to tempering

at 600◦C for 5 h a massive formation of reverted austenite occurs. For analyzing the

conditions present after this tempering treatment, TEM analyses of the microstructure

were conducted. The results of the cryogenic treated (CT) sample tempered at 600◦C

for 5 h are shown in Fig. 4.19. The austenite films on the lath boundaries, which may

consist of reverted and retained austenite have a thickness in the range between 60 nm

and 140 nm. EDS measurements were conducted on austenitic and martensitic regions.

The results are shown in Table 4.4. Also for this tempering condition an enhancement

of Ni and a depletion of Co in austenite was found, whereas in martensite a reduction of

nickel content is present. The carbides found in this samples have a mean length of about

30 nm and a mean width of 10 nm.

Figure 4.19: (a) TEM BF image of a CT sample, which was tempered at 600◦C for 5 h. The austenite
on the lath boundaries has remarkably grown in thickness compared to the CT condition. (b) Related
TEM DF image, which uses a 200-γ diffraction peak for illustrating the austenite films.
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Ni Co

Austenite [wt.%] 18.2 9.8

Austenite [at.%] 17.6 9.4

Martensite + carbides [wt.%] 6.2 11.1

Martensite + carbides [at.%] 6.0 10.6

Sample, averaged [wt.%] 13.6 10.4

Sample, averaged [at.%] 13.2 10.0
Table 4.4: EDS analyses of austenite (A) and martensite plus carbides (M) of the sample tempered at
600◦C for 5 h. The positions for analyzing the compositions the are roughly indicated in Fig. 4.19 by the
orange circles.

4.1.5 Calculation of element redistribution in austenite and martensite due

to tempering

The element redistribution behavior during tempering was also studied by kinetic and

thermodynamic calculations. Equilibrium calculations were conducted with Thermo-Calc

at 482◦C and 600◦C. Since this steel grade is almost completely austenitic at 885◦C,

the starting composition used for calculating was the overall composition of the steel

(Table 3.1). The results are presented in Table 4.5 and 4.6. It was found that ap-

prox. 18 mol.% of austenite are stable at 482◦C. This austenite is enriched in nickel and

depleted in cobalt, whereas the BCC phase (martensite) shows high cobalt and low nickel

contents. Also, about 4.6 vol.% carbides are present in equilibrium at 482◦C. At 600◦C

the phase fraction of stable austenite has increased to approx. 29 vol.%. However, this

austenite is less enriched in Ni and depleted in Co than the austenite in equilibrium at

482◦C.

Additionally, DICTRA calculations were carried out to simulate the chemical evolution

and the spatial distribution of austenite and martensite during tempering at 482◦C and

600◦C. The microstructure before tempering would predominately consist of martensite

and retained austenite. Thus, a BCC phase was created for martensite and a FCC phase

was used for retained austenite. Since carbides are not considered in the calculations, the

starting composition for the FCC and BCC phase was obtained from the APT sample

tempered at 482◦C for 50 h without taking carbides into account. This composition is

listed in Table 4.7.
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BCC FCC M23C6 M6C

Phase fraction mol.% 76.9 18.1 4.8 0.3

Composition at.%

C 1*10−6 1*10−5 5.1 2.4

Ni 4.3 41.3 1.9 0.02

Co 16.6 3.6 0.2 2.4

Cr 0.7 1.1 52.3 1.4

Mo 0.06 0.4 20.1 70.7

Fe Bal. Bal. Bal. Bal.
Table 4.5: Equilibrium calculations with Thermo-Calc (TCFE7) at 482◦C by using the actual composition
of the steel. Approx. 18 mol.% austenite are stable at 482◦C. The austenite is enriched in nickel and
depleted in cobalt, whereas the BCC phase shows high Co and low Ni contents.

BCC FCC M23C6 M6C

Phase fraction mol.% 66.2 28.8 4.9 0.04

Composition at.%

C 9*10−5 5*10−3 5.0 2.5

Ni 4.6 26.8 2.8 0.04

Co 17.1 7.2 0.7 5.6

Cr 0.8 1.6 43.2 2.2

Mo 0.2 0.8 19.5 64.8

Fe Bal. Bal. Bal. Bal.
Table 4.6: Equilibrium calculations with Thermo-Calc (TCFE7) at 600◦C by using the actual composition
of the steel. The phase fraction of stable austenite has increased to approx. 29 mol.% austenite at 600◦C.
The austenite is less enriched in nickel and depleted in cobalt than the austenite calculated at 482◦C.

In Fig. 4.20 the results of the calculations at 482◦C are presented. Before calculating

the tempering step, the distribution of C, Ni and Co atoms in retained austenite and

martensite is homogenous. By simulating a heat treatment at 482◦C for 5 h or 50 h,

the phase boundary between retained austenite and martensite moves in the direction

of martensite. As a result, a new FCC phase is formed. This FCC phase is denoted as

reverted austenite as it evolves during tempering. The reverted austenite has a thickness

of about 0.7 nm due to holding for 5 h and about 2 nm for 50 h. Furthermore, it is

enriched for both tempering conditions in Ni (43 at.%) and C and depleted in Co (4 at.%).

Additionally, a zone of Ni depletion and of Co accumulation evolves in martensite adjacent

to the reverted austenite. The zone of nickel depletion has a width of 11 nm due to
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Ni Co C Fe

wt.% wt.% wt.% wt.%

11.5 13.5 0.1 Bal.
Table 4.7: Ni, Co and C concentrations in the APT specimen tempered at 482◦C for 50 h without
considering carbides.

tempering for 5 h and increases to a width of more than 30 nm after 50 h. For both

conditions, the nickel content in martensite near to the reverted austenite film is about

4 at.% but increases with increasing distance from the reverted austenite film continuously

to 11 at.%, i.e. the nickel concentration of the FCC and BCC phase before calculating.

The zone of cobalt accumulation in martensite is significantly smaller and exhibits a width

of about 7 nm after 50 h of tempering. Conversely, in retained austenite only small (<1.5

nm) depletion or accumulation zones of Ni and Co occur. However, the zones in retained

austenite, which are enriched in nickel, might be also attributed to reverted austenite due

to compositional similarities. Nevertheless, carbon is also enriched in retained austenite.

Figure 4.20: DICTRA calculations of the phase evolution and elemental redistribution processes during
tempering near the martensite-retained austenite interface. (a) Tempering for 5 h at 482◦C. (b) Tempering
for 50 h at 482◦C.

Fig. 4.21 presents the results from the DICTRA calculations for tempering at 600◦C. It

shows a more pronounced formation of reverted austenite in contrast to the simulation

at 482◦C. After 5 h at 600◦C the formed austenite has a thickness of approx. 35 nm and

is again enriched in Ni and depleted in Co. Also by DICTRA simulations at 600◦C it is

observed that the enrichment of Ni and depletion of Co in reverted austenite is less than

after tempering at 482◦C.
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Figure 4.21: DICTRA calculation of the phase evolution and elemental redistribution processes near the
martensite-retained austenite interface during tempering for 5 h at 600◦C.
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4.1.6 Discussion of the results from the microstructural characterization

After quenching from austenitizing treatment, the investigated steel grade exhibits a fine

martensitic microstructure with approx. 6.5 % retained austenite. Due to cryogenic treat-

ment (CT) the retained austenite phase fraction is reduced to 3.5 %. As a result of

tempering at 482◦C, 540◦C or 600◦C reverted austenite is formed. The austenite phase

fraction increases continuously with increasing tempering time for CT samples. However,

for non-CT samples tempered at 482◦C and 540◦C a reduction of austenite phase fraction

occurs within the first hour of tempering. As austenite phase fraction measurements do

not give any information about the type and temperature region of austenite transforma-

tion, dilatometry measurements were carried out, as shown hereinafter in Section 4.2.2.

It was found by TEM analyses that retained austenite is present on martensite lath

boundaries in form of thin films with a thickness of approx. 3 nm to 40 nm. As a result

of tempering, reverted austenite films are predominately precipitated along martensite

lath boundaries and secondary hardening carbides are formed mainly within martensite

laths. The austenitic films found in CT samples after tempering at 482◦C for 50 h or after

tempering at 600◦C for 5 h have significantly grown in size to a thickness in the range of

20 nm-140 nm.

It was detected by APT and TEM investigations that a phase, termed as interaustenitic

layer, is also present along martensite lath boundaries in the tempered samples at 482◦C.

This phase is enclosed by reverted austenite films and exhibits a concentration of substi-

tutional elements, which is comparable to the overall composition of the steel (Table 4.3).

Such a composition might also be found in an as-quenched martensite. It is assumed

that also the retained austenite present after tempering at 482◦C exhibits a similar com-

position except for its C content due to the less pronounced diffusion of substitutional

elements at relatively low temperatures in austenite [36]. Since it was determined by TEM

investigations that the interaustenitic layer and the retained austenite are both present

on lath boundaries and may exhibit a similar composition, it is suggested that the inter-

austenitic layer is basically retained austenite. Starting from that, reverted austenite is

supposed to grow by nucleating at retained austenite layers and thus, producing the phase

arrangement of martensite, reverted and retained austenite observed by APT and TEM

measurements. Also, the results from DICTRA investigations lead to the suggestion that

reverted austenite is formed by nucleating at the martensite-retained austenite interface.

Dmitrieva and Raabe et al. [29, 30] also found reverted austenite, which is formed on

retained austenite. However, these authors investigated a maraging steel, which contains
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Mn for austenite formation and low contents of other elements. Conversely, the present

steel grade shows high Ni concentration for reverted austenite formation, high contents

of Co as well as significant amounts of C and Cr, which may also contribute the phase

evolution during tempering. This is also indicated by the APT and TEM analyses of the

chemical evolution of martensite, reverted and retained austenite due to tempering. It

was revealed that regardless of the tempering time at 482◦C, the reverted austenite is

enriched nearly to the same amounts of Ni and Cr and depleted to similar contents of

Co. Also DICTRA calculations at 482◦C confirmed that reverted austenite is enriched in

Ni and Cr and depleted in Co and its elemental concentration does not change with tem-

pering time. A comparable composition is also present in equilibrium austenite at 482◦C

(Table 4.5). The same was found for the reverted austenite in DICTRA calculations at

600◦C. However, the austenite formed at higher temperatures is less enriched in Ni and

depleted in Co as also the equilibrium austenite shows less elemental variation compared

to the matrix. As described by Haidemenopoulos and Li et al. [18, 32] it is suggested that

at higher temperatures the Ni enrichment required for reverted austenite formation is less

due to a higher driving force for formation of the FCC phase at elevated temperatures.

These findings lead to the suggestion that reverted austenite is precipitated at 482◦C,

when it is sufficiently stable to form due to its chemical composition. As Ni is a power-

ful austenite stabilizer, it is expected that high nickel contents in austenite are required

for a sufficient stabilization of austenite at low temperatures, i.e. 482◦C. Also the other

elements in reverted austenite such as Cr, Mo and C, which are present in equilibrium

austenite at 482◦C, contribute to its stabilization. However, Co, which enhances the Ms, is

not enriched in reverted austenite. Since it is described by Ustinovshikov et al. [5, 6] that

Co and Fe form an intermetallic BCC FeCo phase, it is assumed that the accumulation

of Co in martensite is a result of interactions of Fe and Co atoms in BCC lattice.

Schnitzer et al. [20] proposed for Ni alloyed maraging steels that the formation of reverted

austenite is controlled by the diffusion of Ni, since the activation energy for austenite for-

mation and the activation energy for the diffusion of substitutional elements are in the

same range. This prediction is in good agreement with the results in this work, as the for-

mation of reverted austenite is coupled with element redistribution and thus, diffusional

processes must occur. Since the diffusion of substitutional elements in austenite at 482◦C

is to neglect compared to martensite, element diffusion for the formation of Ni-enriched

reverted austenite is expected to occur mainly in martensite. This is in accordance with

findings from DICTRA and APT investigations, as a zone of Ni and Cr depletion and a

zone of Co enhancement occurs in martensite adjacent to the reverted austenite. Conse-
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quently, the reverted austenite forms by detracting Ni from the surrounding martensite.

Also the retained austenite films identified by ATP investigations do not show any zones

of elemental redistribution, supporting the fact that diffusion of substitutional elements

in austenite at 482◦C is to neglect. Nevertheless, DICTRA calculations reveal that small

zones of Ni enrichment and Co depletion might also occur in retained austenite adjacent

to the phase boundary of reverted austenite. This indicates that the composition of the

retained austenite would move towards equilibrium composition of austenite (Table 4.5)

i.e. the composition of reverted austenite.

TEM investigations demonstrated that after tempering some retained austenite layers are

austenitic but other layers might be martensitic. As a consequence of that, it is sug-

gested that the retained austenite is austenitic during tempering and thus, no diffusion

takes place. However, during cooling after tempering some retained austenite films may

transform into martensite, resulting in a phase arrangement as shown in Fig. 4.8. This

behavior of austenite will be further treated in Section 4.2.2.

As carbon is one of the most effective austenite stabilizers, it might be expected that

carbon is also present in reverted and retained austenite for stabilizing. Since the evolution

of carbon concentration in austenite was not within the scope of the preceding works about

high Co-Ni steels [15, 25, 39, 40] it was analyzed in the present work by APT investigations.

It was revealed that carbon is preferentially bound in carbides and reverted austenite

has only slightly higher carbon contents than martensite. Conversely, the results of the

kinetic calculations with DICTRA indicate that carbon would accumulate in retained and

reverted austenite, if no formation of carbides takes place.

Furthermore, it was identified that secondary hardening carbides are located in martensite

as well as in the reverted austenite but not in the retained austenite. Thus, it is suggested

that during tempering, prior to the formation of reverted austenite, secondary hardening

carbides are formed in martensite. Accordingly, APT investigations show that carbides

are formed within 1 h at 482◦C near reverted austenite layers. Due to the subsequent

growth of reverted austenite, the interface between martensite and reverted austenite

moves across the carbides, but the carbides are not dissolved by this process. As a result,

secondary hardening carbides are also present in reverted austenite.

All in all the experimental results correlate extremely well with the findings from kinetic

calculations. It is to mention that the reverted austenite, which is identified in the APT

investigations by its Ni enrichment, and the Ni-enriched FCC zones (= reverted austenite)

observed by with DICTRA calculations exhibit both a thickness of 5-10 nm due to tem-
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pering at 482◦C for 50 h. As a result, it is suggested that the microstructural evolution

during tempering can be described well by using DICTRA calculations.
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4.2 Influence of cryogenic treatment on the microstructural evo-

lution during tempering

It was revealed in the previous section that cryogenic treatment (CT) causes a decrease

of the retained austenite phase fraction but not a complete elimination of this phase. In

literature [25], it is described that the reduction of retained austenite phase fraction in

Aermet R© 100 generates an enhancement of fracture toughness values. However, cryogenic

treatment may also affect other microstructural properties, which influence the toughness

properties. Thus, for the investigated steel grade the impact of cryogenic treatment on

the evolution of microstructure during tempering was precisely analyzed.

4.2.1 Phase evolution and carbide precipitation during heating

The effect of tempering processes upon heating of CT and non-CT samples were charac-

terized by dilatometer and DSC investigations. The combination of both methods allows

to separate the overlapping precipitation processes during tempering as well as the de-

termination of different tempering stages, since heat flow changes in combination with

the length changes give a characteristic feature of each tempering process [103]. Addi-

tionally, hardness measurements and austenite phase fraction measurements were carried

out. The results of dilatometer and DSC analyses are also partially treated in the Publi-

cation IV [104].

Tempering reactions during heating of steels have been studied in prior investigations

[64, 88, 103, 105–111]. An overview of the impact of tempering stages on length change

and heat flow is listed in the following:

• Stage I:

The precipitation of transition carbides such as ε and η carbides occurs between

temperatures of 100◦C and 200◦C. Transition carbide formation causes a reduction

of volume and a production of heat (exothermic) [103, 105, 106].

• Stage II:

The transition of retained austenite into ferrite and carbides (bainite) takes place in

the temperature range between 200◦C and 350◦C. This reaction produces a volume

increase and a large exothermic reaction [103, 105–108].
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• Stage III:

The transformation of transition carbides into cementite proceeds between tempera-

tures of 250◦C and 400◦C. Cementite precipitation is marked with a strong reduction

of volume and a weak exothermic reaction [103, 105, 106].

• Stage IV:

The precipitation of alloy carbides in steels with W, Mo, V additions starts at about

450◦C to 500◦C. Due to this secondary hardening carbide precipitation the hardness

values are increased. The reaction is accompanied with a production of heat and

an increase of volume [64, 88, 105, 109–111].

Characterization by dilatometry

The results from dilatometry analyses are pictured in Fig. 4.22. The relative length

change curves during heating of CT and non-CT conditions to 620◦C (1st run) are plot-

ted in Fig. 4.22 (a). These curves present significant differences, as CT conditions exhibit

a more pronounced deviation from linear expansion during heating in the range between

200◦C and 400◦C. In Fig. 4.22 (b) the relative length change curves during the 2nd run

are illustrated. During this rerun, no reaction between 200◦C and 400◦C is observable

for both, CT and non-CT conditions. However, austenite formation, which is indicated

by a reduction of length, starts for CT and for non-CT samples above temperatures of

620◦C-650◦C. The formation process comprises two peaks, which is typical for high Co-Ni

and also for maraging steels [112, 113]. The split transformation is probably a result of an

inhomogeneous nickel distribution. As described in [114], slow heating rates (20◦C/ min)

would also promote the separation into a diffusion controlled part and into a part of shear

transformation.

The differences of the relative length change curves of CT and non-CT conditions above

200◦C were further analyzed by studying the derivatives of the relatives length change

curves of the 1st and 2nd run, as illustrated in Fig. 4.22 (c). Additionally, for a better

comparability of the processes of both conditions, the curves of the 2nd run were sub-

tracted from the curves of the 1st run, as shown Fig. 4.22 (d).

Heating for both conditions causes three main reactions, as indicated by the arrows in

Fig. 4.22 (c) and (d):

The first effect generates a reduction of length, starts at 100◦C and finishes at 220◦C.

This process is ascribed to the formation transition carbide precipitation, as temperature

regime and reduction of length are typical for this precipitation reaction.
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Figure 4.22: Dilatometer heating curves of CT and non-CT specimens. The heating rate was 20◦C/ min.
(a) Relative length change during the first heating (1st run) to 620◦C. (b) Relative length change during
the reheating (2nd run) to 900◦C. (c) Derivatives of the length change curves of the first heating treatment
(1st run) and of the rerun (2nd run). (d) The derivatives of length change curves of the 2nd run were
subtracted from the ones of the 1st run [104].

The tempering process, which occurs in the temperature range between 250◦C and 410◦C,

induces also a decrease of length. Hence, this process is attributed to cementite precipi-

tation.

The third effect upon heating is observed beyond 450◦C-500◦C to the end of the inves-

tigated temperature regime. This effect causes an additional increase of relative length

change of the dilatometer sample and is therefore attributed to alloy carbide precipitation,

i. e. precipitation of secondary hardening carbides.

It was identified by analyzing the heating curves of CT and non-CT samples that the

precipitation peak of cementite and secondary hardening carbides is sharper and thus

much more intense in CT samples. Additionally, the cementite and secondary hardening

carbide formation starts at somewhat lower temperatures for these conditions.
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Characterization by differential scanning calorimetry

The tempering processes during heating of CT and non-CT conditions were also studied

by means of DSC experiments. In Fig. 4.23 (a) the baseline corrected curves of the change

of the heat capacity during the first heating (1st run) and during the rerun (2nd run) are

depicted. Also by DSC experiments, it is observed that the two step austenite formation

starts at about 620◦C-650◦C. The onset of austenite formation is characterized by the

strong endothermic reaction [115]. Also, endothermic reactions due to reaching the Curie

temperature [115] may overlap with the formation of austenite.

Nevertheless, the 1st run heating curves of CT and non-CT conditions exhibit distinct

differences. For further studying these differences, the subtracted heating curves (2nd-1st

run) were analyzed (Fig. 4.23 (b)). An exothermic reaction is observed in the temperature

range between 250◦C and 400◦C, which can be ascribed to cementite precipitation. As

cementite precipitation during DSC experiments does not produce as strong signals as

dilatometer investigations [103], there are only slight difference between the signals of the

CT and the non-CT samples. Another exothermic reaction is also observed starting at

about 400-450◦C. This reaction can be attributed to the precipitation of secondary hard-

ening carbides [88]. Also by the DSC experiments differences between CT and non-CT

samples in the regime of secondary hardening carbide precipitation are identified as shown

in Fig. 4.23.

Figure 4.23: DSC heating curves of CT and non-CT samples. The heating rate was 20◦C/ min. The
exothermic behavior of the curves (1st run) is probably a result of tempering processes, e.g. relaxation
and recovery processes of the martensite [116]. (a) Baseline corrected curves of the change of heat capacity
during the first heating treatment (1st run) and during the the rerun (2nd run). The samples for the
2nd run were previously heated to 620◦C. (b) Difference of heat capacity changes between the 1st and
the 2nd run.
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Characterization of austenite phase fraction and hardness evolution

The evolution of austenite phase fraction due to heating of CT and non-CT samples with

20◦C/ min in the dilatometer to 200, 400, 500 or 580◦C and followed cooling (without

holding) with 100◦C/ min to room temperature was characterized by XRD measurements.

The findings are presented in Fig. 4.24 (a). The austenite phase fraction of the CT samples

is approx. 3.5 % and remains more or less constant due to heating to various temperatures.

Hence, it is suggested that due to heating no austenite transition into ferrite and carbides

and no formation of reverted austenite occurs. Furthermore, it can be excluded that

austenite transforms into martensite upon cooling in CT samples.

Conversely, the austenite phase fraction of the non-CT samples decreases from approx.

6.5 % as a result of annealing beyond 400◦C to about 4.5 %. By analyzing the dilatometer

cooling curves of non-CT samples (Fig. 4.25 (b)), it was determined that the samples,

which were heated to 500◦C or 580◦C exhibit a slight increase of length during cooling

compared to the samples, which were heated to 400◦C. This increase of length below 120◦C

can be attributed to a martensitic transformation, as the transformation of austenite into

a body-centered phase, e.g. martensite is accompanied with a raise of volume. Thus, the

reduction of austenite phase fraction in non-CT conditions occurs during cooling after

heating.

Figure 4.24: (a) Austenite phase fraction measurements before and after heating CT and non-CT samples
to 200, 400, 500 or 580◦C and immediately cooling down to room temperature. The heating rate was
20◦C/ min and the cooling rate was 100◦C/ min. (b) Relative length change during cooling after heating
the non-CT samples to 400, 500 or 580◦C. For a better comparability, the curves were shifted in y-
direction. Therefore, the y-axis is not scaled [104].
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Since neither dilatometer nor DSC heating curves indicate an austenite transition during

heating, it is concluded that also for non-CT conditions no austenite decomposition into

ferrite and carbides occurs during heating. Thus, the reduction of austenite phase fraction

can be completely attributed to the austenite to martensite transformation during cooling.

For further characterization of the differences of microstructural evolution due to cryogenic

treatment, the evolution of hardness was analyzed. The results of hardness measurements

after heating CT and non-CT samples to various temperatures and cooling to room tem-

perature are shown in Fig. 4.25. The CT samples show higher hardness values compared

to the non-CT samples up to annealing temperatures of 500◦C. Since non-CT samples

exhibit a higher austenite phase fraction in this temperature region, the lower hardness

values of non-CT conditions are predominately attributed to the higher austenite con-

tent. After heating to temperatures beyond 500◦C, the hardness values of non-CT and

CT samples are in the same range, since the austenite of non-CT samples has partially

transformed into martensite upon cooling. In the region of cementite precipitation be-

tween 200◦C and 400◦C, a decrease of hardness, which is as strong for CT as for non-CT

samples occurs. Furthermore, a massive increase of hardness proceeds for both conditions

above temperatures of 480◦C, which is a result of secondary hardening carbide formation.

Secondary hardening carbide formation in this temperature region was also identified by

dilatometer and DSC analyses. However, for non-CT specimens the raise of hardness

due to secondary hardening carbide formation overlaps with the hardness increase due

to austenite transformation upon cooling. Thus, no comparison between CT and non

CT-conditions regarding the hardness increase as a result of secondary hardening carbide

formation can be conducted.
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Figure 4.25: Hardness response due to heating of CT and non-CT samples to various temperatures
(heating rate: 20◦C/ min) and followed by immediate quenching to room temperature (100◦C/ min)
[104].
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4.2.2 Transformation of austenite during cooling from tempering

Generally, the transformation behavior of retained and reverted austenite has a strong

effect on the toughness properties of steels [9, 15, 16].

The austenite phase fraction measurements in Section 4.1.1 revealed that a reduction

of austenite content occurs due to tempering of non-CT samples. A transformation of

austenite by these phase fraction measurements is solely detectable when the austenite

reduction is not overbalanced by a reverted austenite formation. Furthermore, it was de-

termined in Section 4.2.1 that the austenite stays stable during heating of CT and non-CT

samples beyond temperatures of 500◦C but transforms during cooling to martensite. Thus,

the section hereinafter concentrates on the austenite transformation and microstructure

evolution processes during the holding and cooling segment of the tempering treatment.

Parts of these dilatometry analyses are also subject of the Publications II and III [36, 117].

Tempering at 482◦C

Dilatometry investigations were carried out for various tempering treatments at 482◦C.

The relative length change curves of CT and non-CT samples during tempering for 1 and

5 h and subsequent cooling to -100◦C are presented in Fig. 4.26 (a). During holding at

482◦C up to approximately 1 h a distinct increase of length can be observed for CT and

non-CT samples. This increase is probably caused by secondary hardening carbide pre-

cipitation, which was also determined to occur during heating above 482◦C by dilatometer

heating curves (Fig. 4.22). Again this precipitation reaction is more pronounced for CT

than for the non-CT conditions.

For holding times beyond 1 h, the length of the samples remains constant although the re-

verted austenite formation during tempering would cause a reduction of length. Hence, it

is expected that the formation of reverted austenite at 482◦C is too weak for a detectable

impact on length or is counterbalanced by the formation of carbides.

After tempering at 482◦C the samples were cooled to −100◦C. The relative length change

during this cooling treatment is illustrated as a function of temperature in Fig. 4.26 (b).

It is identified that the non-CT samples exhibit a phase transformation upon cooling,

which is accompanied with an increase of length. Therefore, it is attributed to a trans-

formation of austenite into martensite. The Ms-temperature of the transformation in the

non-CT samples is approx. 140◦C. However, no significant martensitic transformation

can be detected for the CT samples by dilatometer measurements. Nevertheless, there is

a slight deviation from the linearity of the cooling curves in the region between 30◦C to
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140◦C, indicating that there might also be a rather small martensitic transformation in

CT samples. It is to note that the small kink at about 30◦C is the result of gas floating

for cryogenic treatment.

Figure 4.26: (a) Relative length change as a function of time of CT and non-CT samples during tempering
at 482◦C for 1 or 5 h. After tempering, the samples were cooled to −100◦C and then reheated to room
temperature. The heating and cooling rate was 100◦C/ min. (b) Relative length change during cooling
from tempering at 482◦C for 1 or 5 h as a function of temperature. The non-CT samples exhibit a
martensitic transformation during cooling starting at approximately 140◦C. For a better visibility, the
curves were shifted vertically to each other.

Also dilatometer investigations were carried out for the two-step tempering treatment at

482◦C for 1+4 h. Fig. 4.27 (a) depicts the relative length change curves of CT and non-CT

samples during tempering. During the first holding sequence at 482◦C, again an increase

of length occurs, which may be attributed to secondary hardening carbide formation.

Upon the first cooling segment a transformation of austenite proceeds for non-CT but

not for CT samples, as shown in Fig. 4.27 (b). This leads to an increased length of the

non-CT samples during the second tempering step compared to the CT samples. During

holding at 482◦C for 4 h the length of CT and non-CT samples remains constant, as

already discussed earlier (Fig 4.26 (b)). However, during the second cooling segment no

distinct phase transformation occurs for both, CT and non-CT conditions.
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Figure 4.27: (a) Relative length change as a function of time of CT and non-CT samples during tempering
at 482◦C for 1 h, cooling to room temperature, heating again to 482◦C and holding for 4 h. After
tempering, the samples were cooled to −100◦C and then reheated. The heating and cooling rate was
20◦C/ min. (b) Relative length change during cooling from tempering at 482◦C for 1 h and for 1+4 h as
a function of temperature. During the first cooling sequence, the non-CT condition exhibits a martensitic
transformation, whereas during the second cooling segment no significant transformation is observable
for both conditions. For a better visibility, the curves were shifted vertically to each other.

Tempering at 540◦C

Dilatometer investigations were also carried out for analyzing the tempering treatment

at 540◦C for 1 and 5 h. Fig. 4.28 (a) presents the relative length change curves of the

CT and non-CT samples as a function of time. Within the first minutes of tempering

at 540◦C, again the length of the dilatometer samples increases probably due to carbide

precipitation reactions. Holding times beyond 1 h cause a markedly decrease of length.

This decrease is ascribed to the more enhanced formation of reverted austenite during

tempering at 540◦C (approx. 11 % after 5 h).

The cooling curves of CT and non-CT samples tempered at 540◦C are plotted as a function

of temperature in Fig. 4.28 (b). It was identified by the increase of volume upon cooling

that in all conditions a martensitic transformation takes place. This transformation starts

at lower temperatures for longer holding times. Accordingly, the transformation initiates

at 210◦C for the non-CT samples after tempering for 1 h and at 170◦C after tempering for

5 h. Furthermore, the martensitic transformation proceeds at even lower temperatures for

CT samples, since it starts at 166◦C after tempering for 1 h and at 130◦C after tempering

for 5 h. Additionally, the martensitic transformations of these cooling curves are less

intense for longer holding times and cryogenically treated samples.
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Figure 4.28: (a) Relative length change as a function of time of CT and non-CT samples during tempering
at 540◦C for 5 h. After tempering, the samples were cooled to -100◦C and then reheated to room
temperature. The heating and cooling rate was 100◦C/ min. (b) Relative length change during cooling
from tempering at 540◦C for 1 and 5 h as a function of temperature. The samples exhibit martensitic
transformations, which start at lower temperatures and are less pronounced for longer holding times
and for cryogenically treated samples. For a better visibility, the curves were shifted vertically to each
other [36, 117]

Tempering at 600◦C

The results from dilatometer investigations of tempering CT and non-CT samples at

600◦C for 1 h and for 5 h are depicted in Fig. 4.29. The strong reduction of length during

holding at 600◦C for 5 h is attributed to the formation of reverted austenite, as by this

heat treatment approx. 22 % are formed.

The cooling curves of CT and non-CT samples tempered at 600◦C are plotted as a function

of temperature in Fig. 4.29 (b). These cooling curves also present martensitic transfor-

mations. It was again determined that the Ms-temperatures are lower with increasing

tempering times. Hence, the transformation of non-CT samples starts at 150◦C and

110◦C due to holding for 1 h and for 5 h, respectively. Due to the application of a cryo-

genic treatment before tempering, the Ms-temperature of the sample tempered for 1 h

decreases to 130◦C. However, holding times for 5 h lead to a Ms-temperature of 115◦C

for the CT sample, which is similar to the one of the non-CT sample. Also for these heat

treatment conditions, it was identified that the intensity of transformation is weaker for

CT samples and for longer holding times.
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Figure 4.29: (a) Relative length change as a function of time of CT and non-CT samples during tempering
at 600◦C for 5 h. After tempering the samples were cooled to −100◦C and then reheated to room
temperature. The heating and cooling rate was 100◦C/ min. (b) Relative length change during cooling
from tempering at 600◦C for 1 or 5 h as a function of temperature. The samples exhibit martensitic
transformations, which start at lower temperatures and are less pronounced for longer holding times
and for cryogenically treated samples. For a better visibility, the curves were shifted vertically to each
other [36, 117].

Effect of tempering temperature

In Fig. 4.30 the derivatives of the length change curves during cooling of non-CT samples

after tempering at 482◦C, 540◦C and 600◦C for 5 h are illustrated. The martensitic

transformations, which are indicated by the increase of the derivative of length change,

are less intense and start at lower temperatures when tempering temperature increases

from 540◦C to 600◦C. In contrast, when tempering is conducted at 482◦C the intensity and

the temperature of transformation is lower compared to tempering at 540◦C, indicating

that there might be different processes contributing to the temperature and intensity of

austenite transformation during cooling.
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Figure 4.30: Derivatives of length changes as a function of temperature of non-CT samples during cooling
after tempering at 482◦C, 540◦C and 600◦C for 5 h. The heating and cooling rates were 100◦C/ min.
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4.2.3 Evolution of lattice parameters during tempering

The influence of cryogenic and tempering treatment was also characterized by XRD mea-

surements of martensite and austenite lattice constants and lattice distortions. In general,

lattice parameters are susceptible to chemical composition, temperature and hydrostatic

(uniform) stress conditions [118]. As the measurements in this work were conducted at

room temperature, the changes of lattice parameters upon tempering are mainly ascribed

to chemical variations. Dislocations (lattice defects), non-uniform stresses and small crys-

tallite sizes cause line broadening. Line broadening can be separated in broadening due

to small crystallite sizes (size broadening) and in broadening due to lattice defects and

stresses (strain broadening) [119].

Parts of this section are also treated in the Publication I [120].

Martensite lattice constant

In Fig. 4.31 the results from lattice constant measurements of martensite are depicted. As

the carbon content of the material is relatively low, a separation of the lattice parameters

a and c could not be conducted by XRD measurements [121].

The martensite lattice parameter decreases strongly within the first minutes of tempering

at 540◦C and 600◦C and stays more or less constant when tempering is continued. Con-

versely, tempering at 482◦C causes a decrease of lattice constant within the first 10 min

and a subsequent increase up to approx. 1 h. Nonetheless, the lattice parameters decreases

again for longer tempering times at 482◦C.

For the conditions tempered at 540◦C and 600◦ no distinct differences are detectable be-

tween CT and non-CT samples. In contrast, the reduction of the lattice parameter of CT

samples tempered at 482◦C occurs at shorter times and is more pronounced than the one

for non-CT conditions.
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Figure 4.31: Measurement of the martensite lattice parameter changes due to tempering of CT and
non-CT samples at 482◦C, 540◦C and 600◦C for various times up to 50 h. The measurements were
carried out at room temperature after tempering [120].

It is suggested that the decrease of lattice parameters can be ascribed to the depletion of

alloying elements in martensite due to formation of carbides during tempering, since car-

bide forming elements, such as carbon, molybdenum, chromium would cause an increase

of martensite lattice constant. Also a decrease of nickel content would lower the lattice

parameter of martensite [39, 47–49, 51]. Conversely, it is assumed that the increase of

lattice parameter because of tempering at 482◦C for approx. 1 h is originated by sec-

ondary hardening carbide precipitation and the related effects, including the austenite

transformation to martensite during cooling.

Austenite lattice constant

Also the influence of heat treatment on the evolution of austenite lattice constant (a)

was analyzed as shown in Fig. 4.32. It is detected that the lattice parameter of austenite

increases due to tempering for sufficient long tempering times and remains constant for

even longer holding times. The increase proceeds within 10 min for tempering at 600◦C

and within 3 h for tempering at 540◦C. However, due to tempering at 482◦C the raise

of lattice parameter takes up to 50 h. Additionally, it is identified that the lattice pa-

rameter increases due to tempering at 482◦C within the first 10 min but decreases after

approximately 1 h of tempering before it increases again. However, the reduction of lattice

parameter after 1 h of tempering at 482◦C occurs at somewhat shorter tempering times

for the CT than for the non-CT samples.
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Figure 4.32: Measurement of austenite lattice parameter changes due to tempering of CT and non-CT
samples at 482◦C, 540◦C and 600◦C for various times up to 50 h. The measurements were carried out at
room temperature after tempering [120].

Generally, reverted austenite in high Co-Ni is enriched in nickel and depleted in cobalt

[25]. This is also demonstrated by APT measurements in Section 4.1.3. As the increase

of Ni and the reduction of Co content in austenite would enhance the austenite lattice

parameter [47, 50], the increase of the austenite lattice constant is assigned to the enrich-

ment of Ni and the depletion of Co.

As carbon diffusion at these temperatures is much more enhanced than diffusion of sub-

stitutional elements, the decrease of austenite lattice constant due to tempering at 482◦C

for 1 h is probably caused by the reduction of carbon content [51, 52] due to secondary

hardening carbide formation.

Martensite lattice distortion

The evolution of martensite lattice distortion during tempering is plotted in Fig. 4.33

The plot shows that tempering causes a reduction of this distortion, which is probably

related to recovery processes, e.g. the decrease of the dislocation density. The reduction

of martensite distortion is higher for longer tempering times and for higher tempering

temperatures.

It was also determined that the CT samples exhibit a higher reduction of martensite

lattice distortion than non-CT samples, suggesting that there are slight differences in

microstructure evolution during tempering because of cryogenic treatment.
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Figure 4.33: Measurement of martensite lattice distortion changes due to tempering of CT and non-CT
samples at 482◦C, 540◦C and 600◦C for various times up to 50 h. The measurements were carried out at
room temperature after tempering.
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4.2.4 Discussion and kinetic interpretation of the influence of heat and cryo-

genic treatment on the microstructural evolution

Influence of retained austenite on carbide precipitation processes

During heating of CT and non-CT samples the carbide precipitation processes were an-

alyzed by means of dilatometer and DSC measurements. Significant differences during

heating of CT and non-CT samples are observed in the regime of cementite and sec-

ondary hardening carbide precipitation (Fig. 4.22), as these processes are more enhanced

and start at slightly lower temperatures for CT samples.

However, the decrease of hardness in the temperature regime of cementite precipitation

is similar for CT and non-CT samples (Fig. 4.25). Basically, the hardness decrease in

the region of cementite precipitation is a result of carbon rejection from martensite. In

the as quenched condition of martensite, the carbon atoms are located in the octahedral

interstitial sites and causing by that a tetragonal distortion of the lattice by lengthening

the c axis and shortening the a axis of the unit cell [121]. Due to tempering the carbon

atoms are rejected from martensite and form cementite. Consequently, the tetragonality

of martensite is reduced, since the carbon atoms leave these octahedral sites. The re-

duction of tetragonality, causes a decrease of the lattice distortion, which in turn reduces

the hardness. Cementite precipitations contribute to the hardness of the material. Since

the hardness increase due to cementite precipitation is overbalanced by the much more

pronounced hardness decrease because of the reduction of carbon dissolved in martensite,

the hardness decreases in this temperature regime.

Thus, as the hardness decrease for both conditions in the temperature range of cementite

precipitation is comparable, also the carbon reduction in martensite should be in the same

range. It is estimated that carbon reduction in martensite is also caused by the diffusion

of carbon atoms into retained austenite because of the higher carbon solubility of austen-

ite than martensite. The non-CT samples contain about twice the retained austenite

content compared to the CT samples, therefore, also the amount of carbon, which can

solute in austenite is two times as much. Experimental results and calculations on other

steel grades indicate that the austenite may enriched in carbon by 1.5 wt.% to 2.5 wt.%

between temperatures of 240◦C to 400◦C [60, 61]. Hence, by assuming a maximum carbon

enrichment in austenite of approx. 2 wt.% , in the non-CT samples 0.12 wt.% of carbon

can dissolve in retained austenite while in the CT samples only 0.06 wt.% can dissolve.

Based on that, in non-CT samples less carbon participate on cementite formation, causing

a less pronounced cementite precipitation peak, as shown in Fig. 4.22.
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Furthermore, the formation secondary hardening carbides in both conditions might also

be influenced by cryogenic treatment and as a result of that by the preceding cementite

precipitation reaction. Hence, the formation peak of secondary hardening carbides (ob-

served by dilatometer analyses) is sharper, thus more intense and starts at somewhat lower

temperatures for CT samples. The results from austenite lattice constant measurements

(Fig. 4.32) also show an earlier decrease of lattice parameter in CT samples tempered

at 482◦C compared to the non-CT ones. This decrease is suggested to be caused by the

reduction of carbon in the austenitic regions. Thus, these results also indicate that the

formation of secondary hardening carbides might proceed at shorter tempering times in

CT samples.

Transformation behavior of retained austenite in martensite upon cooling

The transformation behavior of retained austenite to martensite was analyzed for CT

and non-CT samples, which were heated (20◦C/ min) in the dilatometer to various tem-

peratures up to 580◦C and subsequently (without holding) cooled (100◦C/ min) to room

temperature (Fig. 4.24). Due to these heating experiments no distinct formation of re-

verted austenite occurs for both conditions. However, it was identified by dilatometry

that the retained austenite transforms to martensite in non-CT samples during cooling

after heating beyond 400◦C. It is suggested that this transformation is influenced by the

formation of secondary hardening carbides, which was also determined to occur in this

temperature range by APT measurements (Fig. 4.11). Generally, the formation of sec-

ondary hardening carbides causes a depletion of elements in austenite, such as carbon and

carbide forming elements, and thus, also a destabilization of austenite [34]. As a result,

the austenite in non-CT samples transforms during cooling.

Since it was determined that the austenite in CT samples is stable during cooling, the

transformation behavior has to be influenced by the preceding cryogenic treatment. Waitz

et al. [58] described that smaller austenite particles exhibit a higher resistance against

transformation, i.e. a higher stability. It was revealed that cryogenic treatment causes

a reduction of austenite phase fraction, as determined by the austenite phase fraction

measurements shown in Fig. 4.1. Since the thickness of retained austenite films varies

as indicated by microstructural investigations in Fig. 4.4 and 4.5, it is assumed that

preferentially the larger, less stable austenitic region transform to martensite during the

cryogenic treatment. Thus, it is assumed that a decrease of the mean size of retained

austenite films occurs, which results in a stabilization of retained austenite. However, a

reduction of austenite particle size could not be evaluated by TEM investigations.
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Accordingly, no transformation occurs in CT and non-CT samples, if they are heated up

to 400◦C followed by the cooling to room temperature, since no formation of secondary

hardening carbides occurs. Conversely, due to heating of non-CT samples beyond 400◦C a

carbon reduction in austenite proceeds due to carbide precipitation and the less stable re-

tained austenite films transform to martensite upon subsequent cooling. However, for the

CT samples, the less stable austenitic regions have already transformed partially during

the cryogenic treatment. Thus, no phase transformation takes place for these conditions

during cooling after tempering.

Stabilizing of austenite against martensitic transformation due to tempering

The transformation behavior of austenite during cooling after tempering was also ana-

lyzed for CT and non-CT conditions, which were tempered at 482◦C, 540◦C and 600◦C

for 1 h, 5 h or 1+4 h (Section 4.2.2). The heating and cooling rates were 100◦C/ min. Due

to these tempering treatments reverted austenite is formed, which stands in contrast to

the annealing treatments up to 580◦C without holding (Section 4.2.1), where no reverted

austenite formation occurs.

It was determined for the tempering treatments at 482◦C, 540◦C and 600◦C for 1 h, 5 h

and 1+4 h that the transformation of austenite is more pronounced and occurs at higher

temperatures for non-CT compared to CT conditions. A higher transformation temper-

ature as well as a higher amount of transformation can be ascribed to a lower resistance

against transformation, i.e. a lower stability of austenite [46]. As a result, the differences

between CT and non-CT samples were again ascribed to the stabilizing effect of cryogenic

treatment on the retained austenite.

The two-step tempering process at 482◦C for 1+4 h (Fig. 4.27) leads to an austenite

transformation to martensite in non-CT samples during the first cooling but not during

the second cooling sequence. Based on that, it is suggested that also a two-step tem-

pering process induces similar austenite stabilization effects than cryogenic treatment.

Additionally, by this two-step treatment no fresh, untempered martensite is present in

CT and non-CT conditions and also the austenite content is in the same range for both

conditions. Hence, it is assumed that by the two-step treatment the CT and non-CT

conditions exhibit not only a comparable stability of austenite but also more or less com-

parable properties of martensite. However, the carbide precipitation behavior is suggested

to be different in CT and non-CT samples tempered with two-steps.

The influence of tempering time and temperature on the austenite stability was also

analyzed by characterizing the dilatometer cooling curves (Section 4.2.2). It was revealed
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that the martensitic transformations start at lower temperatures and are less intense

when tempering is conducted for longer times and at 600◦C instead of 540◦C (Fig. 4.28-

4.30). However, the transformation temperature and the amount of transformation is

lower after tempering at 482◦C compared to the samples tempered at 540◦C. Based on

these findings, it is assumed that different phenomena contribute to the transformation

behavior of austenite. A possible explanation for these phenomena is based on the results

in Section 4.1 and is given in the following:

As nickel is the element, which might predominately affect the stability of austenite, it is

necessary to enrich the present austenite with nickel. This is the fact for reverted austenite,

as it was determined by APT experiments that the composition of reverted austenite

after tempering at 482◦C shows a clear nickel enrichment (Fig. 4.16). Furthermore, it

was revealed that this reverted austenite exhibits nearly the same composition than the

FCC phase in equilibrium (Table 4.5). As a result, it is estimated that also the reverted

austenite formed at 540◦C and 600◦C exhibits its equilibrium composition. However, at

the beginning of tempering the retained austenite may posses a composition, which is

similar to an as-quenched martensite except for the C content. DICTRA investigations

in Fig. 4.20 and 4.21 indicate that the composition of retained austenite would also move

towards equilibrium composition, if the diffusion lengths of substitutional elements are

sufficient, e.g. at higher tempering temperatures or longer times.

The equilibrium concentration of substitutional elements in austenite at 540◦C and 600◦C

was calculated and is listed in Table 4.8.

Ni Co Cr Mo Fe

wt.% wt.% wt.% wt.% wt.%

540◦C 34.0 5.2 1.5 0.6 Bal.

600◦C 26.8 7.2 1.6 0.8 Bal.
Table 4.8: Equilibrium concentration of substitutional elements in austenite at 540◦C and 600◦C. For
the calculations with Thermo-Calc (TCFE7) the the actual composition of the investigated material was
used.

As the equilibrium Ni concentration in austenite is clearly higher at 540◦C, the austenite

should also exhibit a higher stability after tempering at 540◦C than after tempering at

600◦C. Since this does not correlate with the experimental results, it is suggested that the

stabilizing process of retained austenite might be predominately controlled by transport of

nickel atoms into austenite, i.e. by diffusional processes. The diffusion of Ni for retained

austenite stabilization must proceed in the FCC phase. Hence, the mean diffusion path
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x of nickel in austenite at 540◦C and 600◦C was calculated with Eq. 8 [122, 123]. The

diffusion constant D is obtained from MatCalc calculations and the time for diffusion is

termed as t.

x =
√

4Dt (8)

The values of the mean diffusion path of nickel in austenite were correlated with the Ms-

temperatures. The results are shown in Table 4.9.

As the diffusion of Ni in austenite gets more enhanced due to higher tempering tem-

peratures or longer times, the Ms-temperature decreases. Thus, stability of austenite

increases. The mean thickness of a half retained austenite film, which is about 10 nm, is

in the range of the mean diffusion path of Ni in austenite. Due to that, it is reasonable

to assume that the variation of Ms-temperatures occurs due to diffusion controlled stabi-

lization with nickel. However, the Ni enrichment in austenite due to tempering at 540◦C

or 600◦C might not be sufficient for stabilizing the reverted austenite completely. Hence,

small amounts of austenite may transform upon cooling after tempering at elevated tem-

peratures, as shown in Fig. 4.28 and 4.29.

540◦C/ 1 h 540◦C/ 5 h 600◦C/ 1 h 600◦C/ 5 h

Diffusion path nm 1.0 2.2 3.2 7.0

Ms of CT samples ◦C 166 130 130 115

Ms of non-CT samples ◦C 210 170 150 110
Table 4.9: The mean diffusion paths of nickel in austenite correlated with the Ms-temperatures obtained
from the tempering treatments at 540◦C and 600◦C for 1 and 5 h. Higher diffusion lengths of Ni in
austenite lead to lower Ms-temperatures, indicating a stabilizing effect due to nickel diffusion.

The variation of Ms-temperature of CT samples due to the applied heat treatments is

weaker than the one of non-CT samples, as indicated in Table 4.9. It is suggested that

this is caused by the smaller mean size of the austenite films in CT conditions, which

results in a higher stability of austenite. Thus, stabilizing effects on austenite, such as the

nickel enrichment, may have lower impacts in CT samples as the austenite in this condi-

tion is also stabilized by its size. Furthermore, it was found for the CT sample tempered

at 600◦C for 5 h that the Ms-temperature is higher compared to the non-CT sample of the

same tempering conditions. This is expected to be a result of the measuring inaccuracy.
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Conversely, the diffusion properties of austenite at 482◦C are not sufficient for any stabi-

lization of retained austenite up to 5 h, as the mean diffusion length of Ni is <1 nm during

holding at tempering temperature. This was also determined by DICTRA calculations

(Fig. 4.20). Therefore, it is assumed that the transformation behavior of austenite after

tempering at 482◦C does not fit into the tendency observed by tempering at 540◦C or

600◦C.

Measurements of the austenite lattice parameter (Fig. 4.32) also suggest that the enrich-

ment of austenite with nickel occurs diffusion controlled, as the lattice parameter increases

faster with increasing tempering temperature. It is to note that it is not possible by the

results of austenite lattice parameter measurements to distinguish between retained and

reverted austenite. Therefore, it is estimated that the increase of austenite lattice pa-

rameter is both; caused by nickel enrichment in retained austenite and a result of the

formation of (Ni-enriched) reverted austenite.

To sum up, the application of a cryogenic treatment before tempering does not only influ-

ence the transformation behavior and the stability of austenite but also the precipitation

processes of carbides. As it is indicated by the martensite lattice parameter and lattice

distortion measurements (Section 4.2.3), there might also be slight differences in marten-

site in samples tempered at 482◦C, 540◦C and 600◦C for 5 h due to cryogenic treatment

.
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4.3 Characterization of the mechanical properties at different

heat treatment conditions

High Co-Ni steels exhibit excellent toughness properties combined with high hardness and

strength values. It is reported in literature [15, 39, 40] that the toughness properties of

these steels are heavily influenced by the stability of the austenite. In the Section 4.2.2

the transformation behavior of austenite to martensite after tempering was characterized

by dilatometer measurements for the investigated high Co-Ni steel. It was demonstrated

that the cryogenically treated (CT) samples, which were tempered at 482◦C, 540◦C or

600◦C for 1 or 5 h, exhibit no or only a slight austenite transformation upon cooling after

tempering, whereas for non-CT samples a much more pronounced austenite transforma-

tion to martensite takes place. In contrast to that, an austenite transformation does not

occur during the second cooling step of both, CT and non-CT, samples tempered at 482◦C

for 1+4 h. Thus, no untempered martensite is present in the CT as well as in the non-CT

samples tempered at 482◦C for 1+4 h, which leads to more or less comparable properties

of austenite and martensite for both of these conditions. Consequently, for analyzing

the impact of these tempering and cryogenic treatments on mechanical properties, tensile

tests and fracture toughness measurements were carried out.

4.3.1 Strength and ductility properties

The results from tensile tests of CT and non-CT samples tempered at 482◦C, 540◦C and

600◦C for 5 h and at 482◦C for 1+4 h are summarized in Table 4.10. Higher tempering

temperatures lead to a reduction of the yield (Rp0.2) and the tensile strength (Rm) as well

as to an increase of the fracture strain (A), the uniform elongation (Ag) and the reduction

of area (Z). The Young’s Modulus was determined for the steel to be appox. 188 GPa.

It was also identified that there is also an impact of cryogenic treatment on the strength

and ductility properties. After equivalent tempering treatments, CT samples present

higher yield strengths but lower tensile strengths (except the conditions tempered at

482◦C) and uniform elongations compared to non-CT samples. Additionally, there are

distinct differences between the conditions tempered at 482◦C for 5 h or 1+4 h. CT and

non-CT samples tempered for 1+4 h show lower tensile strengths and uniform elongations

than the samples tempered for 5 h, respectively. Furthermore, the yield strength of the

CT samples tempered for 1+4 h is higher, whereas the yield strength of the non-CT

samples tempered for 1+4 h is lower compared to the samples tempered for 5 h.
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Condition Rp0.2 Rm Ag A Z

MPa MPa % % %

CT/ 482◦C/ 5 h 1700 2075 2.7 13.2 64

482◦C/ 5 h 1640 2070 2.5 13.2 65

CT/ 540◦C/ 5 h 1445 1525 4.5 16.1 72

540◦C/ 5 h 1265 1555 4.8 16.2 72

CT/ 600◦C/ 5 h 1275 1385 6.0 17.9 71

600◦C/ 5 h 1100 1405 6.5 17.8 65

CT/ 482◦C/ 1+4 h 1750 1960 1.9 12.7 66

482◦C/ 1+4 h 1575 1965 2.4 12.8 64

Table 4.10: Results from tensile tests of CT and non-CT samples tempered at 482◦C, 540◦C and 600◦C
for 5 h and at 482◦C for 1+4 h. The mean values were evaluated from two measurements, which were
carried out for each condition.

In Fig. 4.34 the stress-strain curves of samples tempered at 482◦C for 5 h and 1+4 h are

plotted. These curves demonstrate that the plastic deformation during loading starts at

lower strength levels for the non-CT compared to the CT conditions. As a consequence,

the non-CT conditions present the lower yield strength values. It is to note that, the

gap between CT and non-CT samples tempered for 5 h regarding the onset of yielding is

smaller than the one for the samples tempered for 1+4 h.
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Figure 4.34: Stress-strain curves obtained from tensile tests. (a) Representative stress-strain curves of
CT and non-CT samples tempered at 482◦C for 5 h. (b) Representative stress-strain curves of CT and
non-CT samples tempered at 482◦C for 1+4 h. The onset of yielding in the CT and non-CT samples is
marked by blue and red arrows, respectively.

The stress-strain curves of specimens tempered at 540◦C or 600◦C for 5 h are also strongly

affected by cryogenic treatment, as shown in Fig. 4.35. The non-CT conditions exhibit

a rather gradual increase of stress in the transition region from elastic to plastic. This

behavior of the stress-strain curve leads to higher tensile stresses and to higher uniform

strains for the non-CT samples. The profile of the stress-strain curve of CT samples shows

a more or less sharp bend after reaching the yield strength. As a result, a region of almost

constant stress values with increasing elongation occurs.

Figure 4.35: Stress-strain curves obtained from tensile tests. (a) Representative stress-strain curves of
CT and non-CT samples after tempering at 540◦C for 5 h. (b) Representative stress-strain curves of CT
and non-CT samples after tempering at 600◦C for 5 h.
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4.3.2 Transformation behavior of austenite upon mechanical loading

The transformation behavior of austenite upon mechanical loading was analyzed for CT

and non-CT samples, which were tempered at 600◦C for 5 h by measuring the austenite

phase fraction at defined stress levels during tensile testing. The results of the austenite

phase fraction measurements and the stress-strain curves of these conditions are depicted

in Fig. 4.36 (a) and (b).

For both conditions, the austenite phase fraction is between 24 % and 26 % at the initial

stage of testing and stays more or less constant until the yield strength is reached and

plastic deformation takes place. Beyond the yield strength, the austenite phase fraction is

reduced, indicating that for both, CT and non-CT, conditions a significant transformation

of austenite proceeds during testing. For the CT sample, the transformation of austenite

starts at higher stress levels as the yield strength is also higher and the decrease of

austenite fraction is more abrupt compared to the non-CT sample. It is assumed that

during straining of the non-CT sample also some austenite transformation might occur

below the yield strength. As the measuring inaccuracy is about 2 %, the transformation

of austenite in this range can only be supposed. However, it is reasonable to expect

that in the non-CT specimen the austenite transforms to martensite also before plastic

deformation occurs, i.e. stress-assisted, as the austenite in this condition exhibits a lower

stability. The lower stability of austenite in non-CT conditions was also determined by

dilatometry measurements in Fig. 4.29.

Figure 4.36: Results from austenite phase fraction measurements at distinct stress levels during tensile
tests. For comparison also the stress-strain curves are plotted. (a) Non-CT specimen tempered at 600◦C
for 5 h. (b) CT specimens tempered at 600◦C for 5 h. The measuring inaccuracy of austenite phase
fraction determination was about 2 %. The vertical dashed lines indicate the positions of the yield
strength.
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Austenite phase fraction measurements were also carried out on fractured specimens after

tensile testing. The analyses were conducted near the fracture on the cutting plane

as shown in Fig. 4.37. The cutting plane was about 2-3 mm away from the fracture

surface. The results of the measurements on CT and non-CT specimens tempered at

482◦C, 540◦C and 600◦C for 5 h and on specimens tempered at 482◦C for 1+4 h are

presented in Table 4.11. For comparison, also the austenite phase fractions of samples

before (austenitized and cryogenically treated) and after tempering are listed. These

measurements reveal that the austenite phase fraction decreases for all conditions during

testing compared to the austenite phase fraction after tempering, indicating that austenite

is not stable upon mechanical loading and transforms. Moreover, it was found that for

the conditions tempered at 482◦C, the austenite phase fraction is even below detection

limit near the fracture of the tensile test specimens.

Figure 4.37: Fractured tensile test sample. The arrow indicates the position of XRD analyses.
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Austenite phase fraction [%]

Condition Retained austenite After Broken tensile

before tempering tempering test samples

Section 4.1.1 Section 4.1.1 near the fracture, Fig. 4.37

CT/ 482◦C/ 5 h 3.5 4.0 -

482◦C/ 5 h 6.5 3.5 -

CT/ 540◦C/ 5 h 3.5 13.0 5.5

540◦C/ 5 h 6.5 15.0 5.0

CT/ 600◦C/ 5 h 3.5 24.5 6.0

600◦C/ 5 h 6.5 25.5 6.5

CT/ 482◦C/ 1+4 h 3.5 4.0 -

482◦C/ 1+4 h 6.5 4.0 -

Table 4.11: Austenite phase fraction measurements on fractured tensile test samples. For comparison,
also the retained austenite phase fractions of the samples before tempering (austenitized and cryogenically
treated) and the austenite phase fractions after tempering are listed (these measurements are also shown
in Fig. 4.1 and Table 4.1). For the samples tempered at 482◦C the austenite phase fraction after tensile
testing was below detection limit, which was about 1 %.

4.3.3 Fracture toughness properties

The results of fracture toughness measurements of CT and non-CT samples tempered at

482◦C, 540◦C and 600◦C for 5 h and at 482◦C for 1+4 h are presented in Table 4.12. As

a result of the too small sample sizes and of the large plastic deformations at crack tip

in the samples tempered at 540◦C and 600◦C, valid KIC values according to the standard

ASTM E399-09 [90] are only obtained for non-CT samples tempered at 482◦C for 5 h.

The fracture toughness of this condition was determined to be 92 MPa
√

m. However, for

comparison of the heat treatment conditions the KQ values were used. Furthermore, also

the Kmax values were evaluated, which present the values at the force maximum.
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Condition KQ Kmax

MPa
√

m MPa
√

m

CT/ 482◦C/ 5 h 110 ± 5 112 ± 4

482◦C/ 5 h 92* ± 5 92 ± 5

CT/ 540◦C/ 5 h 111 ± 3 146 ±3

540◦C/ 5 h 95 ± 2 141 ± 4

CT/ 600◦C/ 5 h 100 ± 1 157 ± 2

600◦C/ 5 h 79 ± 7 150 ± 2

CT/ 482◦C/ 1+4 h 124 ± 1 140 ± 6

482◦C/ 1+4 h 112 ± 1 129 ± 7

Table 4.12: Results from fracture toughness measurements of CT and non-CT samples tempered at
482◦C, 540◦C and 600◦C for 5 h and at 482◦C for 1+4 h. The KQ values were evaluated according to the
Standard ASTM E399-09 [90] and the Kmax values were taken at the force maximum. For each condition
three measurements were carried out and the mean values and the standard deviations were calculated.
* Valid KIC value.

The KQ value of the CT condition tempered at 482◦C for 5 h was determined with

110 MPa
√

m. This values is about 18 MPa
√

m higher than the KIC value of the non-CT

condition (92 MPa
√

m). Higher toughness values for CT compared to non-CT samples

are also observed for the conditions tempered at 482◦C for 1+4 h. However, the difference

of KQ values between these conditions is only 12 MPa
√

m. Furthermore, there are also

variations of the toughness properties between the samples tempered for 5 h and 1+4 h.

Tempering of CT samples for 1+4 h instead of 5 h causes about 14 MPa
√

m higher KQ

values. Thus, the largest KQ value of the conditions tempered at 482◦C was obtained for

the CT sample tempered for 1+4 h and was determined with 124 MPa
√

m.
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Figure 4.38: Representative load-notch opening displacement curves of CT and non-CT samples tempered
at 482◦C, 540◦C and 600◦C for 5 h and at 482◦C for 1+4 h.

The load-notch opening displacement curves of samples tempered at 482◦C for 5 h and for

1+4 h are depicted in Fig. 4.38 (a) and (b). These curves show a merely linear behavior.

Conversely, the load-notch opening displacement curves of the samples tempered at 540◦C

or 600◦C indicate large plastic deformations. The curves are presented in Fig. 4.38 (c)

and (d). Also these tempering conditions are influenced by cryogenic treatment, as the CT

samples exhibit clearly higher KQ values than the non-CT conditions. The KQ values of

CT and non-CT samples tempered at 540◦C are 111 MPa
√

m and 95 MPa
√

m. However,

the KQ values decrease slightly due to tempering at 600◦C to about 100 MPa
√

m for CT

and to 79 MPa
√

m for non-CT samples. The Kmax values of the conditions tempered

at 540◦C and 600◦C increase strongly compared to the values of the samples tempered

at 482◦C. Nevertheless, concerning the Kmax values only small differences are observable

between CT and non-CT conditions tempered at higher temperatures.
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4.3.4 Fractography

The fracture surfaces of broken SENB specimens were analyzed. Fig. 4.39 presents the

fracture surfaces of the CT and non-CT samples tempered at 482◦C for 5 h. A predomi-

nately ductile fracture is present for both conditions. Apparently the CT sample presents

a slightly rougher surface.

Figure 4.39: SEM analysis of fractured SENB samples tempered at 482◦C for 5 h. (a) Ductile fracture
of the CT sample. (b) Ductile fracture of the non-CT sample.

Also, the samples tempered at 482◦C for 1+4 h present a mostly ductile fracture as shown

by the dimple structure in Fig. 4.40 (a) and (b). However, for this tempering condition

no differences are observable for CT and non-CT samples.

Figure 4.40: SEM analysis of fractured SENB samples tempered at 482◦C for 1+4 h. (a) Ductile fracture
of the CT sample. (b) Ductile fracture of the non-CT sample.
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The fracture surface of the CT sample tempered at 540◦C is depicted in Fig. 4.41. It

presents a merely ductile fracture in the first 300 μm. Due to further extension of the

crack, the fracture mode passes over to an intergranular fracture with ductile regions.

As shown in Fig. 4.42, tempering at 600◦C leads again to a mainly ductile fracture. This

heat treatment condition leads to significantly larger dimples than tempering at 482◦C.

Figure 4.41: SEM analysis of a fractured SENB sample, which was cryogenically treated and tempered
at 540◦C for 5 h. (a) Overview image from the fracture surface. (b) Fracture surface about 1.3 mm away
from the precrack. (c) Fracture surface near the fatigue precrack.
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Figure 4.42: SEM analysis of a fractured SENB sample, which was cryogenically treated tempered at
600◦C for 5 h. (a) Overview image from the fracture surface. (b) Fracture surface about 1.2 mm away
from the precrack. (c) Fracture surface near the fatigue precrack.

4.3.5 Analyses of crack tip opening displacement

As a result of the too small sample sizes for measuring valid KIC values, the crack tip

opening displacement at crack initiation (CODi) and during crack growth was also an-

alyzed as a criterion for toughness properties. The COD values were determined with

stereophotogrammetric analyses according to Kolednik and Stampfl [91, 92] by evaluating

the height profiles of both sides of the fracture surface of SENB samples by using SEM.

The measurements were carried out on CT and non-CT samples tempered at 482◦C for

5 h and 1+4 h. For each condition, representative SEM images of the same position on

both sides of the fracture surface accompanied with one representative height profile pair

are shown in Fig. 4.43-4.46.
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Figure 4.43: Stereophotogrammetric measurements on the same positions from both sides of the fracture
surface of a SENB specimen, which was cryogenically treated and tempered at 482◦C for 5 h. In (a) and
(b) the SEM images of both sides of the fracture surface are depicted. The surface in (b) is mirrored in
the horizontal direction. In (c) and (d) the height profiles are plotted. The the positions of the profiles
are indicated in (a) and (b) by red lines. In the diagrams, the profile marked in (b) was turned upside
down. In (c) the profiles were adjusted in the way that they touch starting from the precrack in the point
of the first void coalescence. In (d) the profiles were shifted vertically so that they touch at the next
point, which is 57 μm away from end of the precrack.
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Figure 4.44: Stereophotogrammetric measurements on the same positions from both sides of the fracture
surface of a SENB specimen, which was tempered at 482◦C for 5 h. In (a) and (b) the SEM images of
both sides of the fracture surface are depicted. The surface in (b) is mirrored in the horizontal direction.
In (c) and (d) the height profiles are plotted. The the positions of the profiles are indicated in (a) and (b)
by red lines. In the diagrams, the profile marked in (b) was turned upside down. In (c) the profiles were
adjusted in the way that they touch starting from the precrack in the point of the first void coalescence.
In (d) the profiles were shifted vertically so that they touch at the next point, which is 26 μm away from
end of the precrack.
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Figure 4.45: Stereophotogrammetric measurements on the same positions from both sides of the fracture
surface of a SENB specimen, which was cryogenically treated and tempered at 482◦C for 1+4 h. In (a)
and (b) the SEM images of both sides of the fracture surface are depicted. The surface in (b) is mirrored
in the horizontal direction. In (c) and (d) the height profiles are plotted. The the positions of the profiles
are indicated in (a) and (b) by red lines. In the diagrams, the profile marked in (b) was turned upside
down. In (c) the profiles were adjusted in the way that they touch starting from the precrack in the point
of the first void coalescence. In (d) the profiles were shifted vertically so that they touch at the next
point, which is 58 μm away from end of the precrack.
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Figure 4.46: Stereophotogrammetric measurements on the same positions from both sides of the fracture
surface of a SENB specimen, which was tempered at 482◦C for 1+4 h. In (a) and (b) the SEM images of
both sides of the fracture surface are depicted. The surface in (b) is mirrored in the horizontal direction.
In (c) and (d) the height profiles are plotted. The the positions of the profiles are indicated in (a) and (b)
by red lines. In the diagrams, the profile marked in (b) was turned upside down. In (c) the profiles were
adjusted in the way that they touch starting from the precrack in the point of the first void coalescence.
In (d) the profiles were shifted vertically so that they touch at the next point, which is 102 μm away
from end of the precrack.

The COD values as a function of crack extension for the investigated conditions are

presented in Fig. 4.47. The starting point of crack growth was set to the onset of blunting,

as shown by the Fig. 4.43-4.46. The CODi values obtained at the point of the first void

coalescence and the CODΔa=160 μm values at a crack extension Δa of 160 μm are listed in

Table 4.13.
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Figure 4.47: COD values of CT and non-CT samples tempered at 482◦C for 5 h and 1+4 h plotted as
a function of crack extension. The starting point of crack growth was set to the onset of blunting. The
measuring inaccuracy of the crack extension was about ± 5 μm. The measuring inaccuracy of the COD
was estimated to be ± 0.5 μm plus/minus 1 % of the respective crack extension to take angle errors into
account.

Generally, the COD raises with increasing crack extension. The non-CT sample, which

was tempered at 482◦C for 5 h, exhibits only a slight enhancement of COD values from

about 8 μm at crack initiation to 11 μm at a crack extension of 160 μm. For this condition

also the height profile of the fracture surface is rather smooth compared to the other

conditions. The CT sample with the same tempering treatment shows a somewhat higher

CODi of about 11 μm and a significant raise to approx. 20 μm at 160 μm crack extension.

Distinct differences can not be observed regarding the behavior of COD between CT and

non-CT conditions tempered for 1+4 h. Both conditions show relatively high CODi values

of approx. 12 μm and a huge raise of COD to approx. 28 μm for a crack extension of

about 160 μm.

The results of the calculations of KCOD from COD values are presented in Table 4.14.

The non-CT sample tempered at 482◦C for 5 h has the lowest KCODi
and KCODΔa=160 μm

values as they are 91 MPa
√

m and 106 MPa
√

m, respectively. Higher toughness values

are obtained from the CT condition with the same tempering treatment. A KCODi
of

105 MPa
√

m and a KCODΔa=160 μm
of 144 MPa

√
m was evaluated for this heat treatment
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condition. Furthermore, there are only slight differences between the calculated K values

of the CT and the non-CT conditions tempered at 482◦C for 1+4 h . However, they

present a KCODi
value of approx. 108 MPa

√
m and a KCODΔa=160 μm

value of approx.

163 MPa
√

m, which are much higher than the values of the other conditions tempered at

482◦C.

Condition CODi CODΔa=160 μm

μm μm

CT/ 482◦C/ 5 h 10.7 ± 1.0 20.3 ± 2.2

482◦C/ 5 h 8.1 ± 0.9 10.7± 2.2

CT/ 482◦C/ 1+4 h 12.5 ± 1.7 28.3 ± 2.2

482◦C/ 1+4 h 11.5 ± 1.2 27.5 ± 2.2

Table 4.13: Determined COD values at crack initiation (CODi) and at a crack extension of 160 μm
(CODΔa=160 μm) of the CT and non-CT samples tempered at 482◦C for 5 h and 1+4 h. For each
condition nine measurements in form of height profiles were carried out.

It is to note that the results from stereophotogrammetric analyses by and large support

the results from fracture toughness tests in Section 4.3.3, as also by these measurements

slight differences between the CT and non-CT conditions tempered for 1+4 h but large

differences between the conditions tempered for 5 h are present. Furthermore, the KCODi

values correlate quite well with the KQ values.

Condition KCODi
KCODΔa=160 μm

KQ Kmax

MPa
√

m MPa
√

m MPa
√

m MPa
√

m

CT/ 482◦C/ 5 h 105 ± 6 144 ± 8 110 ± 5 112 ± 4

482◦C/ 5 h 91 ± 7 106 ± 11 92 ± 5 92 ± 5

CT/ 482◦C/ 1+4 h 108 ± 6 162 ± 6 124 ± 1 140 ± 6

482◦C/ 1+4 h 107 ± 6 164 ± 7 112 ± 1 129 ± 7

Table 4.14: Calculated KCODi
and KCODΔa=160 μm

values of the CT and non-CT samples tempered at
482◦C for 5 h and 1+4 h. The values were calculated from the CODi by using Eq. 6 and 7. The KQ

evaluated in Section 4.3.3 by fracture toughness tests is listed for comparison.
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4.3.6 Discussion of the influence heat treatment and microstructure on me-

chanical properties

The analyses of the mechanical properties revealed that there are distinct differences in

toughness and strength between CT and non-CT conditions, regardless of the tempering

temperature and time.

In Section 4.1.1 it was determined that the austenite contents of CT and non-CT samples,

which were tempered for 5 h or 1+4 h at the same temperatures, are comparable. Thus,

it is suggested that the phase fraction of austenite is not the critical factor regarding the

differences of mechanical properties.

The results of austenite phase fraction measurements on fractured tensile test specimens

(Table 4.11) revealed that austenite transforms in martensite at least partially during

testing in all conditions. This implies that some austenite in non-CT as well as in CT

samples is unstable during the tests. It is suggested that upon mechanical loading first

of all the retained austenite transforms because of its low stability (Section 4.2.2). The

maximum retained austenite phase fraction is about 3.5 % in CT and 6.5 % in non-CT

samples. Nevertheless, it was determined by dilatometry in Section 4.2.2 that in most

cases some retained austenite transforms due to tempering. So the actual retained austen-

ite content in the tempered CT and non-CT samples is probably lower than 3.5 % and

6.5 %, respectively. As for the CT and non-CT conditions tempered at 540◦C and 600◦C

for 5 h the reduction of austenite content during tensile testing is definitely more than

3.5 % for CT and 6.5 % for non-CT samples, also the reverted austenite present in the-

ses specimens has to transform partially during loading. For the conditions tempered at

482◦C, the reverted austenite phase fraction is approx. 1 %, as shown in Fig. 4.1. As the

detection limit by XRD measurements of the austenite phase fraction is about 1 %, no

statement can be made, if also the reverted austenite transforms in these samples during

tensile testing. However, as the reverted austenite formed at 482◦C exhibits a higher Ni

content than the austenite formed at 600◦C (Fig. 4.20 and 4.21), it is probable that the

reverted austenite in the samples tempered at 482◦C is more stable and does not trans-

form during tensile testing. It is to mention that the reduction of austenite phase fraction

due to tensile testing is almost equal for CT and non-CT samples tempered with the same

parameters (Table 4.11).

Furthermore, the analyses of the transformation behavior of austenite during the tensile

tests (Fig. 4.36) showed that a pronounced austenite transition starts for CT and non-CT

samples tempered at 600◦C, when the loading stress exceeds the yield strength of the
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material. However, as the yield strength values of the CT sample are higher compared

to the non-CT sample, also the stress levels, at which the pronounced austenite transfor-

mation begins, are higher. It is suggested that when the loading stress exceeds the yield

strength, plastic deformation occurs and thus, new potential nucleation sites are created

in austenite for its transformation as described by Haidemenopoulos [15]. As a result,

the strain-induced transition of austenite into martensite is triggered. However, some

of the austenite might also transform in the non-CT sample tempered at 600◦C before

the loading stress exceeds the yield strength (stress-assisted). Since the transformation

of austenite into martensite is connected with a volume increase, it is possible that this

transformation contributes to the lower yield strength of non-CT samples, as explained

in the following:

A transformation of the retained austenite in martensite would lead to a volume increase

of up to 3 % [53, 54, 59]. If 2 % austenite transform into martensite in the non-CT

sample tempered at 600◦C before the loading stress reached the yield strength (estimated

from Fig. 4.36 (a)), a volume increase would proceed, which might cause about 0.06 %

additional plastic elongation. Since the transformation of austenite into martensite dur-

ing testing is directed, the resulting additional plastic elongation due to transformation

is probably higher. Nevertheless, the additional plastic elongation may contribute and

lead to the lower yield strength values of non-CT samples. As a result, it is not clear if

austenite transformation at higher stress levels in the CT samples is a result of the higher

stability of austenite or of the higher strength of the material. Thus, the influence of

cryogenic treatment on the stability of austenite could not be quantified.

Furthermore, it is assumed that the region of constant stress values of the stress-strain

curves of the samples tempered at 540◦C and 600◦C (Fig 4.35) is caused by the transfor-

mation of austenite. A significant austenite transformation in martensite in this region

was determined for the samples tempered at 600◦C as shown by Fig. 4.36. However, a

pronounced amount of austenite is still present after 5 % plastic strain. It is suggested

that the transformation of austenite into martensite causes an increase of strength, which

counterbalances the softening due to necking. For the conditions tempered at 482◦C the

effect of the transforming austenite on the stress-strain curves is not identifiable. This is

probably a consequence of the low austenite phase fractions.

Distinct differences between CT and non-CT conditions were also found regarding frac-

ture toughness properties. It was determined that regardless of the tempering condition,

the KQ values of CT samples are higher compared to them of the non-CT samples, as
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shown in Table 4.12. It was also determined that the KQ values are more enhanced for

the specimens tempered at 482◦C for 1+4 h (two step tempering treatment) compared

to the samples tempered for 5 h (one step tempering). However, this may be ascribed to

the lower strength of these conditions. Furthermore, it was evaluated that the difference

between the KQ values of CT and non-CT conditions is lower for the samples tempered

for 1+4 h than for the samples tempered for 5 h at 482◦C.

The evaluation of the CODi and KCODi
values at crack initiation (Table 4.13 and 4.14),

revealed that the toughness of the CT condition tempered for 5 h is slightly lower but also

comparable to the toughness of the CT and non-CT conditions tempered for 1+4 h. Only

the non-CT sample tempered for 5 h has significantly lower toughness values at crack

initiation. Additionally, it was found that the largest differences between the non-CT

condition tempered at 482◦C for 5 h and the other conditions tempered at 482◦C are

concerning the crack resistance curves (Fig. 4.47). Whereas the other conditions show a

strong raise of the COD with an increasing crack extension Δa, the crack resistance curve

of the non-CT sample tempered for 5 h is very flat.

From these results, it can be concluded that the omission of the cryogenic treatment

deteriorates the toughness values of the sample tempered at 482◦C for 5 h but has less

influence on fracture toughness of the samples tempered for 1+4 h. A possible explana-

tion for this behavior is discussed hereinafter:

The dilatometer investigations of samples tempered at 482◦C for 1+4 h (Fig. 4.27) demon-

strated that the austenite remains stable in CT as well as in non-CT conditions during

the second cooling segment. Thus, as a result of this two-step tempering treatment no

untempered martensite is present in both conditions. Furthermore, as no phase trans-

formation was identified upon cooling to −100◦C, also the stability of austenite of both

conditions is expected to be similar. Conversely, for the non-CT samples tempered at

482◦C for 5 h (Fig. 4.26) the austenite transforms during cooling, whereas again for CT

conditions no phase transition occurs. As a consequence, microstructural differences are

present, which may comprise untempered martensite and a lower stability of austenite in

the non-CT samples tempered for 5 h. Since untempered martensite and a low stability

of austenite would rather decrease fracture toughness, it is assumed that this leads to

the lower toughness values of non-CT samples. Therefore, it is expected that the missing

austenite transformation after tempering in non-CT sample tempered for 1+4 h causes the

higher fracture toughness compared to the non-CT sample tempered for 5 h (Table 4.14).

Furthermore, as the most significant difference between the CT and the non-CT samples

was found in the crack resistance behavior, it is suggested that a untempered marten-
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site or a low stability austenite has also a pronounced impact on crack growth behavior

(Fig. 4.47).

It is to mention that both, the yield strength and the KQ values, are higher for the

CT than for the non-CT specimens, even for the samples tempered at 482◦C for 1+4 h.

Thus, it is suggested that also other microstructural differences than the stability of

austenite contribute to these properties. Microstructural differences were also found by

dilatometer and DSC heating experiments in Section 4.2.1. By these experiments it was

determined that carbide precipitation is much more pronounced in CT than in non-CT

conditions. As a result, it is assumed that the higher yield strength of the CT conditions is

predominately originated by the more pronounced carbide formation. These alteration in

carbide precipitation behavior might also determine the differences between the KQ values

of CT and non-CT conditions. Thus, during tensile tests the non-CT samples tempered

for 5 h and 1+4 h do not present distinct differences, although austenite stability is

varying.
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5 Summary and outlook

In prior investigations [15, 18, 25, 35, 39, 40], the influence of heat treatment on fracture

toughness properties was thoroughly analyzed for high Co-Ni steels. In these works it

is described that the precipitation of reverted austenite during tempering predominately

affects the toughness properties. However, the influence of heat and cryogenic treatment

on evolution of microstructural elements is still to clarify. Thus, the scope of this work

comprises a detailed analyses of the microstructure, of the evolution of the various phases

during tempering and of their influence on the mechanical properties.

It was found in Section 4.1 that retained austenite is present after austenitizing and

subsequent cooling to room temperature as well as after cryogenic treatment. During

tempering at 482◦C reverted austenite is formed by nucleating at retained austenite. The

reverted austenite is enriched in nickel and chromium and depleted in cobalt. Thus, a

remarkable diffusion of elements has to proceed during tempering, which takes mainly

place in the adjacent martensite, because of the higher diffusion coefficient of alloying

elements in martensite or ferrite compared to austenite. Accordingly, zones of nickel and

chromium depletion and a zone of cobalt enrichment were found in martensite by APT

measurements (Fig. 4.18) and DICTRA calculations (Fig. 4.20).

Additionally, it was found by APT measurements and kinetic calculations in Section 4.1

that the reverted austenite exhibits a concentration near the equilibrium concentration

at tempering temperature. Hence, it is suggested that reverted austenite is formed when

it is stable at tempering temperature and this is when the reverted austenite exhibits

its equilibrium concentration. As a result, it is concluded that the formation of reverted

austenite is not only influenced by Ni diffusion but also the diffusion of Co, Cr and Mo

atoms.

Furthermore, the APT investigations (Fig. 4.18) indicate that in the retained austenite

adjacent to the reverted austenite almost no elemental redistribution occurs, as the diffu-

sion of substitutional elements in FCC is neglectable at 482◦C for up to 50 h. Thus, the

retained austenite exhibits a composition, except for the carbon content, similar to the

as-quenched martensite or the overall composition of the alloy.

Moreover, it was found by APT investigations that carbon is mainly precipitated in form

of carbides due to tempering at 482◦C and thus neither enriched in reverted nor in retained

austenite. As a result of the findings from microstructure characterization, it is concluded

that the reverted austenite has a higher stability against stress or strain induced phase

99



M. Gruber Summary and outlook

transformation to martensite than retained austenite since it is remarkably enriched in

nickel, which stabilizes the austenite.

From dilatometry analyses in Section 4.2.2 it was determined that in the non-cryogenically

treated (non-CT) condition tempered at 482◦C for 5 h predominately the retained austen-

ite transforms into martensite during cooling after tempering, probably due to its low sta-

bility. Conversely, in the cryogenically treated (CT) sample tempered at 482◦C for 5 h the

retained austenite does not transform. As a result, it is concluded that this transformation

of retained austenite is significantly influenced by the application of a preceding cryogenic

treatment, which causes a transformation of the less stable austenite to martensite. Thus,

for cryogenically treated samples no transition of austenite to martensite occurs during

cooling to room temperature after tempering at 482◦C for 5 h.

Additionally, a two-step tempering treatment was performed at 482◦C, which comprises

first a tempering step of 1 h and a second tempering step of 4 h. It was found by

dilatometry investigations of this tempering treatment that during cooling after the sec-

ond tempering, no further phase transformation of austenite to martensite occurs for CT

as well as for non-CT specimens and thus no untempered martensite is present in both

of these conditions. As the austenite remains stable also in the non-CT condition after

two-step tempering, it is assumed that this two-step tempering treatment causes a similar

austenite stability than a cryogenic treatment followed by tempering.

The effect of cryogenic treatment on mechanical properties was analyzed in Section 4.3 by

tensile and fracture toughness tests. By these experiments it could be revealed that for

specimens tempered at 482◦C for 5 h the mechanical properties are strongly influenced by

cryogenic treatment, as CT samples exhibit higher yield strength and fracture toughness

(KQ) values but lower tensile strength values. It is expected that this is either an effect

of austenite stability or an effect of the influence of alternations in the carbide evolution.

Conversely, for the CT and non-CT samples tempered at 482◦C for 1+4 h distinct dif-

ferences regarding the strength but only slight differences regarding the KQ values were

observed. As for these conditions the austenite stability should be more or less the same

and no untempered martensite should be present, it was concluded that mainly the carbide

precipitation processes (Section 4.2.1) cause these differences between these conditions.

Furthermore, as the differences of carbide precipitation processes are probably caused by

the different amounts of retained austenite, it is concluded that the phase fraction of
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retained austenite has also in this regard a powerful impact on microstructural evolution

in these steel grades.

Additionally, it was determined in Section 4.3.5 that the CODi and the KCODi
values

are almost the same for the CT and non-CT conditions tempered at 482◦C for 1+4 h,

as the CODi values were 12.5 μm and 11.5 μm and the KCODi
were 108 MPa

√
m and

107 MPa
√

m, respectively. For these conditions it was found that also the austenite

stability is comparable. Conversely, the non-CT sample tempered at 482◦C for 5 h exhibits

a significantly lower CODi value (8.1 μm) and a lower KCODi
value (91 MPa

√
m) than the

CT one, which presents a CODi value of 10.7 μm and a KCODi
value of 105 MPa

√
m. Since

in the non-CT condition tempered at 482◦C for 5 h a part of the austenite even transforms

during cooling after tempering, it is suggested that the lower stability of retained austenite

deteriorates the fracture toughness (CODi and the KCODi
values) of the investigated high

Co-Ni steel.

Moreover, it was found that the crack resistance curve of the non-CT sample tempered

at 482◦C for 5 h is very flat and the COD does not raise with increasing crack extension

(Fig. 4.47). In contrast, for all the other conditions tempered at 482◦C the crack resistance

curves show an increase with increasing crack extension. But it has to be recognized that

the onset of instability occurs after a small crack extension of about 100 to 200 μm. As a

consequence, it is concluded that the low stability of the austenite in the non-CT samples

tempered at 482◦C for 5 h has not only a significant influence on the fracture toughness

but also on the crack resistance curve.

The results of this work give a new perspective on the microstructural evolution in high

Co-Ni steels. By the evaluation of the influence of retained austenite on the phase evolu-

tion and on the mechanical properties the basis for possible new developments in the field

high Co-Ni steels is laid. Moreover, by these findings the influence of cryogenic treatment

on mechanical properties could be considered from a new point of view.
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6 List of abbreviations

Δa Crack extension

A Fracture strain

Ag Uniform strain

APT Atom probe tomography

at.% Atomic percent

BCC Body-centered-cubic

BF Bright-field

COD Crack opening displacement

CODi Crack opening displacement at first void coalescence

COD160 Crack opening displacement at 160 μm crack extension

CT Cryogenically treated

DF Dark-field

DSC Differential scanning calorimetry

E Young’s Modulus

EDS Energy dispersive X-ray spectroscopy

FCC Face-centered-cubic

HCP Hexagonal-close packed

KCOD Calculated fracture toughness from COD

KQ Fracture toughness value without (check of) validation

n Work hardening exponent

Rm Tensile strength

Rp0.2 Yield strength

SEM Scanning electron microscopy

SENB Single edge-notched bend

TEM Transmission electron microscopy

TRIP Transformation induced plasticity
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wt.% Weight percent

XRD X-ray diffraction

XRF X-ray fluorescence

Z Reduction of area

α Ferrite

γ Austenite
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Abstract. For high Co-Ni steels sub-zero treatments are conducted to reduce the retained
austenite phase fraction for obtaining excellent fracture toughness properties, but in general,
cryogenic treatment has a great impact on the microstructural evolution of steels during
tempering. Hence, the aim of this work was to analyze the influence of cryogenic treatments
on the microstructural evolution of high Co-Ni steels, including carbide precipitation kinetics
and austenite phase fraction evolution, during heating to elevated temperatures. In order to
study the formation properties of carbides, the heating processes of cryogenically and non-
cryogenically treated specimens were analyzed by dilatometer measurements. Furthermore, for
determining the evolution of austenite phase fraction and hardness due to tempering, dilatometer
investigations were combined with X-ray diffraction analyses and hardness measurements. It
is revealed that sub-zero treated samples exhibit much stronger carbide precipitation signals.
This was ascribed to the lower phase fraction of retained austenite, as more carbon is available
for carbide precipitation.

1. Introduction

For tool steels, the application of a cryogenic treatment during the heat treatment, i.e.
before tempering, has a massive impact on mechanical and microstructural properties such
as enhancement of wear resistance and hardness, reduction of retained austenite phase fraction
and refinement of carbide structure [1, 2, 3, 4, 5]. Nevertheless, a cryogenic treatment is also
applied before tempering of the martensitic high Co-Ni steel Aermet R© 100 for obtaining excellent
toughness properties. Generally, high Co-Ni steels contain retained austenite, which is present
after quenching from austenitization, and reverted austenite, which forms during tempering
[6, 7]. As retained austenite in Aermet R© 100 would lower toughness values because of its low
stability, a sub-zero treatment is conducted to reduce the retained austenite content [6, 7, 8].
However, the effect of cryogenic treatment on carbide precipitation kinetics in high Co-Ni steels
has not been precisely characterized so far.

Hence, this work presents experimental results on the influence of sub-zero treatments on the
carbide precipitation kinetics and the austenite evolution during tempering of a high Co-Ni steel.
The microstructural evolution during heating was characterized by dilatometer investigations on
specimens, which were quenched to room temperature or cryogenically treated. Furthermore,



X-ray diffraction (XRD) analyses and hardness measurements in combination with dilatometer
investigations were conducted to determine the austenite phase fraction and the hardness after
various tempering treatments. It is shown that cryogenically treated samples present a more
pronounced carbide precipitation reaction during heating compared to the non-cryogenically
treated samples. It could be revealed that the austenite phase fraction affects the precipitation
kinetics, causing further microstructural differences between cryogenically and non-cryogenically
treated samples.

2. Experimental

The used material in this work was a high Co-Ni steel with 11 wt.% Ni, 13.5 wt.% Co,
2.9 wt.% Cr, 1.2 wt.% Mo and 0.22 wt.% C. The material was forged to round bars with a
diameter of 200 mm and austenitized in a vacuum furnace at 885◦C for 1 h and cooled to room
temperature with 10◦C/ min. Half of the samples were cryogenically treated (CT) in a freezing
unit at −73◦C for 1 h.

Dilatometer investigations were carried out by using a DIL 805A dilatometer from TA
Instruments (formerly BAEHR). The samples for dilatometer investigations had a diameter
of 4 mm and a length of 10 mm. The differential length change signals from the dilatometer
measurements were obtained by deriving the relative length change with respect of time. CT and
non-CT samples were heated (1st run) in the dilatometer to a maximum temperature of 620◦C
with 20◦C/ min and immediately cooled to room temperature (20◦C/ min) and additionally
reheated (2nd run) with the same parameters. Heating parameters were chosen in a way that
no significant reverted austenite formation occurs.

Austenite phase fraction and hardness measurements were carried out on CT and non-CT
samples with a diameter of 10 mm and a length of 15 mm, which were heated in the dilatometer
with 20◦C/ min to various temperatures up to 620◦C and immediately cooled to room
temperature with 100◦C/ min. XRD measurements for austenite phase fraction determination
were performed by using a D8 Discover diffractometer from Bruker AXS. Cr-Kα radiation with
a wavelength of 2.29 Å was used for measurements and for a quantitative determination of
phase fractions the Rietveld method was applied [9]. The absolute inaccuracy of phase fraction
determination was about 1-2 %. Transmission electron microscopy (TEM) investigations were
carried out on a Philips CM12 microscope. Samples were conventionally prepared by grinding
to a thickness of 80 μm and a subsequent electro polishing procedure.

3. Results

3.1. Characterization of the evolution of austenite

To study the evolution of austenite content due to tempering, austenite phase fraction
measurements were carried out on CT and on non-CT samples before heating and after heating to
200◦C, 400◦C, 500◦C and 580◦C and immediately cooling to room temperature. The results are
shown in Fig. 1. The austenite content of the non-CT sample without tempering is approximately
6.5 %. By performing a cryogenic treatment the austenite content decreases to 3.5 %. After
heating the cryogenically treated samples to different temperatures, the austenite phase fraction
does not change significantly, whereas heating of the non-cryogenically treated samples beyond
400◦C leads to a marked decrease of austenite content to about 4.5 %. For analyzing this decrease
of phase content more precisely, the relative length change curves, obtained from dilatometer
experiments, were studied. Fig. 2 depicts the dilatometer cooling curves of the non-cryogenically
treated samples after tempering to 400◦C, 500◦C or 580◦C. A distinct phase transformation can
be observed for the samples, which were annealed to 500◦C and 580◦C, as indicated by the volume
increase during cooling compared to the sample, which was annealed to 400◦C. Since the phase
transformation is accompanied with a volume increase, it is attributed to a transformation of
austenite into a bcc phase, e.g. martensite. Furthermore, these dilatometer investigations also



reveal that the reduction of austenite content of the non-CT samples occurs during cooling from
the tempering treatment.

For characterizing the retained austenite more precisely, TEM investigations were carried
out. Fig. 3 shows a TEM bright-field image of the microstructure of the investigated steel. The
material exhibits a martensitic matrix after austenitizing and quenching to room temperature.
Retained austenite films are present along martensite lath boundaries, as indicated by the arrows.
It is estimated that austenite films have a thickness between 3 nm (detection limit) and 40 nm.
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Figure 1. Austenite phase fraction of
cryogenically and non-cryogenically treated
samples after heating in the dilatometer to
various temperatures up to 580◦C (heating
rate: 20◦C/ min) and cooling down to room
temperature (cooling rate: 100◦C/ min). The
non-cryogenically treated samples exhibit a
decrease of austenite phase fraction, when
tempering is conducted beyond 400◦C.
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Figure 2. Relative length change of
dilatometer cooling curves after heating of
non-CT samples to 400◦C, 500◦C or 580◦C
and subsequent cooling (100◦C/ min). A
transformation of austenite occurs during
cooling for the non-CT samples, which were
annealed to 500◦C or 580◦C. For a better
comparability, the curves were shifted along
the y-axis. Therefore, no scaling of the y-axis
is shown.

Figure 3. TEM bright-field image of the
martensitic microstructure after austenitizing
at 885◦C for 1 h and quenching to room
temperature. Retained austenite is present
at martensite lath boundaries, as marked by
the arrows.



3.2. Detailed analyses of the tempering behavior

For a detailed characterization of the processes, taking place during tempering of CT and non-CT
samples, dilatometer analyses were conducted. In Fig. 4 the relative length change during heating
of CT and non-CT samples is plotted as a function of temperature. Generally, the heating curves
of both conditions exhibit differences. The most significant difference is observed in the range
between 250◦C-350◦C, as CT samples exhibit a more pronounced deviation from the linear
expansion. For a more precise characterization of the phenomena, which occur during heating,
the derivatives of the relative length change curves were calculated as depicted in Fig. 5. These
curves show three main reactions, which are indicated by the numbers 1 - 3, respectively. The
first effect during heating in the range between 100◦C and 200◦C may be attributed to transition
carbide precipitation, as this process generally occurs in the temperature range between 80◦C
and 200◦C and causes a reduction of volume [10, 11, 12]. The second effect, which also causes
a reduction of volume, occurs in the temperature regime between 250◦C and 400◦C and can be
assigned to cementite precipitation [10, 11, 12].

There are distinct differences between CT and non-CT samples regarding cementite
precipitation properties, as precipitation is more enhanced for CT samples. This is also observed
for the processes, which start at temperatures above 450◦C - 500◦C. These processes are ascribed
to secondary hardening carbide precipitation, because the formation of these carbides generally
proceeds in this temperature range and would cause an increase of length [6, 10, 13, 14, 15].

The dilatometer curves of both conditions do not show any increase of length in the range
between 200◦C and 350◦C, which is typical for austenite transition into ferrite and carbides or
bainite [10, 11, 12, 16, 17]. Hence, it is suggested that austenite stays stable and no austenite
transformation occurs during heating. This is also supported by austenite phase fraction
measurements, where no reduction of austenite phase fraction occurs up to temperatures of
400◦C.
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Figure 4. Relative length change curves of
dilatometer heating experiments of cryogeni-
cally and non-cryogenically treated samples.
The heating rate was 20◦C/ min. Generally,
the curves of CT and non-CT conditions ex-
hibit a different behavior, which is indicated
by the lower expansion for CT compared to
non-CT samples during heating.
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Figure 5. The derivatives of the relative
length change curves obtained from dilatome-
ter heating experiments of the 1st and the 2nd
run of CT and non-CT samples. The heat-
ing rate was 20◦C/ min. The effect 1 can be
attributed to transition carbide precipitation,
the effect 2 to cementite precipitation and the
effect 3 is ascribed to secondary hardening
carbide formation.



For correlating the results of the dilatometer analyses, hardness measurements were carried
out after various tempering treatments. The results are shown in Fig. 6. It is revealed that
the hardness of the CT samples is higher compared to the non-CT samples after tempering up
to temperatures of 500◦C. After tempering beyond temperatures of 500◦C the hardness of CT
and non-CT conditions is the same. A decrease of hardness values for both conditions can be
observed between 200◦C and 400◦C (process 2, shown in Fig. 6), which corresponds, according
to dilatometer analyses, to the region of cementite precipitation. Additionally, the raise of
hardness, which occurs for CT and non-CT samples in excess of 400◦C can be attributed to
secondary hardening carbide formation, which supports the results from dilatometer analyses.
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Figure 6. Hardness measurements of
the CT and non-CT samples after heating
(20◦C/ min) to various temperatures up
to 620◦C and cooling to room temperature
(100◦C/ min). The reduction of hardness can
be related to cementite formation (2). The
large increase of hardness (3) is caused by the
formation of secondary hardening carbides.

4. Discussion

The influence of cryogenic treatments on the microstructural evolution during heating was
analyzed. It is identified that CT compared to non-CT samples exhibit a more intense
cementite formation between 250◦C and 400◦C and more pronounced secondary hardening
carbide precipitation above temperatures of 450◦C - 500◦C.

By XRD measurements, the austenite phase fraction of the cryogenically treated sample
without tempering was determined with approximately 3.5 %. Due to tempering, the austenite
content of the CT samples does not change significantly. Hence, it is suggested that for the CT
samples neither austenite formation nor austenite transition occurs during tempering. This is
also in accordance with the dilatometer heating and cooling (not shown here) curves, as they do
not show any indication for austenite transformation. Conversely, the austenite phase fraction
of the non-CT samples, which is about 3 % higher compared to the CT samples after tempering
up to temperatures of 400◦C, decreases due to tempering at higher temperatures. This decrease
of the austenite phase fraction is identified to occur during cooling by dilatometer investigations.
As the transformation of austenite is accompanied with an increase of volume, it is expected
that austenite transforms into a bcc phase, e.g. martensite.

The lower hardness values of the non-CT compared to the CT conditions after tempering up to
temperatures of 500◦C can be ascribed to the higher austenite phase fraction of non-CT samples.
Since the austenite of non-CT samples partially transforms upon cooling after tempering above
temperatures of 500◦C into martensite, the hardness values of the non-CT and CT conditions
are comparable, as also the austenite phase fraction is in the same range.

The decrease of hardness between 200◦C and 400◦C can be attributed to a reduction of
carbon content in martensite. This reduction of carbon content is a result of carbon segregation
to lattice defects, e.g. dislocations, which is followed by the formation of carbides such as
cementite. However, the reduction of carbon in martensite causes a decrease of tetragonality,
which is accompanied with a stress relief in martensite. This process causes a reduction of



hardness, whereas the formation of cementite principally produces an increase of hardness. As
the increase of hardness produced by cementite formation is to neglect compared to the hardness
reduction due to the relief of stresses in martensite, the hardness decreases in the temperature
range between 200◦C and 400◦C.

Furthermore, it is observed that the decrease of hardness in the temperature range between
200◦C and 400◦C is as high for CT samples as for non-CT samples. As carbon diffusion out of
martensite causes this hardness decrease, it is assumed that for CT and non-CT conditions an
equal reduction of carbon content in martensite occurs. In contrast to that, it is observed
by dilatometer analyses that the cementite precipitation reaction for CT samples is more
intense, indicating that more carbon is available for cementite formation in CT samples as in
non-CT samples. Since it is suggested that a significant amount of carbon may also diffuse into
austenite, the lower austenite phase fraction of CT samples compared to non-CT samples (in the
temperature range between 200◦C and 400◦C) is probably the reason for the higher availability of
carbon for cementite precipitation in CT samples. Generally, austenite has a higher solubility for
carbon than martensite. Therefore, carbon is eager to diffuse from the supersaturated martensite
into austenite. As non-CT samples exhibit two times as much austenite as CT samples in this
temperature region, also the amount of carbon which can dissolve in austenite is twice as much.
By assuming a maximum carbon enrichment in austenite of 2 wt.% [18, 19, 20], the non-CT
samples can dissolve 0.12 wt.%, whereas the CT samples are only able to dissolve 0.06 wt.% of
carbon in austenite. Consequently, less carbon is available for forming cementite in the non-CT
samples, resulting in a smaller reaction peak for cementite formation.

The increase of hardness beyond temperatures of 400◦C is assigned to be a result of secondary
hardening carbide precipitation, which may also be influenced by the preceding precipitation
processes. Thus, the carbide precipitation reaction in the CT samples is more intense, which was
also determined by dilatometer analyses. Alterations in the carbide structure due to cryogenic
treatment are also described by Das and Huang et al. [1, 4].

Secondary hardening carbide precipitation near or at the interface between retained austenite
and martensite would cause a reduction of carbon content in austenite. Generally, this reduction
leads to a decrease of the stability of austenite [21]. Conversely, cryogenic treatment would cause
an enhancement of the stability of austenite, as it is explained in the following. It is expected
that the thickness of retained austenite particles varies, as estimated by Fig. 3. Waitz et al.
[22] reported that larger austenitic particles exhibit a lower stability. As cryogenic treatment
causes a partially transformation of retained austenite, it is estimated that due to the cryogenic
treatment a transformation of the larger, less stable austenitic regions takes place. As a result, for
CT samples the less stable austenitic particles have already transformed during the cryogenic
treatment. Hence, no transformation of austenite occurs during cooling of the CT samples
after heating to temperatures beyond 400◦C. Conversely, during cooling of the non-CT samples
some austenite transforms, proving its lower stability. This transformation of austenite into
martensite, produces an increase of hardness for the non-CT samples, which overlaps with the
increase of hardness due to secondary hardening carbide precipitation. Hence, no comparison
between CT and non-CT samples regarding the hardness increase due to formation of secondary
carbides can be carried out.



5. Conclusion

The investigations on the effect of cryogenic treatment on the microstructural evolution during
tempering of a high Co-Ni steel leads to the following conclusions:

• Cryogenic treatment causes a reduction of austenite phase fraction. This reduction is
probably accompanied with a stabilization of austenite, as the less stable austenitic regions
transform during the cryogenic treatment. Conversely, tempering causes a destabilization
of austenite because of carbon reduction in austenite due to secondary hardening carbide
formation. As a result of these opposing processes, the austenite of the CT samples does
not transform due to the stabilization of austenite by the cryogenic treatment. In contrast,
the austenite of the non-CT samples transforms upon cooling when tempering is conducted
beyond 400◦C, i.e. in the temperature range of secondary hardening carbide precipitation.

• Due to the higher austenite content of the non-CT samples during tempering in the
temperature range between 200◦C and 400◦C, a higher amount of carbon can be dissolved
in austenite. Thus, less carbon is present in martensite, causing a reduction of the intensity
of the cementite precipitation reaction compared to the CT samples.

• The precipitation of secondary hardening carbides may also be influenced by the preceding
precipitation processes. As a result, the CT samples also exhibit a more pronounced
secondary hardening carbide precipitation.
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