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D. Hochauer Introduction

1. Introduction

In the field of cutting applications, hard coatings are utilized in order to increase tool
performance since the late 1960-ies [1]. These hard coatings offer retarded tool wear,
increased cutting speed and extended abilities concerning difficult-to-machine materials. For
cemented carbide cutting tools — which are resistant to elevated temperatures — thermal
chemical vapor deposition (CVD) was the first coating synthesis method and it is still
dominating nowadays. While the first wear protective hard coatings were carbides and
nitrides, alumina (Al,O3;) was introduced in the 1970’s [2]. Its most prominent benefits are
high chemical stability, high hot hardness and rather low thermal conductivity. Although
other types of oxides have been investigated [3, 4], the utilization of alumina as an oxide
component within commercial CVD coating architectures is unrivaled. Earlier CVD alumina
studies were concerned with basic deposition parameter variations and stabilization conditions
for specific alumina polymorphs. Following, the microstructure of alumina was characterized
in detail [5]. The resulting knowledge allows to control the growth of a specific alumina
polymorph with improved adhesion and selected texture [6, 7]. However, only a few studies
are published concerning the improvement of CVD alumina coating properties by intentional
incorporation of dopants, although there are promising references for bulk alumina.
Therefore, the present thesis focuses on doping and alloying of CVD alumina and advances
two experimental approaches: First, previous studies with the doping elements titanium and
boron [8] were continued and extended on production-scale deposition units. Second, new
doping elements were investigated on laboratory-scale, which involved the selection of

dopant precursors with regard to their handling and process compatibility.
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2. Alumina

2.1. Alumina phases

Within the binary equilibrium phase diagram of aluminum and oxygen (Fig. 1), there are two
solids (Al(s), a-Al,Os(s)), two immiscible liquids (Al(l), a-Al,O5(1)) and the gas phase, which
consists of oxide species as well as the single elements. The solubility of oxygen in aluminum
1s unknown but small and stoichiometric deviations of the a-Al,Os; compound are also
supposed to be small [9]. There is no stable, condensed phase with an atom ratio of
Al/O < 0.6 and the reported existence of oxides with an Al/O ratio significantly deviating

from the value of 2/3 is not well established.
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Fig. 1. Al-O binary phase diagram (condensed system) [10]

Beside the stable, amphoteric, hexagonal a-Al,O3 (also denoted as corundum, sapphire or o-
alumina), there are several metastable polymorphs (y, o, ¥, n, 0, %), but all Al,O3 species are
composed of close-packed layers of oxygen with different stacking sequences and different
cation locations (tetrahedral and octahedral sites of the anion sublattice)[9, 10]. The crystal

structures of a-Al,O3 and k-Al,O3 as the most important ones in CVD technology are

S0
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displayed in Fig. 2. Which alumina polymorph is present, depends on the synthesis method,
starting material (e.g. the kind and condition of aluminum hydroxide mineral), temperature
and atmosphere [11]. For a calcination process, starting with submicron sized gibbsite, the
process of dehydration starts quickly at ~200°C but is not finished until a temperature of
about 800°C is reached [12]. There, gibbsite transforms to hydrous y-Al,O3, which transforms
to anhydrous xk-Al,Os; and «-Al,Os;. Different starting materials consequence other
transformation series, e.g. diaspore transforms directly to o-Al,O; at a relatively low
temperature (450-600°C). However, for some alumina polymorphs (n-Al,Os;, v-Al,O3, ...),

the question concerning their degree of hydration is not clearly answered [9].

<-ALO O oxygen ion e octahedral aluminum ion o tetrahedral aluminum ion
2 ! .

Fig. 2. Crystal structure of a-Al,O3 (upper row)[13] and k-Al,O3 (lower row)[14], displaying double layers of
oxygen ions with aluminum ions above. The stacking sequence for the oxygen anion sublattice is indicated with
capital letters. For a-Al,Os, the hexagonal and the rhombohedral unit cells are indicated with solid straight lines
and the first four double layers are drawn. The three possible positions for the aluminum vacancy (octahedral)
are labeled with Greek letters. The complete stacking sequence (ABABAB) contains a fifth (A stacking) and a
sixth double layer (B stacking) with aluminum vacancies in the § and y position. For k-Al,O; the complete
stacking sequence is drawn (ABAC) and the orthorhombic unit cell is indicated with solid straight lines. Unlike
a-Al,O;, the aluminum ions are located within octahedral and tetrahedral interstices of the oxygen sublattice.

For the deviations of the atom position from the ideal (unrelaxed) lattice shown here, see [15-17].
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Comparing aluminum oxide to other oxide ceramics (see Table 1) indicates a relatively high
thermal conductivity, an average melting point and a high hardness of alumina. Self-diffusion
within alumina — which is very sensitive to low concentrations of impurities — seems to be a
difficult topic, since the published studies are far from consistent although decades of
scientific work are spent [18, 19].

Apart from the synthesis of bulk alumina starting from aluminum hydrates, also CVD is a
possible route, where a-, k- y- and 0-Al,0; phases are reported [1, 20, 21]. Alumina
properties and the formation of the specific alumina polymorphs are influenced by the type of
CVD precursor, deposition rate and gas phase additives, but deposition temperature is the
main parameter. For example, below a deposition temperature of ~800°C, amorphous
aluminum oxide is formed [22]. Furthermore, the deposition conditions during alumina
nucleation [7] and surface treatment procedures of the substrate [23] are crucial. However, the
detailed description of the transformation from a metastable alumina polymorph to the stable
a-Al,O; would need an experimental observation of the very first stage of transformation

nucleation [9], which is not available in literature.

Table 1

Comparison of selected oxide ceramic materials [24]

Ceramic melting point density thermal conductivity hardness
[°C] [gem™] [Wm'K"] [GPa]

AlLOs 2015 3.9 34 19.1

HfO, 2750 10 1.6 15

Si0O, 1610 2.2 12 6-10

TiO, 1850 4.25 8 11[25]

V4(0)} 2700 10.2 3 17

Y,0; 2690, 2439 [26] 5126] 14 [27]
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2.2.Ternary systems

Apart from the rather scarce cases of complete (e.g. Cr,O3) and partial solubility (e.g. Ga,03),
there are generally low solubility limits determined for doping elements within the a-Al,O3
lattice. This finding is confirmed by calculations, which show high formation energies for
interstitial and substitutional atoms within the a-Al,O; lattice [28, 29]. For example,
quasibinary oxide phase diagrams [30] show no solubility for the oxides of Si, V, U, Sn, Ti
and B within alumina. Moreover, the reported solubility of Y>Os in a-Al,O3 suggested at high
temperatures (~5 mol.% at 1860°C) [30], turned out to be almost inexistent (<10 ppm) [31,
32]. Consequently, doping and alloying of alumina often causes segregation at interfaces [33]
or the formation of additional phases [32, 34]. Most data concerning the solubility limits refer
to bulk material (Table 2) and there are no quantitative investigations concerning doping
element concentration for CVD alumina coatings found, but a few qualitative studies

concerning the influence of impurities and dopants [35-37].

Table 2

Solubility limits for selected elements within alumina

Element Solubility Temperature range / K Influence Reference
Mn 0.5% - enhanced densification [38]
Mg max. 132£11 ppm 1600°C [39]
faster pipe diffusion, 6x [40]
Ca <30 ppm 1900°C [41]
Si <300 ppm 1900°C [41]
Y <10 ppm - less creep, higher toughness [31,32,42]
Ti 1.0/ 2.5 mol % Ti,O; 1400/ 1700°C [43]
~500 ppm 1530°C [44]
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2.3. Technological properties

2.3.1. Chemical stability

In the field of cutting, a pronounced chemical stability is reported for CVD alumina coatings
[45, 46], which is one of the advantages of ceramics compared to other classes of materials,
while others are high hardness, high melting point and good wear resistance. Nevertheless, the
corrosion resistance of alumina might be inferior to other engineering ceramics like silicon
carbide or zirconia [47] and the amphoteric character of aluminum allows alumina dissolution
in acids as well as in bases. Investigations concerning the acid and alkali corrosion resistance
of alumina often show that additives or impurities, existing at grain boundaries, are the main
reason for alumina corrosion, where increasing synthesis temperature improves the chemical
stability [48, 49]. Most cutting conditions are rather chemically neutral (apart from wood
cutting [50]) where an alumina top-layer offers good oxidation protection for the base-layers
and/or the substrate. In particular, this oxidation resistance is superior to most of the common
wear resistant nitride or carbide coatings, which oxidize already around 600°C [51-53].
However, with regard to chemical stability, the addition of doping elements could also lower
the inertness of an alumina coating, due to segregation at grain boundaries or due to the

formation of a second phase with a lower chemical stability [49].

2.3.2. Thermal properties

The thermal properties of alumina are closely related to the present alumina polymorph. Not
only their different thermal data, but also transformations of polymorphs have major
influences (see section 2.1). Moreover, the microstructure, influenced by the desired
polymorph and the chosen synthesis route, represents an additional effect on thermal
properties [54, 55]. The thermal conductivity and the coefficient of thermal expansion (CTE)
are decisive thermal parameters for wear resistant coatings used in cutting application. A low
thermal conductivity is favorable, because of the accompanied thermal shielding which results
in lower temperatures within the cutting tool. Values of thermal conductivity are listed in
Table 3 for a few selected alumina polymorphs as well as two alloyed alumina materials.
Beyond microstructure (porosity, grain boundaries, ...), two further influences are the
crystalline structure and the lattice point defect density. A more complex crystal structure

(e.g. an increased number of atoms per unit cell) and an increased density of point defects are

-6 -
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related to a lower thermal conductivity. Similar to other point defects, impurities (e.g. solid
solution) are related to a decrease of thermal conductivity. Hence, different values of thermal
conductivity for similar ceramic materials are often attributed to small amounts of additional
elements [54, 56].

For all compound materials, different CTE’s are connected to internal stresses, for example
thermal stresses within coatings deposited at high temperatures on a substrate different from
the coating. Obviously, a bigger difference in CTE and more pronounced changes in
temperature increase the stresses generated within different materials and their interfaces. The
CTE’s for a-Al,O3 and k-Al,Oj3 are given in Table 4, showing a lower and more temperature-
dependent value for x-Al,O;. In addition, materials relevant for the deposition of CVD
alumina on cutting tools are enclosed. CTE’s above (TiN) and below (TiC, AIN) the values of
alumina indicate the possibility for designing interlayers with matching CTE by alloying these
components and/or varying their composition gradually. This fact may partly explain the
successful application of these components in combination with alumina in CVD coating

systems [1, 57].

Table 3

Thermal conductivity at 273 K (A,73) and measured within a certain temperature range (Ar)

Material M7z / Wm' K! A/ Wm'K! Temperature / K
sapphire (single crystal) [56] 40 170 —13 120 — 800

bulk alumina (polycrystalline) [54] - 9-5 800 — 1400
a-ALO;5 (CVD, crystalline) [56] 26 30-13 200 — 600
K-ALO; (CVD, crystalline) [56] 7.4 14-5 80— 600
a-AlLO; (PVD, amorphous) [58] 1.6 0.6-1.9 80 — 400
Y;Al50,, [59] 13.5 140 - 11 60 —300

bulk Al;sB4Os; [55] ~6 6-4 300 —-900
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Table 4

Coecfficients of thermal expansion (CTE) and the related temperature range

Material CTE/10°K" Temperature / K source
a-AlLO; (CVD) 8.3 298 — 1073 [24]
bulk a-Al,O; 83-95 298 [60]
k-ALO; (CVD) 3.8-8.1% 296 - 1110 [61]
TiN 9.5 [62]
9.35 298 [60]
TiC 7.6 [62]
7.4-8.8 298 [60]
TiO, 9.0 273 - 1273 [24]
AIN 43 298 - 673 [24]
Cemented carbide (WC/Co) 45-6 [62]
5.7 298 [60]
50-7.0 293 - 673 [63]

* different lattice directions specified

2.3.3. Mechanical properties

Bulk alumina is a comparatively hard oxide ceramic (cf. Table 1), showing a hardness value
almost linearly decreasing from 15 — 20 GPa at room temperature to a value below 5 GPa at
1400°C for single crystal sapphire and sintered aluminas (Vickers hardness, 4 kg load,
vacuum: 107 Pa) [64]. Reported approaches for hardness enhancement are decreasing the
porosity [65], diffusion treatments [66] and ion-implantation [67, 68]. At room temperature,
the Young’s modulus is in the range of 400 — 600 GPa, where single crystalline sapphire
shows a slightly higher value than polycrystalline alumina [67, 69]. For polycrystalline bulk
alumina, grain boundary slip begins to affect high temperature Young’s modulus above
950°C [69]. On the other hand, ion implantation processes do not influence the Young’s

modulus as long as crystallinity is not destroyed [67, 68] but a combined implantation and

-8-
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heat treatment process causes lower values [67]. lon-implantation also increases residual
compressive stress and fracture toughness and high-dose ion-implantation consequences a
more ductile behavior of alumina, due to lower crystallinity and high residual stresses [70].
Cracking within alumina is reported to be initiated by prior plastic deformation, where
polycrystalline alumina plastifies at a lower stress level, causing fatigue fracture at lower
loads compared to single crystalline sapphire [71].

CVD alumina coatings also show a decreasing hardness from ~23 GPa at room temperature to
~7 GPa at 1000°C (Vickers hardness, 0.05 kg load, vaccum: 107 Pa) [72]. Compared to other
common wear resistant hard coatings, alumina shows similar or lower hardness at room
temperature but higher hot hardness (Fig. 3). For example at 600°C, the hardness of a CVD
alumina coating is comparable to the hardness of a CVD TiC coating which is harder at lower
temperature, but comparatively softer at temperatures above 800°C. At temperatures ranging
from 0 — 1000°C, TiN CVD coatings tend to be slightly softer than alumina, while TiCN
CVD coatings can be significantly harder than alumina at room temperature but their hot

hardness is not reported [52].
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Fig. 3. Temperature influence on hardness of CVD coatings (TiN, TiC, Al,O;3)

compared to a cemented carbide substrate material (WC/Co) [72].
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The hardness of a-Al,Os; and k-Al,O; is controversially discussed in literature, but
measurements performed within the present thesis (Fig. 4) — showing a higher hardness for
a-Al,O3; compared to k-Al,O3; — are in good agreement with a recent publication [73]. One
reason for ambiguous results within different studies is reported to be a confusion of
“transformed k-Al,O3” and “as-grown a-Al,O;”. Nevertheless, from the hardness point of
view, a clear distinction of “transformed k-Al,Os;*“ (i.e. a-Al,Os; present after a k-a-
transformation) and x-Al,O; is still missing [73, 74]. Another topic is the influence of coating

texture on hardness, which is already suggested by the anisotropic behavior reported for bulk
alumina [68] and plasma-sprayed alumina coatings [75]. Apparently, (1 01 4) textured

a-Al,O5 coatings show an increased hardness for certain deposition conditions, but it remains
unclear whether a (0 0 0 1) texture causes a comparatively lower hardness value [76] or not
[73]. Moreover, an investigation of the k-Al,O3 hardness for different crystal orientations is
not yet found in literature. However, compared to a-Al,Os there is a lower resistance against
cyclic loading reported for the k-Al,O3 polymorph [77], but this study does not comment on
different interface types and coating thicknesses for the investigated coatings. Within the
same work, the similar behavior of a 1 um grain-size a-Al,O3 (~6 um thick) and a 4 um

grain-size a-Al,O3 (~8 um thick) coating is remarkable.

450

1| surface polished

4004 oad: 1-50 mN %‘ ffffffffffffff } ---

350

E/GPa

300 -
250 ;-/
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28 1
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18 , . , :
MT-TiCN HT-TiCN MT-TiCN HT-TIiCN

base-layer base-layer base-layer base-layer
x-Al 2O3 1<-AI203 oc-AI203 oAl 2O3

Fig. 4. Hardness measurements, performed at room temperature with a UMIS-II system, using
fifty indents for each measurement of a-Al,0O5 and k-Al,O; layers on different TiCN

base-layers deposited at medium temperature (MT) and high temperature (HT).
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2.3.4. Tribological properties

Friction — loss of energy® — and wear — loss of material* — are phenomena both arising from
the same set of mechanisms, and the science describing both, these mechanisms and
phenomena is called tribology. Distinguishing rolling and sliding is useful, but most rolling
contacts contain at least small sliding components and the following focuses on the case of
sliding. Listing the wear mechanisms shown in Fig. 5 is a very common approach, but still
represents interdependent processes. Adhesion and abrasion are directly generating friction
forces and all mechanisms may directly cause wear. Nevertheless, the occurrence of ¢) and/or
d) would indirectly influence the friction. Abrasion is often divided into two-body- and three-
body abrasive mechanisms, where the former is limited to asperity interaction and the latter
includes hard particles located between the moving faces.

The friction behavior of engineering ceramics is affected by their low ductility which favors
an elastic asperity contact (low energy dissipation, i.e. little contribution to friction), except at
high temperatures. On the other hand, fracture occurring in the sliding contact might provide
the possibility of energy dissipation and increase friction. Although adhesive forces are
present, the high friction coefficient values (p) of pure non-oxidized metals are not observed
for ceramic-ceramic contacts which show typical friction values ranging from 0.25 to 0.8. The
presence of gaseous or liquid water lowers the friction of oxide ceramics as they form
hydrated surface layers. Hence, despite the general chemical inertness of ceramics, such
tribochemical effects are responsible for the influence of different atmospheres on friction.
Within a sliding contact, locally increased temperature as well as mechanical activation may
accelerate surface reactions and film formation (lower p) but also could remove adsorbed
water and increase p [78]. Additionally, higher temperatures favor plasticity which affects p
as the contact zone is not mainly elastic anymore. The influence of sliding speed on interfacial
temperature and tribochemical processes is also considered to explain the huge variation of p
for some ceramics at different sliding speed (SiC, Si3N4, Al,O3, ZrO,) [79], compared to the

weak dependence of p on sliding speed observed for metals [80].

* more precisely defined, for example [81]:
Friction is the resistance to motion which is experienced when one body moves tangentially over another with
which it is in contact.

Wear is the removal of material from solid surfaces as a result of one contacting surface moving over another.

-11 -
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Hard

Fig. 5. Schematic presentation of wear mechanisms: adhesion (a),

abrasion (b), fatigue failure (c) and chemical reation (c).

The wear behavior of engineering ceramics is also determined by their low plasticity and
tribochemical processes. The latter are more relevant for ceramics than for metals, but wear
phenomena might show more similarities between the sliding of ceramics and the sliding of
metals than friction does. According to the discussion above, surface reactions and film
formation also influence wear, but the tendency is not predetermined. Depending on factors
like surface reaction velocities, stability of the tribochemical film and load, this processes
either show protective character or material consuming character, i.e. lower or higher wear,
respectively. Although the low plasticity of ceramics increases the chance for brittle fracture —
and limits the structural application of ceramics — under sliding conditions a good
performance is frequently observed. Apart from the temperature, the occurrence of plastic
flow or brittle fracture also depends on the crystallographic orientation. For example, sliding
on single crystals of Al,Os parallel to prismatic planes in the c-axis direction leads to
extensive fracture, whereas in other directions on these planes, or on the basal plane, it is
accompanied by plastic flow [79]. Apart from film formation, water also influences the wear
behavior as it increases the crack growth rate of some oxide ceramics (e.g. alumina), which
fosters brittle fracture and severe wear. Additionally to this effect, the increased wear of
alumina or zirconia in the presence of water is also attributed to an increased surface
plasticity.

-12 -
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Cc ¢
Sliding bearing Rolling wheel on road Metal cutting

d / e f
Mining Magnetic storage systems Human joint

Fig. 6. Selected applications with different contact conditions in relative motion [81].

In spite of the low number of basic tribological mechanisms (cf. Fig. 5), their combinations
cover a wide field of practical applications with very different characteristics, e.g. pointing
out the huge difference between rolling and sliding contact. Fig. 6 presents an arbitrary
selection of tribological systems, indicating the differences for systems which are mainly
determined by sliding condition (Fig. 6a,c.e,f). For example, while a memory-disc/reading-
head combination (Fig. 6e) does not deviate much from a standard pin-on-disc testing
configuration, cutting definitely does (Fig. 6¢). The latter combines two different sliding
regimes, one at the rake face (label R, Fig. 6¢) and one at the flank face (label F, Fig. 6¢),
separated by the cutting edge region. Temperature load, normal pressure and chemical attack
are more severe at the rake face, while abrasion dominates at the flank face. During the
cutting process, most of the heat is generated by the mechanical deformation of the chip.
Hence, the higher temperatures at the rake face [82, 83] are caused by the higher temperature
of the chip, compared to the workpiece material passing the cutting tool at the flank face.
Additionally, the sliding of the chip on the rake face generates heat, the contact zone is bigger
and the heat transfer is more efficient (normal pressures up to 1200 MPa) [81, 84].
Consequently, the hot chip — which is softer and less abrasive — could plastify [85] or solute
[86] cutting tool surface material. For the same reason, the lower temperatures at the flank
face are related to a harder workpiece material which rather abrades the cutting tool, in
particular if a hard phase is present within the workpiece. Of course, friction, wear and the
generated heat are influenced by cutting parameters like cutting speed, lubrication, feed rate,
infeed rate and cutting geometry. For example, adhesive wear is often related to lower cutting

speeds.
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Coatings are a possibility to improve the performance of cutting tools by decreasing friction
(less heat, lower cutting forces), abrasion (due to high coating hardness), adhesion and
diffusion (higher chemical stability of the coating). These coatings must be adapted to the
specific cutting application as well as to the utilized cutting tool substrate material. Hence,
commercially cutting tools more often than not comprise a multilayer coating architecture,
e.g. consisting of a bonding-layer [87, 88], a base-layer, a modification layer and a top-layer
[1]. The sequence of materials, epitaxial interfaces, graded compositional transitions and
adjusted layer thicknesses should provide optimal coating adhesion, hardness, toughness and
chemical stability. However, a multilayer coated tool consequences an even more complex
tribological system. For example, an alumina/TiCN coated turning tool [85] possesses an
alumina surface first. But, for longer cutting times, two different layers of the coating system
— alumina and TiCN — are simultaneously forming the contact area between workpiece
material and cutting tool at the flank face. Even for severe cutting conditions, the temperature
at the flank face is assumed to be lower than 900°C [85]. At these temperatures, alumina and
TiCN show a comparable hardness (cf. Fig. 3). This means that abraded alumina particles will
not cause severe damage in the TiCN and vice versa, which could improve the overall
abrasive resistance. Compared to the flank face, the rake face of this coating system is
reported to show lower wear (~50%) and the tribological behavior of the rake face is mainly
determined by the alumina layer [85, 89]. Beneficially, the thermally insulating alumina layer
(cf. Table 3) protects the tool against the high temperatures at the rake face. Nevertheless, due
to the high temperature loads at the alumina surface, the main wear mechanism is reported to
be plastification but not diffusion or dissolution wear. The latter are unlikely due to the low
solubility of alumina within the workpiece material, in particular steel. Under these
conditions, metastable k-Al,Os is likely to transform to stable o-Al,Os;, but no crack
formation is observed, which is attributed to the coating plasticity in combination with the
high normal pressures [85, 89].

This example, presented from the coating point-of-view should point out the serious
complexity of tribological processes involved in cutting. Considering further influences like
the kind of cutting operation (e.g. drilling, turning, milling, ...), cutting parameters (see
above), the fine-geometry of the cutting edge, different workpiece material and its special
condition (e.g. heat treatment, precipitations, inclusions, impurities, ...) gives a huge number
of different tribological contact situations, which is reflected by the extensive variety of

commercial cutting tool products.
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3. Coating synthesis

3.1. Chemical vapor deposition

The utilization of gaseous precursor materials, which are introduced into a reaction chamber,
in order to synthesize a solid coating is called chemical vapor deposition (CVD). The
necessary surface reaction usually is thermally activated, for example by high temperatures or
by laser-assistance. The feed of less stable precursor compounds (e.g. metal-organic CVD)
consequences chemical reactions which are activated at lower temperatures, but the widely
used halide precursor gases are more stable and the deposition temperature often is in the
range of 950 to 1150°C (thermal CVD). Further, deposition processes are distinguished,
whether the reactor wall, the substrate and the gas mixture is heated (hot-wall CVD, the
reactor wall is also coated) or if only the substrate is heated (cold-wall CVD) [45]. For the
latter, the energy might be supported inductively, with laser or with microwave [90]. Apart
from the deposition temperature, the deposition pressure plays a major role, as internal gas
stream velocities (i.e. residence times) and boundary layer thickness (i.e. reactant diffusion to
the substrate surface) are depending on pressure. Hence, pressure influences the homogeneity
of the deposition process within the reactor, but also the supersaturation of the precursor gases
is an important deposition parameter. Fig. 7 illustrates the basic steps involved in a CVD
process. Concerning the surface reaction rate limits, “mass transport controlled” and “surface
kinetics controlled” regimes are distinguished. The former describes the case where the
diffusion from the laminar gas stream to the surface (via the gaseous boundary layer) occurs
slower than the reaction of adsorbed species, and vice versa is valid for the latter. Fig. 8
displays the influence of deposition temperature and pressure on the heterogeneous deposition
rate. Higher temperatures and lower pressures are suppressing the mass transport controlled
regime, due to increased diffusion and decreased boundary layer thickness, respectively.
Usually the surface kinetics controlled regime offers a more uniform deposition within the
reactor, whereas fewer deposition processes might be operated in the mass transport
controlled regime — aiming for maximized deposition rates. Eventually, deposition rates drop
at still higher temperatures (e.g. close to the ordinate in Fig. 8) due to homogenous deposition,

i.e. formation of solids within the gas stream and not at the substrate surface [24, 57].
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Fig. 7. Schematic illustration [91] of the basic process steps involved in CVD: gas feed (1), heterogeneous
reaction (2), homogeneous reaction (3) and gas exhaust (4). The heterogeneous reaction comprises
transport of the reactants through the boundary layer and adsorption (2a), chemical reactions at the

substrate surface (2b), nucleation and growth (2¢) and desorption of by-products (2d) [57, 92].

Thermal hot-wall CVD utilizing halide precursors was the first method for alumina coating
deposition in the 1970-ies [2, 93]. A common precursor gas composition contained species
like AlICl;, CO,, H; and the carrier gas species were chosen from Ar, N, or H,. In the early
1990’s, Fredriksson and Carlsson nicely reviewed the basics of alumina CVD [45]. Since
then, investigating alumina structures and epitaxy, as well as the control of the polymorph
[22, 94, 95], impurities [22, 35, 96], texture [7, 73, 76] and several doping/alloying
approaches [8, 97-100] have been the matter of continuous and extensive research. Typical
advantages of CVD are the high throwing power and the possibility of large batch sizes (e.g.
several thousands of cutting tool inserts). The expression “throwing power” describes the
ability of a coating technology to deposit at substrate regions which are not directly in the
line-of-sight of the deposit’s origin. That is, a high throwing power allows a more uniform

film deposition at substrates with a complex shape (blind holes, undercuts, ...).

mass tranport control

surface
kinetics
control

deposition rate

1/7

Fig. 8. Influence of deposition temperature and pressure on deposition rate: p; < p, < p; [92].

-16 -



D. Hochauer Coating synthesis

3.2. Alternative deposition methods

Considering the variations of CVD alumina processes [1, 45, 46, 101-104] with regard to the
whole field of alumina coating deposition technologies reported today, reveals a predominant
number of different plasma vapor deposition processes (PVD) [105-114]. Compared to CVD,
these processes offer the possibility for lower deposition temperatures, sharper cutting edges
and higher deposition rates [115, 116]. Several coating materials are harder when deposited
by PVD, but hardness converges at temperature in the range of 1000°C [117]. Furthermore,
PVD coatings possess considerable compressive residual stresses which enable crack
stopping, while in CVD coatings often moderate tensile residual stresses occur, which are
accompanied by the formation of a thermal crack network (depending on the thermal
mismatch). The fact, that this intensive research on PVD alumina did not consequence
commercially available PVD a-Al,Os coatings indicates process restrictions [118]. Up to
now, low deposition temperatures in the range of 500°C — a major advantage of PVD — did
not result in competitive alumina coatings. On the other hand, increased temperatures
(> 700°C) improved alumina properties but ruled out more temperature sensitive substrates
like high speed steel. To sum up, a PVD alumina coating with superior performance is not
reported yet. Nevertheless, the rapid evolution of PVD processes consequences new layouts
like high power impulse magnetron sputtering (HIPIMS) [118] and also the adaption of
existing methods like atomic layer deposition [119] enables new possibilities for alumina
deposition. For HIPIMS the possibility of introducing high energies (ion bombardment) at the
substrate surface is likely to be a key parameter for depositing a-Al,O; [118] but also
potentially decreases crystallinity and hence coating performance [120]. Assuming such an
energy threshold necessary for a sufficient a-Al,O3 quality leads to the speculative question,
if it could be overcome by ion bombardment without destroying the crystallinity.
Nevertheless, HIPIMS technologies also possess a better throwing power than their
conventional predecessors [121]. Alternatively, y-Al,Os is reported to be a suitable alumina
modification [122] which is easier to synthesize at lower deposition temperatures [114, 120].
Indicators for the performance of state-of-the-art PVD y-Al,O; coatings are reported high
hardness [106], specific cutting tests [ 105] and stability during heat treatments [123, 124].

In addition to CVD and PVD, plasma assisted chemical vapor deposition processes (PACVD,
also denoted as plasma enhanced chemical vapor deposition: PECVD) are reported [125-128]
This technology represents an intermediate approach where the use of gaseous precursors is

combined with thermal and plasma activation. However, the increased substrate temperature
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of reactive PVD processes and misleading nomenclature [129] cause a vague distinction of
PVD and PACVD. Moreover, no recent publications are found for PACVD, although the
restart of research activities is rumored [130].

With regard to the optimization of a whole coating system (cf. section 2.3.4), often an
impressive diversity of different layers are composed to a multilayer stack. For future coating
systems, one further advantage of CVD might be its flexibility [120]. For example, a PVD
reactor limits the number of different sublayer types in terms of different alloying elements,
as each layer which contains new elements will need one target and will consume a fraction of
the reactor chamber surface. In particular on production-scale, if higher deposition rates
should be achieved, each new layer will need several targets. This restriction might be less
valid for layers where sufficient rates can be achieved by only one or two targets and for

metal-organic reactive PVD.

3.3. Variations of CVD conditions

Generally, deposition temperature, total pressure, flow rate and gas composition
(supersaturation) are the main parameters of CVD [102, 131-133] (cf. section 3.1) and they
must be adapted for each specific deposition. For example, there are trade-offs concerning
desired coating growth rate and coating quality, as a fast grown layer often possesses a lower
thickness homogeneity or coating density [21, 45]. Temperature and pressure must also be
optimized with regard to the specific precursor gas mixture and investigations are published
within the wide range of 200 — 1800°C and 67 — 1013 mbar [45]. If lower deposition
temperatures are necessary, CVD processes which apply metal-organic precursors allow
sufficient deposition rates. But also minor changes to the gas mixture, like the use of bromide
or iodide instead of aluminum chloride [96, 103] are reported to affect impurity sensitivity
and uniformity of the deposition process. Particularly, control of impurities turned out to be
decisive during alumina deposition [22, 35, 96]. Also the supersaturation of the precursor
gases determines the alumina deposition process. For example, it is an important parameter
during the nucleation step as it is correlated to nucleation density and consequently influences
the coating morphology [2, 134]. Furthermore, different bonding- and base-layers offer the
possibility to influence the nucleation conditions for an alumina layer [45, 87, 88]. Another

possible variation is the addition of new precursors to the deposition gas mixture. As a
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prominent example, H,S addition increases deposition rate and coating thickness
homogeneity, while almost no sulfur is incorporated [1, 21, 99]. Other species might be
added, in order to dope or alloy the alumina CVD coating and improve its properties.
However, such developments are not straightforward. The main difficulty seems to be the
ensemble of many homogeneous and heterogeneous chemical reactions [135, 136], which
makes the prediction and control of additional reactions for additional precursor gases

demanding.

3.3.1. Effect of deposition atmosphere

For CVD of alumina, aluminum chloride is the commonly used aluminum donor and due to
the deliquescence nature of AICls, in-situ generation at 250 — 400°C with metallic aluminum
and HCI or Cl, is preferred. Possible oxygen donors are CO,, H,O, N,O, O, and alcohols. The
reaction of AICl; with O, is slow but a recent study presented reasonable deposition rates at
atmospheric pressure [137]. The reaction of AICl; with H,O is much faster but deposition
rates are decreasing with increasing temperature [93] (reaction 1). Aluminum chloride
hydrolysis with H, and CO, runs at a medium rate (reaction 2) and possesses several

3

advantages. For this reaction, water is in-situ generated by the “water gas shift reaction”

(reaction 3), which was also separately studied [138].

2 AlCly(g) + 3 H,0(g) < ALOs(s) + 6 HCl(g) (1)
2 AlCl3(g) + 3 COx(g) + 3 Ha(g) <« ALOs(s) +3 CO(g) + 6 HCI(g) (2)
COx(g) + Ha(g) < Hx0(g) + CO(g) 3)

The gas mixture of carbon dioxide and hydrogen acts as a “water reservoir” which extends the
alumina deposition zone and improves process controllability. For somewhat lower deposition
rates, the addition of HCl or CO further extends the alumina deposition zone. Hence,
reaction 2 is more often than not preferred to reaction 1. Additionally, reaction 1 rather would
be suitable for lower deposition temperatures, which are unfavorable related to incorporation
of water and chlorine within the deposited alumina layer below 550°C and 800°C,

respectively. [45]
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Argon, hydrogen, nitrogen and their mixtures are common carrier gases for alumina CVD
processes. Basic influences of different carrier gas compositions are the diffusivity of the
precursor species within the carrier gas and the manner of gaseous flow itself. For example,
the type of carrier gas might influence the diffusion time of a precursor molecule through the
gaseous boundary layer adjacent to the substrate surface, but also the thickness of this
boundary layer. Hence, residence times of different precursor species depend on the kind of
diluting gas. Consequently, also the contributions of homogeneous and heterogeneous
reactions might be influenced. Additionally, different carrier gases might affect the formation
of intermediate species during the deposition process, as some of these intermediate species
contain e.g. hydrogen [135, 139]. An increased amount of hydrogen is reported to increase the
alumina deposition rate [140, 141] and laboratory-scale experiments [142, 143] performed
within this thesis confirmed this. These laboratory-scale experiments also showed a slight but
significant increase in hardness (~15%) for alumina deposited with hydrogen carrier gas. The
role of argon and nitrogen might be simplified as non-reactive and less diffusive replacement
of hydrogen.

Thermodynamic calculations for alumina deposition [46, 103, 133, 134] showed a smaller
influence of deposition temperature and pressure (-150...1300°C, 70...500 mbar) compared
to the composition of the gas mixture. There, characteristic values are the partial pressure
ratio of hydrogen and carbon dioxide or the aluminum chloride partial pressure. High alumina
yields are reported for p(Hz) / p(CO) close to one [144]. High carbon dioxide concentrations
hold the danger of oxidation of the substrate or any interlayer. Furthermore, calculations
would suggest the co-deposition of free carbon for high hydrogen concentrations. The latter
was not found for the deposition runs performed within this thesis nor reported in
experimental studies. Only for deposition conditions where calculations suggest a high
amount of co-deposited carbon, small carbon contents were detected. This deviation between
experiment and thermodynamic calculation is attributed to slow carbon forming reactions. On
the other hand, the increased alumina deposition rate for increased hydrogen amount is found
experimentally and calculations [135] relate it to a more pronounced AlICIl; decomposition.
These more recent calculations are dealing with a radical chain reaction mechanism, including
more than 30 species and more than 100 reversible chemical gas phase reactions. They also
predict the experimentally observed retarding effect for relatively high HCI additions [141],
but could not clarify the influence of CO. Furthermore, the water gas shift reaction appears to

be unimportant within this kinetic model, but three coupled reactions are water forming:
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AlO +H, < Al+H,0 4)
H,+OH < H,O+H (5)
HCl + OH < H,0 +Cl (6)

Based on the radical chain reaction mechanism, a further developed approach [145]
considered the water gas shift reaction to be important. For this simulation, this reaction was
found to start slowly, but speed up with increasing residence time as it was catalyzed by in-
situ formed gaseous AIOCI. In parallel, a combined thermodynamic and kinetic approach was
performed, which took into account homogeneous and heterogeneous chemical reactions
[139]. However, these calculations include the water gas shift reaction a priori, but neglect
gaseous AIOCI. They suggest that CVD of alumina is far from thermodynamic equilibrium,
i.e. for most of the major species partial equilibrium is reached only after comparatively long
residence times.

So far, thermodynamic chemical calculations could only offer guidelines for deposition
process conditions, but suffer from a lack of predictive power. More useful kinetic chemical
calculations are yet performed only for gas phase reactions; hence do not consider the whole
deposition process. Nevertheless, simulations reveal a highly interdependent system of
chemical reactions. While there are good partial results achieved by applying a kinetic
approach, there is a lack of kinetic data and several possible chemical reactions must be
neglected. Consequently, today’s kinetic models do not allow a comprehensive simulation of

CVD processes.

3.3.2. Effect of substrate

Beside the addition of gaseous nucleation modifiers (e.g. TiCly or ZrCly), the kind of substrate
surface is decisive for the nucleation process and often predetermines the growth period, i.e.
the whole alumina layer. Also the crystal structure depends on the nucleation process because
of the polymorphous nature of alumina. Furthermore, coating properties like adhesion and
texture are influenced by this step [7, 146, 147]. Obviously for the former effects, this step is
crucial, while the latter could also be manipulated during the further growth of the alumina
coating [148]. Important substrate properties are crystallinity, lattice faults, roughness, and

chemical homogeneity of the surface. For example, alumina nuclei are non-uniformly
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distributed when deposition is directly started on cemented carbide (different phases are
forming the surface) but much more evenly distributed if a TiC base-layer is applied [45].
Common ways of substrate surface modification are etching, manipulation of the adsorbed
layer at the substrate surface and the deposition of rather thin modification- or bonding-layers.
Etching of a TiC base-layer is a reported modification step prior to alumina deposition [23]
where already formed titanium oxide [94, 149] is removed from the surface. This process
allows the preferred growth of k-Al,O3 on TiC, while a-Al,Os occurs as long as titanium
oxide is present. Consequently, titanium oxide containing bonding-layers are utilized in order
to stabilize the a-Al,Os; modification [87, 88]. This effect is explained by orientation
relationships observed for a-Al,O3 and Ti,O3 [150]. Special modification layers with different
balances of their metal constituents (titanium, aluminum) are also reported to allow the
control of a-Al,O3 or k-Al,O3 growth [6, 95]. These effects are often related to epitaxial
relationships which have been investigated for alumina and TiN or TiC [5, 61, 147, 151, 152].
However, no difference between a-, k- and 0-Al,O; polymorphs and TiC or TiN, regarding
interfacial atomic arrangement, was found [45]. Moreover, studies which include the thin
bonding-layer are rare and epitaxial relationships between base-layer, bonding-layer and
alumina layer are sometimes observed [87], but sometimes they are not found [153]. One
explanation for difficult to observe epitaxial relationships is the ratio of grain sizes at the
interface, i.e. one alumina grain often covers several of the finer base-layer or bonding-layer
grains, which could impede transmission electron microscopy imaging. Nevertheless, similar
orientation relationships between grain columns were found for alumina multilayers [147],
which suggests that the alumina texture could to be influenced by the layers underneath and
the substrate material. On the other hand, alumina is reported to nucleate randomly orientated

on CVD TiN-coated cemented carbide, while the finally grown o-AlOs; layer might

possesses a (1 01 4) and (1 176) texture [134]. In another investigation, a more pronounced

(1 0T4) a-Al,O; texture with increasing deposition temperature (TiN-coated cemented

carbide, 950°C — 1100°C) was found, but the authors did not characterize the early alumina
growth period [133]. Furthermore, varying the oxidation potential of the deposition

atmosphere during the alumina nucleation is reported to allow texture control [7]. But also
within this study, the (1 01 4) orientation shows the best wear resistance, which could lead to

the speculative question, if only a down-grade in performance is possible with “control

activities” during the nucleation step.
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Within this thesis, different TICN base-layers consequenced a change in texture for a-Al,O3
or k-Al,O3 coatings, while the alumina deposition conditions remained constant (Table 5).
This could be explained by the different texture on MT-TiCN [154] and HT-TiCN [155] but
the k-Al, O3 texture seems to be less influenced and texture coefficients are more extreme on

the MT-TiCN base-layer.

Table 5
Texture coefficients [156] for a- and k-Al,O; on MT-TiCN and HT-TiCN base-layers. Bold numbers indicate

the most pronounced orientations.

Lattice plane a-Al,O4 a-Al,O4 Lattice plane Kk-Al,O3 Kk-AlL,O3
(hkl) MT-TiCN HT-TiCN (hkl) MT-TiCN HT-TiCN
(012) 1.29 0.54 (112) 0.14 0.80
(104) 0.41 0.63 (013) 1.14 1.42
(110) 0.30 1.98 (122) 0.06 0.58
(113) 1.27 0.90 (004) 2.79 1.40
(024) 0.16 1.27 (132) 0.11 0.57
(116) 0.81 0.34 (015) 1.99 1.69
(214) 1.18 1.74 (134) 0.87 0.73
(300) 2.60 0.60 (135) 0.89 0.81

3.4. Doping and alloying of CVD alumina

The addition of a further element, in order to alter the properties of the matrix material, is an
ancient alchemic approach. Although a lot of the applied methods have been enormously
improved and many have been newly developed, this approach still contains a considerable
empiric component. Dopants and impurities have an influence on the defect chemistry of
alumina and consequently alter the diffusion processes within this material. Hence, high-
temperature properties like plastification or creep resistance are different for doped and
undoped alumina [157]. The presence of additional elements during the CVD synthesis of
alumina also could influence the stability of different alumina polymorphs or their
transformation. For example, silicon is reported to stabilize the a-Al,O3 polymorph and favor

the k-a-transformation [36, 146].
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3.4.1. Element selection

Scientific improvement approaches concerning the doping and alloying of wear resistant hard
coatings mostly aim for improved tribological properties. For example, increased coating
hardness and the possibility of reducing friction forces are often desired (cf. section 2.3.4). At
the same time, doping and alloying of alumina rather decreases its chemical stability (cf.
section 2.3.1) [48, 49, 158] and therefore must be implemented carefully. The generally low
solubility limits of dopants within alumina (see Table 2) further restricts these approaches and
doping often results in multiphase coatings (see Publication I and II). A straightforward
approach is the addition of a second phase which shows e.g. higher hardness or low-friction
effects. Furthermore, additional elements can be introduced in order to alter the coating
morphology via co-deposition (e.g. segregation and renucleation) or via influencing the
nucleation behavior and the surface reactions (i.e. conditions for coating growth). Related to
the complex chemistry of CVD, experimental knowledge is of vital importance as basic
consideration and simulations (necessarily simplified) often fail to give a good prediction.
With regard to this background, this thesis partly focused on a doping approach basing on the
utilization of already available precursors on production-scale CVD systems. For these
precursors (TiCls, BCIs;, CHy4) also the handling was solved. A second, more fundamental
approach investigated different precursors, feed methods and doping influences for less
common doping elements (Y, Cr, Sn, Nb, Sr, Ta, Si, Mn). These results are summarized by

two diploma theses [142, 143] and not shown in this ph.d. thesis

3.4.2. Titanium doping

The influence of titanium doping on alumina properties has been investigated in the early
1980’s (e.g. [159]), but only recently detailed experimental microstructural studies were
published [160]. For example, the enhanced densification during sintering of titanium doped
alumina is related to an anisotropic relation of titanium and alumina (caused by an anisotropic
segregation of titanium [33]). A disadvantage of such a titanium doped alumina could be
higher creep rates and diffusivity, when compared to undoped alumina. For alumina-titania
coatings prepared by different methods, titania addition is reported to influence residual
stress, scratch resistance, electrical- and optical properties [161, 162] and porosity [163]. For
thermal CVD alumina, an increased growth rate, different as-deposited phase stability and

altered residual stresses are found for titanium doped x-Al,O; [8]. For the a-Al,Os / Ti3Os
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coatings deposited within the present thesis (Publication I), titanium oxide offers lower high
temperature friction (~0.4) compared to the undoped coating (~0.8). For other deposition
technologies like plasma spraying, this improvement is not reported although the coatings are
of similar composition [164].

The simultaneous addition of TiCly and CH4 to a thermal alumina CVD process was aiming
for the co-deposition of Al,O; and TiC, but titania formation could hardly be suppressed
[165]. Nevertheless, a graded coating composition — i.e. decreasing titanium content with
proceeding deposition time — was presented to be a promising approach for improved alumina
adhesion on TiC base-layers. Combined titanium boron doping significantly increased the
thermal stability of k-Al,O;, i.e. retarded the «-a-transformation (Publication IV).
Additionally, this coating is a more effective diffusion barrier when compared to undoped «-
AL O;. Moreover, the k-Al,O3 seems to exhibit a higher solubility limit for titanium and for
boron than the a-Al,Os.

For bulk alumina, a surface treatment combining titanium monoxide deposition with a
subsequent heat treatment [66] causes diffusion of titanium into alumina and is reported to
increase hardness if optimal conditions are chosen. Heat treatment temperatures below 900°C
could not provide sufficient titanium diffusion. Heat treatments above 1300°C (and times
longer than two hours, in air) resulted in a two-phase region close to the surface. This Al,Os-
Ti0, mixture possesses a lower hardness, which is also observed for two-phase CVD coatings
(a-ALO; / Ti30s, Fig. 9) deposited within this thesis (Publication I). A decline in mechanical
properties is also observed after the formation of TiO, during the heat treatment of titanium
implanted alumina, but toughness increases simultaneously [67, 166]. For this material,
recovery processes depend on the heat treatment atmosphere and usually start at the
aluminum sub-lattice and continue at the oxygen sub-lattice.

For titanium doping, the kind of atmosphere (e.g. reducing or oxidizing) seems to have a
decisive influence. For example, titanium doped alumina might be an ionic conductor at high
oxygen partial pressures p(O,) and an electric conductor at low p(O,). For alumina which
contains TiO, precipitates, different CO/CO, mixtures (i.e. different p(O,)) changed Ti*'
concentrations and transport properties [44].

These defect chemistry mechanisms are basing on different defect energies for varying
synthesis conditions like p(O,). Oxidizing conditions favor the formation of substitutional
Ti*" ions, while substitutional Ti*" ions show lower defect energy under reducing conditions

[34, 157, 167]. Related to these changed conditions, titanium doped alumina exhibits different
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Fig. 9. SEM secondary electron (a) and backscattered electron (b) top-view images of an as-deposited

a-AlLOs / Ti;Os5 coating with a titanium content of ~4.2 at.%. The right micrograph displays the

bright titanium oxide phase (for experimental details: see Publication I).

mechanical properties depending on the charge state of titanium (e.g. higher yield stress for
Ti*"- than for Ti3+-doped alumina). Furthermore, the dependence of titania precipitation on
ageing atmosphere [168] is also explained with altered titanium ion charge within the alumina
lattice.

The observed unexpected behavior of titanium doped alumina, like increased chemical
diffusion with decreasing temperature from 1520 to 1350°C is attributed to short circuit

diffusion in connection with TiO; precipitation [44].

3.4.3. Boron doping

Compared to the amount of literature available for titanium doping, there are very few
publications available concerning boron doping. Usually they are related to the
semiconductor- and electronic devices industry, e.g. boron doping of diamond films [169] or
silicon germanium films [170]. Nevertheless, in the field of wear resistant hard coatings for
cutting tools, boron doping might be of greater importance than titanium doping is.

Comparable to the chemical investigations for CVD alumina deposition, there are some
studies dealing with boria (B,O3) deposition [171-173]. Similar to the behavior of aluminum
halides, boron halides (BCl;, BBr3) slowly react with oxygen, but even for low temperatures
immediately form boria, if water vapor is present. A thermodynamic comparison of boron
hydrides and boron halides reveal milder, more favorable deposition conditions for the latter
[174]. However, no fundamental investigation considering the simultaneous CVD reaction of

aluminum and boron containing precursors with an oxygen donor was found.
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Experimental studies concerning oxide phases which contain aluminum and boron frequently
report on aluminum borate (e.g. AlsB,09, Al»0B4Os6), for example synthesized by heating
powders of B, B,O3; and Al,O3 or by CVD [175, 176]. Beneficial properties of this refractory
material are high Young’s modulus, high strength, good chemical stability and low coefficient
of thermal expansion (CTE). Most studies consider its application for oxidation resistant
whiskers which could be used for reinforcing ceramic materials or within metal matrix
composites [177, 178] A recently suggested application of a boria-alumina mixed oxide are
catalyst supports [179].

Within this work, the influence of boron doping on CVD of alumina was studied in detail.
Publication II investigates the influence of boron doping on CVD a-AlLO;, for different
precursor gas mixtures and deposition temperatures. It was found that boron incorporation
within a-ALO; is almost impossible at ~1000°C deposition temperature, but can be done at
lower temperatures. In these cases, boron incorporation always is accompanied by the
formation of aluminum borate which causes a lower coating hardness and a lower wear
resistance. For boron doped a-Al,Os deposited at ~1000°C a slightly increased coating
hardness was observed. The influence of boron doping was also examined for k-Al,O3
coatings, where it improved thermal stability and reduced diffusion through the k-Al,O3 layer
(Publication I'V). Compared to the undoped coating, this improvement was significant and it
was just slightly below the level of the combined titanium boron doped coating. This effect on
phase stability is contrary to other doping experiments (cf. section 3.4, silicon doping) and
contributes to the investigation of the k-a-transformation, where mainly the occurrence of
free surface in combination with high temperatures was considered so far [180-183], but also

the influence of compressive stresses during cutting has to be taken into account [85].

3.4.4. Carbon doping

The incorporation of carbon within CVD alumina layers was discussed relatively early,
during the fundamental investigation of deposition parameter variations (cf. section 3.3.1).
Later on, the co-deposition of carbon by adding methane or carbon disulphide to the precursor
gas mixture was reported to consequence a pronounced grain refinement for CVD alumina
coatings [97, 184]. It was found that carbon disturbs the regular alumina growth and SIMS
measurements show the formation of carbon particles in the deposited layer, which are also
suggested to be arranged as a “carbon network™ [37]. With the same method, no carbides were

detected and heterogeneous nucleation of alumina seems to be impossible on amorphous
-27-



D. Hochauer Coating synthesis

carbon [184]. Furthermore, it is reported, that methane stabilizes k-Al,O3 if the AICl;-CO,-H;
precursor system is used [165], which likely is related to an affected nucleation step (see
section 3.3.2). For these coatings, the deposition of a compact alumina layer directly onto
cemented carbide is possible without whisker formation. High methane concentrations cause a
very fine grain size of alumina, but increase layer porosity and decrease growth rate. The
combination of high methane concentration and increased flow rates allow the deposition of a
uniform, compact, extremely fine grained alumina [97].

Alternatively, also the utilization of a metallorganic precursor (aluminum acetylacetonate)
precursor allows the deposition of well adhering a-Al,O3;+C layer directly on cemented
carbide, without the prior deposition of a base-layer. Results within this study indicate that
carbon impedes surface and bulk diffusion which may increase the number of nucleation sites
[140]. For an increased aluminum acetylacetonate concentration, homogeneous nucleation
was observed.

For the a-Al,O3 coatings deposited within the present work, there was only little carbon co-
deposited, but surface segregation of carbon was clearly increased (Publication III).
Differently from the laboratory-scale experiments mentioned above, these deposition runs
were conducted in an industrial-scale production plant. This is connected to different
controllable ranges of several deposition parameters, for instance the residence time of the
gases. Furthermore, the deposition of alumina was started on an a-promoting bonding-layer
and methane addition started only after an initial deposition of undoped a-Al,Os. This later
introduction of methane might limit its effect, since its addition to an already ongoing
ensemble of chemical reactions and adsorbed species is expected to be less influential than the
start of this whole ensemble with an additional precursor.

The most significant improvement, observed for methane addition, was a reduction of the
friction coefficient at room temperature as well as at high temperature (Fig. 10). Related to

CVD alumina deposited on cemented carbide, this behavior was not reported so far.
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Fig. 10. Friction coefficient curves determined with a ball-on-disc test at room temperature (a, b) and at 700°C
testing temperature (c, d). In both cases, the addition of methane during alumina deposition decreased the friction

coefficient (b, d) compared to the undoped alumina coating (a, c). For experimental details see Publication III.
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4. Summary

The present thesis investigates the doping of CVD alumina coatings for cemented carbide
cutting tools on production-scale deposition units. Three dopants (titanium, boron and
carbon), two base-layers (medium-temperature [MT] and high-temperature [HT] TiCN) and

two alumina polymorphs (a-Al,O3 and k-Al,O3) were considered.

Several fundamental properties of alumina came into focus:

e Because of the low density of intrinsic lattice defects in alumina, already low amounts
of dopants or background impurities have a significant influence on alumina
properties. Analytical detection of these low concentrations often makes a clear
correlation of chemical composition and properties difficult.

e After decades of research, self-diffusion of alumina and diffusion processes within
alumina are not consistently described.

e Doping is already reported to increase the creep resistance of alumina, because the
segregation of some doping elements impedes dislocation movement at grain
boundaries. As grain boundary slip also affects mechanical properties at high
temperatures, doping with similar, segregating elements could improve mechanical
properties and increase the resistance against plastification at the rake face of the

cutting tool. This mechanism could be applied for a-Al,O; and k-Al,O3 coatings.

Doped a-Al,Os coatings showed tribological improvements and a slightly increased hardness.
For doped k-Al,O3;, a beneficially retarded x-a-transformation and a slower diffusion of
substrate elements through the alumina layer were observed. Furthermore, k-Al,O3 seems to
possess higher solubility limits for titanium and boron than «-Al,Os;. Considering the
increased thermal stability of doped k-Al,Os, it seems to be possible to improve its ability for
high speed cutting applications, where the lower thermal conductivity and the slightly better
matched coefficient of thermal expansion (CTE) of x-Al,O; to cemented carbide substrate
could be beneficial. However, theoretical benefits form the CTE point-of-view might not be
realized without adaptation of the base-layer. The investigation of different base-layers
confirmed the decisive influence reported for the substrate surface which is present during the

alumina nucleation step.
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Within the present work, the alumina was nucleated in undoped condition, but the
introduction of the dopant precursor already during the nucleation of the alumina layer is
assumed to offer a huge potential for influencing the subsequently growing alumina layer. At
the same time, such an influence might bear the danger of drastically changed coating

properties.

CVD of alumina involves a huge ensemble of chemical reactions, where already small
amounts of additional gases could change alumina properties, even if no dopant incorporation
is detected. Also the adaptation of deposition conditions in order to optimize the doping
process is not straightforward, as the behavior of this ensemble of chemical reactions hardly
can be predicted. Moreover, varied deposition conditions often change the “history” of the
substrates, which will finally be coated by the layer of interest (i.e., the intentionally varied
part). For example, a variation of the alumina deposition temperature could be related to
different periods of cooling/heating which will influence the otherwise constantly deposited
base-layer. Consequently, the crucial nucleation of the alumina layer might not only be

influenced by the variation of alumina deposition conditions.
Promising approaches for further improved alumina properties arising from the present thesis

are the adjustment of oxidation potential in accordance with the applied doping element and

the utilization of dopant segregation at grain boundaries in order to hinder plastification.
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Abbreviations and symbols

5. Abbreviations and symbols

CC

CTE
CVD
HIPIMS
HT-TiCN
Aa73

At

1
MT-TiCN
p

p(X)
PACVD
PECVD
PVD
SEM
UMIS-II

cemented carbide, e.g. WC/Co

coefficient of thermal expansion

chemical vapor deposition

high power impulse magnetron sputtering

titanium carbon nitride base-layer deposited at high temperature
thermal conductivity at a temperature of 273 K

thermal conductivity at a certain temperature range

friction coefficient

titanium carbon nitride base-layer deposited at medium temperature
pressure

partial pressure for the gaseous species X

plasma assisted chemical vapor deposition = PECVD

plasma enhanced chemical vapor deposition = PACVD
physical vapor deposition

scanning electron microscopy

ultra-microhardness indentation system, second generation
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Publication I

Surface and Coatings Technology 203 (2008) 350-356.

Titanium doped CVD alumina coatings

D. Hochauer®, C. Mitterer’, M. Penoy®, C. Michotte®, H.P. Martinz®, M. Kathrein®

Y Materials Center Leoben Forschung GmbH, Roseggerstrasse 12, A-8700 Leoben, Austria

Y Department of Physical Metallurgy and Materials Testing, University of Leoben, Franz-
Josef-Strasse 18, A-8700 Leoben, Austria
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Y PLANSEE SE, A-6600 Reutte, Austria

Y CERATIZIT Austria GmbH, A-6600 Reutte, Austria

Abstract

Chemical vapor deposited alumina coatings are successfully applied for high-performance
cemented carbide cutting tools. The aim of this work was to investigate in detail the influence
of a varied TiCls flow rate on the deposition of alumina by low-pressure chemical vapor
deposition (LPCVD). The coatings were deposited onto a TiN-TiCN base-layer at 1005°C
using a precursor gas mixture of AICls, TiCly, CO,, HCI, H,S, and H,. Coating
characterization was conducted by scanning electron microscopy (SEM), glancing angle X-
ray diffraction (GAXRD), glow discharge optical emission spectroscopy (GDOES),
nanoindentation, biaxial stress measurements, and ball-on-disc tests. GAXRD investigations
showed the a-Al,O3 phase for all coatings beside different titanium compounds. SEM top-
view images indicated that low titanium contents modify the polygonal grain shape of the a-
Al,O3 phase to a more cuboid-like form, while the highest titanium content applied (4.2 at.%
Ti) causes a less dense coating topography. The hardness values remain constant at ~26 GPa
for pure a-Al,Os3 and low Ti doping contents and decrease slightly to ~23 GPa for 4.2 at.% Ti.
However, with increasing Ti-content the tribological behavior at 700°C in terms of both

friction and wear resistance is significantly improved.
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1. Introduction

Doping and alloying of alumina with titanium is used for many applications in order to design
crucial properties like hardness, wear resistance or optical parameters [1-4], whereas only
very little work is published concerning doped alumina coatings applied for wear protection
of cutting tools [5]. Undoped alumina coatings are widely used for cutting applications due to
their high chemical stability, low thermal conductivity and high hardness also at high
temperatures [6-8] and their microstructure is well investigated [9-12]. Common coating
architectures consist of TiN, TiC, and/or TiCN base-layers which are deposited prior to a
mono- or multilayer of alumina [9, 10, 13]. Frequently, a thin TiN top-layer improves wear
indication and optical appearance. Thermal chemical vapor deposition is the dominating
process for the production of these coating systems, but recently also physical vapor deposited
alumina coatings have been reported [14-17].

This work focuses on the influence of a varied TiCly flow rate on the deposition of alumina
with chemical vapor deposition at low pressures (LPCVD). The precursor gas mixture applied
is based on a composition similar to that utilized for commercially deposited alumina
multilayers, where the TiCls flow rate was systematically varied. Instead of a multilayer
arrangement an alumina monolayer was deposited in order to minimize additional influences
superimposing the TiCly flow rate. Special emphasis was laid on structure evolution with
increasing Ti-content and the resulting effects on mechanical properties and tribological

behavior.

2. Experimental details

Undoped and Ti-doped alumina monolayer coatings were deposited by LPCVD at a pressure
of 80 mbar. The temperature during alumina deposition was set to 1005°C, utilizing an
industrial-scale hot-wall CVD plant with radial gas distribution (Bernex BPX 530L). The
precursor mixture comprised of the gases AICl;, CO,, HCI, H,S, Hj, and TiCls which was the
only liquid precursor. The latter was varied between 0.0 and 0.6 ml/min (0 - 0.23 vol.%),
while the composition of the other gases was kept constant and is comparable to state-of-the-
art coatings as reported in literature [13, 18-20]. The alumina deposition time was 3 hours. To
improve adhesion and suppress coating/substrate interdiffusion, a TiN/TiCN base-layer was
applied between the cemented carbide substrates (11 wt.% Co, 4 wt.% TiC, 8 wt.% TaC-NbC,
77 wt.% WC) and alumina. For tribological tests, disc-shaped substrates with a diameter of

30 mm and a thickness of 4 mm were used; all other investigations were performed on flat
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cemented carbide inserts (12.8 x 12.8 x 4.8 mm’). Prior to deposition, all substrates were
polished and cleaned with a standard procedure comparable to commercial production.
Concentration depth profiles were determined by glow discharge optical emission
spectroscopy (GDOES) with a Jobin-Yvon Horiba JY10000RF equipment. The given
chemical compositions were calculated by averaging these concentration values within the
respective alumina layers. To confirm the so obtained coating composition and for additional
information about the chemical bonding states, X-ray photoelectron spectroscopy (XPS) was
performed, using an Omicron Multiprobe system (Al Ko radiation). Spectra were obtained for
the as-deposited state, after in-situ vacuum annealing at 350°C for 20 min and after Ar’ ion
sputtering at 2 keV for 20 min, respectively. The energy scale of the XPS spectra was
corrected using the deviation of the adventitious carbon peak at 285.0 eV (C 1s). The
crystallographic structure and phase formation were determined with glancing angle X-ray
diffraction (GAXRD) using Cu Ko radiation with an incident angle of 2°. The residual
stresses in the alumina layer were analyzed with the sin®y-method. All XRD measurements
were conducted with a Panalytical X Pert Pro diffractometer. Coating top-view morphology
and fracture cross-section appearance were investigated with a scanning electron microscope
(SEM, Zeiss EVO 50) equipped with an energy-dispersive X-ray analyzer (Oxford
Instruments INCA).

Hardness and Young’s modulus were assessed by nanoindentation on diamond-polished
coating surfaces, using a UMIS system with a Berkovich indenter, and loads stepwise
increased from 1 to 50 mN for each measurement. The tribological characterization was
performed on CSM ball-on-disc tribometers at room temperature and 700°C with a 6 mm
diameter alumina ball counterpart. Normal-load sliding-distance combinations of 10 N for
500m and 5N for 100 m were used for room temperature and high temperature tests,
respectively. For all tests, a tangential sliding speed of 0.1 m/s and a wear track radius of
5 mm were selected. The width of the wear tracks was measured with a Wyko NT1000 3D
profiling system (white light interferometry) and compared with light optical microscope
(LOM) images of the ball-wear scar. Subsequently, all discs from room- and high temperature
ball-on-disc tests were investigated with Raman spectroscopy, using a Jobin-Yvon LabRam
confocal Raman spectrometer (Nd-YAG laser, wavelength: 532.2 nm, power: 10 mW).
Several measurements were performed within and outside the wear track after a calibration

procedure on silicon, polyethylene and calcite.
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3. Results and discussion

Alumina coatings show an increasing Ti-content with increased TiCls addition to the
precursor gas mixture. Fig. 1 displays the deposition rate, derived from the coating thickness
as observable in the SEM fracture cross-sections and the corresponding deposition time, and
the Ti-content as determined with GDOES plotted versus the TiCly flow rate. For flow rates
up to 0.4 ml/min TiCly, an apparently linear dependency is visible, while for 0.6 ml/min TiCly
a disproportionally high Ti-content emerges. The deposition rate drops from ~1.4 um/h for
TiCly flow rates below 0.4 ml/min to ~0.9 um/h for 0.6 ml/min TiCly. This decline is
accompanied by the onset of powder formation within the deposition chamber; hence a
further increased TiCly flow rate would be unfavorable for synthesis of dense coatings. It
seems that the deviations from the average Ti-content within the alumina coating are getting
more pronounced with increasing TiCly flow rate. The error bars in Fig. 1 refer to these Ti-
content variations, visible in the GDOES depth profiles, suggesting a less homogeneous Ti

distribution with increasing TiCl, flow rate.
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Fig. 1. Influence of increasing TiCl, addition on alumina deposition rate (open

squares) and average Ti-content (solid squares) within the alumina layer.

Fig. 2 shows the development of coating morphology with increasing Ti-content. The shape
of the grains is significantly changed already for low Ti-contents, as visible in the top-view
images. Typical large equiaxed a-alumina grains [13, 21, 22] are modified to a more cuboid-
like shape: moreover the grains of the 0.6 at.% Ti-containing coating seem to show a
laminated sub-structure, a feature which is not visible for a further increased Ti-content. The
surface facets of the individual grains are less smooth only for the coating with a Ti-content of

0.9 at.%, whereas the grains are elongated and the coating structure seems to be more open for
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4.2 at.% Ti. In contrast to the appearance of the top-views, the fracture surfaces of the
different coatings are very similar to each other, except for a slightly smaller surface
roughness for the undoped alumina coating (see Fig. 2). The fracture cross-section images
show the coating architecture, consisting of an alumina top-layer and a TiN/TiCN base-layer,
deposited onto the cemented carbide substrate (below the dash-dotted line in Fig. 2). The
alumina/TiCN interface is indicated by a dashed line, evidencing that the coating with the
highest Ti-content is the thinnest one. As has been shown in Fig. 1, based on a constant
alumina deposition time, the deposition rate is the lowest for this coating. Generally, a thinner
coating tends to consist of smaller grains [23] which could explain the finer structures shown
in Fig. 2 for the 4.2 at.% Ti-containing coating. It is noticeable that the fracture surface of this

coating is compact, despite the somewhat open appearance in the top-view.

4.2at% Ti

Fig. 2. SEM images of the coating top-view morphology (upper row) and the fracture cross-sections (lower row)
with increasing Ti-content. The alumina/TiCN interface and the TiCN/cemented-carbide interface

are indicated by white dashed and dash-doted lines, respectively.

XPS investigations of as-deposited and in-situ vacuum annealed coating surfaces showed
pronounced contents of the elements O, Al, and C as well as low amounts of N and Ti. In
order to exclude surface contamination the relevant peaks were identified after Ar’ sputtering,
while this process implanted ~2-3 at.% Ar. Nevertheless, for detailed analysis the data
obtained on vacuum annealed coatings were considered, because of the possible correction of
charge-related shifts of the spectra using the C 1s peak, which was not possible after

sputtering. Furthermore, the Ti-spectrum was distorted after the sputtering process, i.e.
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splitting in at least two broad doublets for the highest Ti-content was observed. This
sputtering effect is well known for titanium oxides [24, 25]. Fig. 3 shows the Al 2p, Ti 2p and
O 1s spectra for increasing Ti-content after in-situ vacuum annealing. The Al 2p doublet, at
the binding energy of ALLO; (Al 2p3, =73.9 €V) [26], is almost unaffected by the increased
TiCly flow rate. The Ti2p doublet is positioned at the binding energy of TiO;
(Ti2p3, =458.5¢eV, Ti2pip ~464 V) [26, 27] and shows a clearly increasing intensity with
increasing TiCly flow rate. The quantification of the XPS measurements (surface
contamination included) resulted in Ti-contents of 0.4 at.%, 0.7 at.% and 3.9 at.%, hence,
confirming the GDOES measurements of the Ti-contents. For the coating with the highest Ti-
content, a second Ti2p doublet appears ~2.1 eV below the major peak. This indicates a
second type of environment for a smaller fraction of the Ti atoms, detectable only for the
coatings with the highest Ti-content. The lower binding energy suggests a less electronegative
surrounding, as for example observed in Ti sub-oxides [24, 25, 28] while a ternary phase like
Al,TiOs should have a higher binding energy (Ti 2p3»=459.1 eV) [27]. The oxygen peak
consists of at least two components which are positioned close to the binding energy of Al,O;
and adsorbed water at 531.6 eV [26] and 532.9 eV [29, 30], respectively. After vacuum
annealing, the water sub-peak is only visible as asymmetrical shape of the O 1s peak, due to
its comparably low intensity. It is much more pronounced in the as-deposited state but
disappears completely after Ar’ sputtering. A clear shoulder appears for the coating with the
highest Ti-content at 530.1 eV, which could be attributed to the oxygen-titanium binding
energy [27, 30-32]. The quantification of this sub-peak (6.7 at.% O bonded to Ti) shows a
reasonable match with the detected Ti-content with regard to the formation of Ti-oxide. For
the coatings with lower Ti-content, it was not possible to distinguish whether this peak is not

existent or superimposed by the main Ols peak.

1 AI2p

42at% Ti

0.9 at.% Ti

intensity / a.u.

To.6 at% Ti

0.0 at.% Ti

72 74 76 456 460 464 530 532 534
E,/eV

Fig. 3. XPS spectra of Al, Ti and O with increasing Ti-content. The position of the Ti 2p;,
and the Ti 2p,; peak is indicated with a dashed line and a grey bar, respectively.
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Complementary to the investigation of the chemical binding states, the crystalline coating
components were examined with GAXRD (Fig. 4). All diffraction patterns show the a-Al,O;
structure with only slight differences concerning the preferred orientation which was
estimated using the Harris formula [33], considering the eight strongest peaks of the JCPDS
standard (PDF 00-010-0173). In general, the (110) and (214) reflections at 26 angles of 37.8°
and 66.5° are more pronounced while (104) and (116) peaks at 35.1° and 57.5°, respectively,
are comparably smaller. This type of preferred orientation is not changed, but more
pronounced for the Ti-containing coatings. Except for this increase in preferred orientation,
the patterns of the undoped and 0.6 at.% Ti-containing coating are very similar; hence only
the former one is displayed in Fig. 4. Beside the a-Al,O; peaks, all coatings show TiCN peaks
(PDF 00-042-1488) of the base-layer. For higher Ti-contents, additional phases are observed
within the XRD patterns, which are Ti-sulfide and Ti-oxide for 0.9 and 4.2 at.% Ti,
respectively. The Ti-sulfide phase can be clearly attributed to Ti,S3 (PDF 04-006-5312) while
the Ti-oxide peaks comprise two different types of TizOs (PDF 00-023-0606,
PDF 00-040-0806). Beside the Ti-oxide, possibly small amounts of Al,TiOs
(PDF 01-070-1434) emerge, indicated by two tiny shoulders which coincide with the two
most intensive peaks of this ternary phase at 26 angles of 26.5° and 33.7°.
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Fig. 4. GAXRD patterns with increasing Ti-content. The Ti;0s peaks are attributed to two different
JCPDS files, indicated by solid (PDF 00-040-0806) and open circles (PDF 00-023-0606).

Fig. 5 displays the lattice parameters a and ¢ of the rhombohedral alumina unit cell, which are
close to the standard value of a-Al,O; (PDF 00-010-0173) and essentially constant for Ti-

contents below 1 at.%. It is assumed that due to the low Ti solubility limit of alumina [34]
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virtually no Ti is incorporated in the a-Al,Os phase for these lower TiCly flow rates. It should
be mentioned that an eventually formed Ti-oxide phase for these low Ti-contents might be
below the detection limit of GAXRD. Nevertheless, for the highest Ti-content, the deposition
conditions are quite different (lower coating growth rate, powder formation) and it seems that
some Ti is forced to be incorporated in the alumina beside the major amount of Ti which
segregates as an oxide. Thus, the lattice parameters show a slight increase of 0.02 A and

0.04 A along the a and c axis, respectively.
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Fig. 5. Lattice parameters a (left) and c (right) of the rhombohedral alumina unit cell as a function

of Ti-content. Alumina standard values (PDF 00-010-0173) are a =4.758 A and ¢ = 12.991 A.

The residual stresses of the coatings as determined by the sin*y-method are tensile and
decrease from a maximum around 570 MPa for undoped alumina to a value below 400 MPa
for low Ti-contents (see Fig.6). A stress minimum was obtained for the 0.9 at.% Ti-
containing coating (~250 MPa), while higher Ti-contents result in again increasing tensile
stress. The decline in residual stress is accompanied by a denser crack network, as visible on
the LOM images of polished coating surfaces shown in Fig. 6. Obviously, already low Ti-
contents decrease the resistance of the coating against tensile crack formation, as evidenced
by the increasing crack density visible in Fig. 6. It can be assumed that in the vicinity of a
crack the local residual stresses are significantly reduced [35, 36]; for example in [37] a
distance of a few 10 um of reduced stress level is mentioned. Thus, for a denser crack
network a reduction of the average stresses as determined by the sin*y-method seems to be
justified. On the other hand, the changed structural environment caused by the increasing Ti-
content could affect the thermal mismatch of different alumina grains, caused by the

anisotropic coefficient of thermal expansion (CTE) of the alumina lattice. Consequently, the
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microstresses, usually originating from the anisotropic CTE of the crystallites [38], would be
changed, which could also influence the results of the sin“y-measurement.

The again increasing residual stresses for the highest Ti-containing coating could be in part
attributed to the higher CTE of the additionally formed Ti-oxide phase (cf. Fig. 4). The CTE
for the Ti3Os sub-oxide might be estimated by the value reported for TiO, (~9-10° K') and
compared to the CTE for alumina which is ~8.4-10° K™' [39]. Further, the lower thickness and
the finer grain structure of the 4.2 at.% Ti-containing coating favor a higher coating toughness

and thus enables the coating to bear more strain and higher residual stresses, respectively.
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Fig. 6. Residual tensile stresses in the alumina phase with increasing Ti-content. The

inserted LOM images (~140 pm % ~100 pm) show cracks as visible after polishing.
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Fig. 7. Coating hardness and Young’s modulus measured by nanoindentation as a function of Ti-content.
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Although the residual stresses are different for undoped and low Ti-containing coatings, the
nanoindentation measurements yield a rather constant hardness in a range of 26-27 GPa (see
Fig. 7). The 0.9 at.% Ti-containing coating shows a slightly lower hardness, which could be
related to the small amounts of soft titanium sulfide phase [40] detected by GAXRD (cf.
Fig. 4). The lowest hardness value is measured for the coating with the highest Ti-content,
which is attributed to a comparably higher amount of the additional Ti;Os phase. The
assumption of a lower hardness for TizOs compared to Al,O; is supported by the reported
hardness for TiO, (~11 GPa) [39]. The determination of the Young’s modulus reveals values
between 330 and 450 GPa for all coatings, which shows no clear dependency on the variation
of the Ti-content.

The tribological behavior was investigated at room temperature and 700°C. The average
steady-state friction coefficient (ugs) obtained by room temperature ball-on-disc tests ranges
between 0.7 and 0.8 (Fig. 8). After a running-in period, the friction coefficient remains more
or less constant and shows low scattering. Only the 4.2 at.% Ti-containing coating comprises
sharp changes in the friction curve, although the local scattering is still low. This varying
behavior could be associated with the generation of large wear debris which can eventually
rotate, thus explaining the sometimes slightly reduced friction coefficient. Once these
particles get crushed under the load, the friction coefficient increases again.

By contrast, ug as well as its scattering strongly depend on the Ti-content at 700°C testing
temperature (Fig. 8). Undoped and low Ti-containing alumina coatings show a considerable
higher scattering which is caused by a larger quantity of wear debris, mainly consisting of ball
material, as indicated by the observed broad and flat coating wear track. At the same time, i
for undoped and 0.6 at.% Ti-containing alumina is ~0.70 and ~0.85, respectively. Higher Ti-
contents result in lower scattering and pg values, which are significantly reduced to ~0.49
(0.9 at.% Ti) and ~0.42 (4.2 at.% Ti). The wear track width and the amount of worn ball
material are much smaller for these two samples compared to the undoped and low Ti-
containing coatings (see Fig. 9). Hence, wear seems to correlate with friction within this
study, i.e. a low friction coefficient is connected with a small wear track width. It should be
noted here that the wear was evaluated by the wear track width because the depth was
essentially around zero. Furthermore, longer sliding distances tend to result in local coating
failure, rather than in a deeper wear track. In this case, the broken-out regions exhibit a typical
dimension of ~100 x 100 um” and a depth comparable to the alumina coating thickness. At

room temperature a constant wear track width of ~0.4 mm is measured for all coatings, while
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at 700°C this value drops from ~1.5 mm for undoped and low Ti-containing coatings to a

value of less than 0.3 mm for medium and high Ti-containing coatings.
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In order to clarify the changed tribological behavior for medium and higher Ti-contents at
700°C, Raman measurements were conducted on all samples within and outside the wear
track. SEM investigations were done on the 700°C wear tracks, showing different wear
mechanisms, exemplarily displayed for the undoped and the highest Ti-containing coating in
Fig. 10. The magnification of the overview is higher for the 4.2 at.% Ti-containing coating
because of the much smaller wear track (cf. Fig. 9), while both details are recorded with the
same magnification. In case of the undoped coating, the wear track shows a lot of transferred
material which originates mainly from the ball (Fig. 10a). The coating with a Ti-content of
0.6 at.% shows a very similar wear track which is slightly broader (cf. Fig. 9) but appears
somewhat rougher. For a Ti-content of 4.2 at.%, there are some dark areas and spots present
within the wear track, but no grooves or debris are visible (Fig. 10b). Also the 0.9 at.% Ti-
containing coating shows a comparable behavior, with slightly broader wear track, again
comprising of dark areas and more or less unaffected regions in between. By Raman
measurements only alumina [41] was detected within the rough wear tracks of the undoped
and low Ti-containing coatings. Measurements within the narrow wear tracks on the 0.9 and
4.2 at.% Ti-containing samples reveal that the dark regions mainly consist of rutile [42]
(Fig. 10c — spectrum I) while alumina is detected on the unaffected areas in between [41]
(Fig. 10c — spectrum II). Rutile is also detected outside the wear track after the ball-on-disc
test at 700°C, but not after room-temperature ball-on-disc test. It can be concluded that at high
temperature rutile forms on the coating surface, which is plastically deformed and partially
removed by the ball in the sliding contact and subsequently back-transferred to the wear track.
The measured rutile Raman peaks show small deviations from the ideal peak position which
are possibly caused by non-stoichiometry [43] and local residual stresses [44] induced in the
tribo-contact. GAXRD measurements showed that the Ti-sub-oxide (Ti30s) occurring for the
4.2 at.% Ti containing coating in the as-deposited state is partly transformed to TiO, after the
700°C ball-on-disc test. However, there is still Ti3Os left which changes the overall
stoichiometry and could influence the rutile peak-position.

Taking into account the results obtained by Raman spectroscopy and SEM, the reduced
friction coefficient for the medium and high Ti-containing coatings can be attributed to the
presence of rutile in the wear track [45, 46]. The tribological results at room temperature
suggest that this friction reducing mechanism is only active at elevated temperatures for

mixtures of alumina with a sufficient amount of titanium oxide.
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Fig. 10. SEM images of wear tracks obtained during 700°C ball-on-disc testing: undoped alumina coating (a),
4.2 at.% Ti-containing coating (b). The overview micrograph of the undoped coating is displayed with a
lower magnification compared to the doped one, while both details exhibit the same magnification.
Raman measurements (c) within the wear track of the 4.2 at.% Ti containing coating, showing

one measurement at a dark spot (I, rutile) and one in between (II, alumina).

4. Conclusions

Alumina coatings deposited by low-pressure CVD tolerate a low TiCly addition to the
precursor gas mixture which is limited by powder formation in connection with a decreased
deposition rate. The coatings comprise two phases for higher (a-Al,Os, Ti30s) as well as for
medium TiCly flow rates (0-Al,Os, TiyS;). The low Ti solubility limit of alumina, the
unaffected a-AlOs lattice parameter and XPS investigations suggest that also for low Ti-
contents a small fraction of Ti-oxide is formed which is below the detection limit of GAXRD.
The hardness decreases slightly with increasing Ti-content due to the lower hardness of the
second phase. Coatings with a detectable second phase show significantly reduced friction
and wear at 700°C, caused by the formation of rutile on the coating surface, which efficiently
separates sample and counterpart in the sliding contact. An increased Ti-content results in a
friction coefficient decreasing from 0.7 to 0.85 for undoped to low Ti-containing coatings to
0.5 to 0.4 for medium to high Ti-contents. No rutile is detected after room temperature ball-
on-disc tests where Ti-doping just slightly affects friction and wear. Nevertheless, the
obtained results strongly indicate that doping of alumina coatings with Ti in the range of a

few atomic percent improves their tribological behavior significantly.
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Abstract

Wear-resistant alumina coatings grown by chemical vapor deposition (CVD) are widely
applied on cemented carbide cutting tools. From metallurgy, boron is known to be a highly
effective dopant. In order to evaluate its effect on alumina coatings, low-pressure CVD was
applied with varied BCl; flow-rates and deposition temperatures. To foster B incorporation,
TiCly was also added.

While boron incorporation without TiCly addition was not possible at 1005°C, contents up to
2.4 or 1.3 at% can be reached either by reducing the growth temperature to 850°C or by TiCly
addition, respectively. a-AlLOs; was formed under all conditions, with accompanying
AlyoB4O36 at high BCl; and TiCly flow-rates or Al4B,O9 phases at low growth temperatures.
Hardness increases from 26 to 29 GPa for low boron contents and decreases as the ternary
aluminum borate phases appear. Simultaneous doping with small amounts of B and Ti results
in a slight reduction of friction at wear rates comparable to undoped alumina, while increasing

abrasive wear was observed for the aluminum borate phase containing coatings.

1. Introduction
The modification of alumina with boria is well known for catalyst supports, in order to

influence surface activity and texture [1,2]. From the thin-film point-of-view, boron is
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frequently used as a doping element in layers for semiconductor applications, i.e. materials
like Si, Ge or polycrystalline diamond [3,4]. For wear resistant A,O; coatings deposited at
atmospheric pressure, B-doping is reported to improve phase stability and cutting
performance [5]. Nevertheless, a study dealing with separated variation-series of precursor
composition and deposition temperature (Tqep) is missing. The aim of this work was the
investigation of BCl; addition during alumina deposition and the conditions for boron
incorporation. Additionally, the influence of TiCly and lower Tqe, was examined. The coatings
were deposited by chemical vapor deposition (CVD) at low-pressure (LPCVD) and high
temperatures (thermally activated). With exception of BCl; and TiCly flow-rates, the
precursor gas composition was similar to commercial production, as well as the coating
architecture. The coating system comprised of TiN and TiCN base-layers, and an outermost
alumina monolayer with a desired coating thickness of ~4 um. Boron incorporation, related
phase formation and their impact on hardness and tribological behavior was investigated in

detail.

2. Experimental details

Undoped, B-doped and Ti-B-doped alumina monolayer coatings were deposited by LPCVD
at a pressure of 80 mbar. The deposition temperature Ty, was varied between 850°C and
1005° for one experimental series (B-doped), while two more series were conducted at
1005°C (B- and Ti-B-doped). All coatings were synthesized in an industrial-scale hot-wall
CVD plant with radial gas distribution (Bernex BPX 530L). The precursor mixture comprised
of the gases AlCl;, BCls, CO,, HCI, H,S, H,, and TiCly which was the only liquid precursor.
In order to provide different amounts of boron, the flow-rate of BCl; was varied in the range
of 0 to 200 ml min™ (0 - 0.37 vol.%). For Ti-B-doped coatings, a constant TiCl, flow-rate of
0.2 ml min" was added (~0.1 vol.%). The composition of the other gases was kept constant
and is comparable to state-of-the-art coatings as reported in literature [6-9]. The alumina
standard deposition time was set to 180 minutes, but extended to 300 minutes for a second
deposition run at 850°C. To improve adhesion and suppress coating/substrate interdiffusion,
an ~8 um thick TiN/TiCN base-layer was applied between cemented carbide (CC) substrates
(11 wt.% Co, 4 wt.% TiC, 8 wt.% TaC-NbC, 77 wt.% WC) and alumina. For tribological
tests, disc-shaped substrates with a diameter of 30 mm and a thickness of 4 mm were used; all
other investigations were performed on flat cemented carbide inserts (12.8 x 12.8 x 4.8 mm°).
Prior to deposition, all substrates were polished and cleaned with a standard procedure

comparable to commercial production.
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Concentration depth-profiles were determined by glow discharge optical emission
spectroscopy (GDOES) with a Jobin-Yvon Horiba JY10000RF equipment. The given
chemical compositions were calculated by averaging these concentration values within the
respective alumina layers. Crystallographic structure and phase formation were determined
with glancing angle X-ray diffraction (GAXRD) using Cu Ka radiation with an incident angle
of 2°. The residual stresses in the alumina layer were analyzed with the sin*y-method. All
XRD measurements were conducted with a Panalytical X ’Pert Pro diffractometer. Coating
top-view morphology was investigated with a scanning electron microscope (SEM,
Zeiss EVO 50) and the coating thickness was determined on SEM fracture cross-section
images. Hardness and Young’s modulus were assessed by nanoindentation on diamond-
polished coating surfaces, using a UMIS system with a Berkovich indenter, and loads
stepwise increased from 1 to 50 mN for each measurement. Coating heat treatment was
conducted in a Carbolite RHF 1600 and the changes in mass were measured with a Scaltec
SBC 21 balance. The tribological characterization was performed on CSM ball-on-disc
tribometers at room temperature and 700°C with a 6 mm diameter alumina ball counterpart.
Normal-load sliding-distance combinations of 10 N for 500 m and 5 N for 100 m were used
for room temperature and high temperature tests, respectively. For all tests, a tangential
sliding speed of 0.1 m/s and a wear track radius of 5 mm were selected. The depth of the wear
tracks was measured with a Wyko NT1000 3D profiling system (white light interferometry).
Selected wear tracks were investigated with Raman spectroscopy, using a Jobin-Yvon
LabRam confocal Raman spectrometer (Nd-YAG laser, wavelength: 532.2 nm, power:
10 mW). Several measurements were performed within and outside the wear track after a

calibration procedure on silicon, polyethylene and calcite.

3. Results and discussion

The influence of BCl; addition on the boron content of alumina coatings deposited under
different conditions is shown in Fig. 1. Lower Tg4, favor the incorporation of boron and
decrease the coating growth rate from 1.240.1 pm min™ (1005°C) to ~0.6 pm min™ (850°C).
Starting from very low values at 1005°C and 950°C (~20 ppm), the boron content increases to
0.46 at.% at 900°C. At 850°C, the boron content raises further to 1.2 at.% and 2.4 at.% for a
coating thickness of 1.5 um and 3.2 pm, respectively. The thinner coating was deposited with
the standard time (180 minutes), while the low deposition rate was compensated for the
thicker coating with a longer deposition time (300 minutes). For the highest Tqe, (1005°C),

BCl; addition up to 200 ml min' does not cause an increased boron content within the

- 60 -



D. Hochauer Publication II

coating. On the other hand, an additional small amount of TiCl, (0.2 ml min™") favors boron
incorporation also at 1005°C, already at a comparatively low BCl; flow-rate (90 ml min™"). A
combination of 150 ml min™ BCl; and 0.2 ml min™! TiCls increases the boron content to

1.3 at.% and the deposition rate to ~4 pm h™'.

- ¢ B-doped
] 160 ml min"BCI ,

I

v Ti-B-doped (0.2 ml min” TiCl )
¢ B-doped

T,.,= 1005°C

3.2 pym coating thickness
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B-content / at.%

1.5 pm
4 coating
0 thickness i e oy . .
T T T T NN RS A IR B SO N B SNEL E JLA BL |
850 900 950 1000 0 50 100 150 200
deposition temperature T,/ °C BCI, flow rate / ml min’

Fig. 1. Boron content, detected with GDOES within the alumina layer, for varied Ty, and BCl; flow-rate.

A comparison of boron concentration depth profiles for the temperature variation series
(GDOES measurements, Fig. 2) shows the tendency of boron segregation near the surface and
at the TiCN/CC interface. As visible in the detailed concentration profile shown in the inserts
in Fig. 2, this enrichment occurs also for the low boron containing coatings, deposited at
1005°C and 950°C. The coating grown at 900°C shows a maximum in boron concentration
underneath the surface and a less pronounced peak at the TiCN/CC interface. Nevertheless,
the increasing boron content within the outermost layer (left of the dashed line in Fig. 2) is
clearly visible with decreasing Tqcp, only the coatings deposited at 850°C show an additional
increased boron content within the TiCN layer (~100 ppm) compared to coatings grown at
higher temperatures (~50 ppm). Most probably, the high boron amount within the outermost
layer causes a pronounced diffusion of boron into the TiCN layer. The Ti-B-doped coating
(150 ml min™! BCls, Tg4ep = 1005°C) also shows an increased boron content within the TiCN
layer, as the boron amount within the outermost layer is also relatively high. Additionally, the
higher Tq., enhances diffusion; hence the boron concentration is much higher within the TiCN
layer (average concentration: ~0.16 at.% B) and within the CC substrate (Fig. 2). Also for this

sample, a small concentration peak indicates boron segregation on the TICN/CC interface.
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SEM top-view images (Fig. 3) show the influence of the varied deposition parameters on
coating morphology. The addition of BCl; causes slightly smaller grain size and a coating
surface which is formed by distinct facets compared to less clearly shaped grains in the
undoped coating (Fig. 3a). This changed coating top-view morphology is comparable for all
investigated BCl; additions, i.e. all alumina coatings deposited at 1005°C with BCl; (80 —
200 ml min™") look similar. Hence, only one example is displayed here (160 ml min™ BCls,
Fig. 3b). The grain size is decreasing with decreasing Tqcp, as shown for the coating deposited

at 850°C (Fig. 3c) which contains small grains but also a few medium size grains compared to

160 mi/min BCI, , 0 ml/min TiCl,

Ao] |
1 20ppm ' g; 4+ T, =1005°C
L]

l L] ] T ] 1 ] T
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measurement time / a.u.

Fig. 2. Boron concentration depth-profiles (GDOES) of B-doped alumina coatings with decreasing deposition
temperature, compared to a Ti-B-doped coating below. The coating marked with (*) was deposited for 300
minutes, instead of 180 minutes standard alumina deposition time. The AL,O3/TiCN and the TiICN/CC
interfaces are indicated with dashed and solid lines, respectively. The inserts shown for Ty, = 950°C

and 1005°C are displayed with a relative magnification factor of ten.

the relatively large grains visible for the undoped coating (Fig. 3a). The clear appearance of
crystal facets is also visible for a combination of low Ti- and low B-doping (90 ml min™ BCl;
+ 0.2 ml min" TiCly, Fig. 3d), however, with increasing grain size. The fast growing Ti-B-
doped coating (150 ml min" BCl; + 0.2 ml min™ TiCl, Fig. 3e) shows much bigger grains,

which can be mainly related to its higher coating thickness of ~12 pm.
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Fig. 3. SEM coating morphology: undoped (a); B-doped: 160 ml min" BCl; (b), 160 ml min" BCl; +

Taep = 850°C (c); Ti-B-doped: 90 ml min"' BCl; + 0.2 ml min™ TiCl, (d), 150 ml min™ BCI; +
0.2 ml min™ TiCly (¢). The deposition temperature was constant at 1005°C for (a, b, d, ¢). The

coating thickness of the outermost layer is displayed in the top right corner of each micrograph.

At Tgep = 1005°C, the GAXRD patterns, mainly showing a-AlL,O3; (JCPDF # 00-010-0173)
and TiCN, are very similar for undoped (Fig. 4a) and B-doped coatings (e.g. 160 ml min™
BCls, Fig. 4b), i.e. the different top-view coating morphology (cf. Fig. 3) is not connected
with a visible change in phase composition or texture. Lower Tgep result in a small amount of
k-Al,O3 at 950°C and the formation of an aluminum borate phase within the range of 850°C
to 900°C (Fig. 4c), which shows a stoichiometry like Al4B,O9 (JCPDF # 01-079-1477). An
aluminum borate phase also appears for the addition of 150 ml min™ BCl; and 0.2 ml min™
TiCly at Tgep = 1005°C. This phase seems to have a stoichiometry comparable to Al,0B4O36
(JCPDF # 01-080-2301), which is supported by the occurrence of peaks at 20.3° and 28.7°
(Fig. 4d). The observed dependency of stoichiometry on temperature is in agreement with
thermodynamic equilibrium [10] and also reported for the production of aluminum borate

whiskers [11-14]. Moreover, the higher content of boron within the aluminum borate
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deposited at 850°C explains the still increasing boron content within the coating, while its
phase fraction (Fig. 4c) seems to be lower compared to the Ti-B-doped coating (Fig. 4d). In
general, different types of aluminum borates show similar XRD patterns and the unambigous

detection of small changes in stoichiometry (e.g. Al;sB4Os3 vs. AlyoB4O36) is not possible.

A «ALO, v TICN & ABO, < ALBO

47279 204 " 36

intensity GAXRD / a.u.

20/°

Fig. 4. Selected GAXRD patterns: undoped alumina (a), B-doped alumina (160 ml min™ BCl, b), B-doped
alumina deposited for 300 minutes (Tge, = 850°C, 160 ml min™ BCl;, ¢), Ti-B-doped coating

(150 ml min" BCl; + 0.2 ml min™" TiCl,, d). Tyep is constant at 1005°C for (a), (b) and (d).

For each investigated coating, the a-Al,O; lattice parameters a and ¢ range from 4.76 A to
4.77 A and from 12.98 A to 13.00 A, respectively. Thus, the lattice of the alumina phase is
very similar to the standard values a-Al,O3 (a: 4.758 A, c: 12.991 A, JCPDF # 00-010-0173).
The residual tensile stresses for B-doped alumina coatings deposited at 950°C and 1005°C
were measured to vary between 490 MPa and 610 MPa. The coating deposited at 900°C
showed a lower stress value (290 MPa), which can be attributed to the lower coating thickness
and the lower difference between its T4, and room temperature (i.e., lower thermal

mismatch). For Ti-B-doped coatings slightly lower stress values have been observed (320 —
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450 MPa). However, residual stress values were detected using the (116) a-Al,O3 peak only
for coatings which mainly contsist of alumina.

Hardness measurements revealed increasing values for B-doped alumina coatings, deposited
with low and medium BCl; flow-rates (80 — 160 ml min™', Fig. 5a) which could be partly
attributed to the slightly decreased grain size. However, the lower hardness value for
200 ml min™' BCls, where the grains are comparable in size and shape, is not understood yet.
The addition of 0.2 ml min™' TiCly suppresses this hardness increase (Fig. 5¢), which could be
related to the increasing grain size for these coatings. Furthermore, a combination of TiCly
and higher BCl; flow-rate (150 ml min™") causes a drop in hardness. Decreasing Taep, from
1005°C to 850°C, consequences a continuously decreasing hardness value from 27.4 GPa to
21.0 GPa, respectively (Fig. 5b). In connection with an increasing fraction of the aluminum
borate phase with increasing boron content, these tendencies could be explained with the
lower hardness reported for aluminum borate whiskers. Nanoindentation tests on single
whiskers revealed hardness values of 10.4+0.3 GPa (Al4B,0y) and 12.8+0.4 GPa (Al;3sB4O33)
[11]. Although these whiskers are about one order of magnitude smaller, compared to the
aluminum borate grains in this work, their comparatively low hardness seems to be a
reasonable explanation for the lower hardness of those coatings containing borate phases. The
lowest hardness value (~18.4 GPa), measured for the Ti-B-doped coating deposited with
150 ml min"' BCls, could consequently result from the highest aluminum borate content (cf.

Fig. 4d) and the coarsest grain (cf. Fig. 3e).

34

32
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28
26
24

hardness / GPa

22 +
20 +
18 o

] B-doped, T, =1005°C |
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~ Ti-B-doped, T, =1005°C |

0 50 100 150
BCI, flow rate / ml min”

200

T T
850 900 950
deposition temperature T dep /

0 50 100 150
BCI, flow rate / ml min”

200

Fig. 5. Hardness of B-doped coatings deposited with varied BCl; flow-rate (a) and with varied T, (b),

compared to Ti-B-doped coatings deposited with 0.2 ml min™ TiCl,. Measurements were

performed on polished surfaces with increasing indentation force (1-50 mN).
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The oxidation protection capability of each coating was characterized with measurements of
the mass gain after a 2 hours heat treatment at 1000°C in ambient air. Subsequently performed
GAXRD measurements showed the dominating formation of titanium oxide, while only a
smaller peak-set of alumina is detected. Therefore, lower mass gain should be an indicator for
less titanium and oxygen diffusing through the outermost coating, i.e. the diffusion barrier
efficiency of the coating. In particular, B-doped coatings deposited with medium BCl; flow-
rates (120 — 160 ml min™', Fig. 6) possessed the lowest mass gains, but no improvement is
visible for the highest BCl; flow-rate. Mass gain values for Ti-B-doped coatings are more
scattering and their higher average values can be related to a denser crack network as visible
on polished samples. The mass gain is also increased to 6 mg and 9 mg for coatings deposited
at 900°C and 950°C, respectively. The lowest Tgep (850°C) caused the highest mass gain
(~160 mg), which could be related to the biggest difference between deposition and testing
temperature. As the heat treatment is conducted 150°C above Tgep, thermally activated

transformations are more likely, which could deteriorate the integrity of this coating.

7'_’ ''''''''''''''''''''''''''''''' ® B-doped
6d o] O Ti-B-doped
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E 4_7'7":'::7\': ''''''''''''''''''''''''''''''''''''' e
S . .
o 4 T S I P
3 u] /
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Fig. 6. Mass gain measured after a 2 hours heat treatment at 1000°C in ambient air.

Comparision of B-doped and Ti-B-doped alumina coatings deposited at 1005°C.

Fig. 7 presents the summarized friction coefficients, determined with ball-on-disc tests at
room temperature (open circles) and 700°C (solid triangles). The scattering of the steady-state
friction coefficient, as visible in a friction vs. sliding-distance plot, is indicated by the error
bars. At room temperature, all friction coefficients (prr) are in the range of ~0.5 to ~0.7 and
all friction curves show very low scattering. There seems to be a slight friction reducing effect

for B-doped and Ti-B-doped coatings, deposited at 1005°C with low and medium BCl; flow-
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rates, respectively (Figs. 7a, ¢). However, the reduced Tq., and the consequently raised boron
content results in a slight increase of urt (Fig. 7b). At 700°C, the friction coefficient (790)
decreases to ~0.5 for B-doped coatings (Tgep = 1005°C) compared to p700~0.7 for undoped
samples (Fig. 7a). For T4, = 950°C, the py09 value is still at ~0.45, but it increases rapidly as
the aluminum borate phase appears at lower Tqep (Fig. 7b). This suggests that small amounts
of k-ALLOs;, even if undetectable with GAXRD, could decrease high temperature friction.
Ti-B-doping causes an increased 700 with big changes in scattering, which do not correlate
with the increasing BCl; flow-rate (Fig. 7c). Nevertheless, the aluminum borate phase
containing coating deposited at 1005°C (150 ml min™ BCl; + 0.2 ml min™' TiCl,, Fig. 7¢c)
shows a slightly lower p799 compared to coatings deposited below 950°C (Fig. 7b).
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Fig. 7. Ball-on-disc friction coefficient at room temperature (open circles) and at 700°C (solid

triangles) for B-doped coatings (a, b) and Ti-B-doped coatings (0.2 ml min" TiCly, c).

Optical profiler measurements show little influence of B-doping on the wear behavior at RT.
While the wear track of the undoped coating (Fig. 8a) comprises lots of smaller grooves, for
low and medium BCl; flow-rates (e.g. Fig. 8b), there are less grooves which are slightly
deeper, and. the wear track looks on average smoother. For the highest BCl; flow-rate, there
are only small grooves visible and the track is even smoother (Fig. 8c). Comparable wear
tracks are also found for Ti-B-doped coatings. The deepest RT wear track (~3 um) is detected
for the 12 pm thick Ti-B-doped coating deposited with 150 ml min"' BCls, which contains a
big amount of aluminum borate phase (Fig. 8d). Similarly, coatings deposited at lower Tqep
show a lower wear resistance with increasing aluminum borate content (Figs. 8e, f).
Obviously, the lower hardness of the borate phase decreases the resistance against abrasive

wear and, consequently, the softest coating shows the deepest wear track.
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Fig. 8. Wear tracks after RT ball-on-disc tests, measured with white-light profilometry, for undoped (a),

B-doped (b, ¢), Ti-B-doped coatings (150 ml min™ BCl; + 0.2 ml min" TiCl, , d) and lower Tq, (e, f).

At 700°C, all coatings show a much broader wear track (Fig.9). Hence, all profiler
measurements were performed at lower magnification, compared to the samples tested at RT.
At elevated testing temperature, low and medium BCl; flow-rates result in a much narrower
wear track (e.g. Fig. 9b) compared to the undoped sample (Fig. 9a). Only for the highest BCls
flow-rate the wear resistance is reduced, causing an ~2 um deep groove (Fig.9c).
Simultaneously, B-doping weakens the coating adhesion at the Al,O3/TiCN interface, causing
holes outside the wear track after the 700°C ball-on-disc test, with a depth comparable to the
alumina coating thickness (Figs. 9b, ¢). The surface density of these holes increases with
decreasing Ty, or with increasing BCl; flow-rate (up to 160 ml min™). However, the coating
deposited with the highest BCl; flow-rate shows less holes. Also for Ti-B-doped coatings,
adhesion deteriorates with the addition of BCl; (Fig. 9¢) compared to TiCly addition only
(Fig. 9d), where no holes are detected. In the Ti-B-doped series, the wear tracks are similar to
the undoped coating, until the aluminum borate phase appears (Fig. 9f). The absence of holes
outside this wear track is rather attributed to the higher coating thickness, as the thinner borate
containing coatings grown below 950°C also show adhesion failures (Figs. 9h, 1).
Nevertheless, local adhesion failure occurs in the center of this wear track, but no grooves
deeper than 6 pm are visible. In general, coatings containing high aluminum borate amounts
show deeper wear tracks, when compared to the respective RT wear track. For the coating
deposited at 850°C, the low wear resistance consequences a wear track which already reaches
the TiCN base-layer (Fig. 91), where further wear could be stopped by this harder phase [15].

As the borate-containing Ti-B-doped coating is much thicker, the base-layer is not able to
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retard the penetration of the counterpart, which could explain the much deeper wear track

shown in Fig. 9f.
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0.0 0.5 1.0 1.5 2.0 0.0 0.5 1.0 1.5 2.0 0.0 0.5 1.0 1.5 2.0 2.5

X/ mm X/ mm X/ mm

Fig. 9. Wear tracks after 700°C ball-on-disc tests, measured with white-light profilometry, for

undoped (a), B-doped (b, ¢), Ti-doped (d), Ti-B-doped coatings (e, f) and lower Ty, (g —1).

The narrow wear tracks visible for medium BCl; flow-rates (e.g. Fig. 9b) and for
Taep = 950°C (e.g. Fig. 9g), have been the objective of extensive Raman spectroscopy
investigations. Nevertheless, no species beside alumina could be detected within these wear
tracks. Furthermore, the changed coating morphology could have a decisive influence on
initial testing conditions and the first formation of wear debris. A different kind of debris,
mainly consisting of alumina, could separate sample surface and counterpart in the sliding
contact. However, this approach could not explain the lower wear resistance for the coating
deposited with the highest BCl; flow-rate, which possesses the same morphology. Thus,
further methods are necessary, in order to clarify if tribologically active species or layers are
formed within these wear tracks. Additionally, the formation of a volatile boron containing
phase could impede an ex-situ detection. The lower p799 of these samples can be explained
with the smaller area in contact, hence less asperities are interlocking, which reduces friction.

The very high p7g, for lower Tqep, could be related to the fact that the sliding counterpart
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already faces the TiCN base-layer. Another influence might be, that for these coating
adhesion failures occurred also within the wear track (Figs. 9h, 1), which is not the case for

coatings without aluminum borate phase.

4. Conclusions

B-doping of alumina coatings grown by low-pressure chemical vapor deposition was
investigated, by the variation of precursor gases (BCl;, TiCly) and deposition temperature.
BCl; addition does not increase the boron content at Tge, = 1005°C. On the other hand, low to
medium BCls flow-rates (T4, = 1005°C) change morphology, increase hardness and improve
the high temperature tribological properties. The introduction of TiCly at 1005°C favors boron
incorporation but no coating hardening and reduced high temperature protection is observed.
Coatings deposited below 950°C show an increasing boron content with decreasing Tgep. In
general, significant boron incorporation is accompanied by the formation of aluminum borate
phases which cause lower coating hardness. The tribological behavior at RT is only little
influenced by B-doping, except the lower wear resistance of aluminum borate containing
coatings. For ball-on-disc tests, performed at 700°C, coatings deposited with low and medium
BCl; flow-rates at 950°C and 1005°C show lower friction values and improved wear behavior
against alumina, when compared to the undoped sample. Aluminum borate containing
coatings also show a lower wear resistance at 700°C. In contrast to thermal loads only, the
combination of elevated temperatures and mechanical loads during ball-on-disc tests reveals a
lower coating adhesion for all B-doped coatings with local failures originating mainly in the
Al,O3/TiCN interface. In summary, it has been shown that properties of CVD alumina
coatings can be improved by B- and Ti-doping, however, controlling the effect of B-dopants

at interfaces turned out to be of crucial importance.
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Abstract

Alumina (Al,O3) coatings deposited by chemical vapor deposition (CVD) with different
modifications and dopants are widely applied as wear resistant coatings on cemented carbide
cutting tools. The aim of this work was to investigate the influence of CH4 addition on the
deposition of Al,O3 by low pressure chemical vapor deposition (LPCVD). The coatings were
deposited at 1005°C on a TiN-TiCN base layer using a precursor gas mixture of AlCls;, CHy,
CO,, HCI, H,S, and H,. Coating characterization was conducted by scanning electron
microscopy (SEM), glow discharge optical emission spectroscopy (GDOES), X-ray
photoelectron spectroscopy (XPS), time-of-flight secondary ion mass spectrometry (ToF-

SIMS), glancing angle X-ray diffraction (GAXRD), nanoindentation and tribological ball-on-
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disc tests against Al,O3 balls. Additionally, the ball-on-disc wear tracks were investigated by
Raman spectroscopy.

The highest carbon doping content achieved in this study was in the range of 0.5 — 1.0 at.%.
SEM top-view images indicate a less facetted coating topography with slightly bigger grains
for C-doped coatings. GAXRD patterns show the a-Al,O3; modification for undoped and C-
doped coatings with only minor differences concerning lattice parameters, preferred
orientation and stresses. The hardness values remain at ~25 GPa for both coating types. The
friction coefficient decreases from 0.7 for undoped Al,Os to 0.5 and 0.4 for the C-doped
coating at room temperature and 700°C, respectively, which is attributed to the formation of a
lubricious nanocrystalline graphite layer in the sliding contact. At 900°C, both coatings show
a further reduction of the friction coefficient to 0.35 due to out-diffusion of titanium through

the thermal crack network of the Al,Os layer and formation of rutile.

1. Introduction

Hard coatings deposited by chemical vapor deposition (CVD) are frequently used, in order to
increase the wear resistance of tools. Despite of their outstanding wear resistance, their
friction behavior often seems to be improvable [1]. Introducing a lubricating phase is an
approach which offers reduced friction compared to wear resistant hard coatings like (Al,Cr)N
[2] or Al,O3 [3]. For cemented carbide cutting inserts, Al,Os is often part of a CVD coating
system, due to its chemical stability and hot hardness [4, 5]. In particular, the addition of CH4
during deposition of Al,Os is reported to reduce the grain size [6-8] and carbon incorporation
is suggested [8, 9], but the tribological behavior of such coatings has not been investigated so
far.

Consequently, the present work deals with the influence of C-doping on the tribological
behavior of CVD Al,O;3 coatings. While the general influence of C-doping on the structure of
Al,O3 coatings has been reported only for laboratory-scale deposition experiments [6-9], in
the present study an industrial-scale deposition plant is used. Thus, the already reported grain
refinement, potentially related to improved mechanical properties, should be combined with
the occurrence of solid-lubricating graphite-like phases as reported for other Al,Os;

applications [10, 11], in order to improve cutting performance.

2. Experimental details
Al,O3; monolayer coatings were deposited by thermally activated low pressure CVD at a

deposition pressure of 80 mbar. The temperature during Al,O; deposition was set to 1005°C,
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utilizing an industrial-scale hot-wall CVD plant with radial gas distribution (Bernex BPX
530L). The precursor mixture is comparable to state-of-the-art recipes [12-14] and contains
the gases AlCls;, CO,, HCI, H,S, and H,. For the C-doped coatings, a CH, flow-rate of 1 I/min
and 2 I/min, respectively, was added (corresponding to 1.8 and 3.5 vol.% of the total gas
flow) and balanced with a lower H, flow-rate, while all other flow rates were kept constant.
The Al,O3 deposition time was kept constant at 3 hours. To improve adhesion and suppress
coating/substrate interdiffusion, a TiN/TiCN base-layer was applied between the cemented
carbide substrates (11 wt.% Co, 4 wt.% TiC, 8 wt.% TaC-NbC, 77 wt.% WC) and the AL,Os.
In order to force the growth of the a-Al,Os; modification, a thin bonding layer [15-17] was
deposited between base-layer and AL,Os;. For tribological tests, disc-shaped cemented carbide
substrates with a diameter of 30 mm and a thickness of 4 mm were used; all other
investigations were performed on flat cemented carbide cutting inserts (ISO-1832: SNUN,
12.8 x 12.8 x 4.8 mm’). Prior to deposition, all substrates were polished and cleaned with a
standard procedure comparable to commercial production.

Concentration depth profiles were determined by glow discharge optical emission
spectroscopy (GDOES) with a Jobin-Yvon Horiba JY10000RF equipment, using a pulsed RF
generator. A plasma cleaning process was used in order to reduce the amount of contaminants
adsorbed on the sample surface. The given chemical compositions were calculated by
averaging these concentration values within the respective Al,Os3 layers. To confirm these
coating compositions, X-ray photoelectron spectroscopy (XPS) was performed, using an
Omicron Multiprobe system (Al Ka radiation). Spectra were obtained for the as-deposited
state, after in-situ vacuum annealing at 350°C for 20 minutes and after Ar’ ion sputtering at
2 keV for 20 minutes.

Additionally, time-of-flight secondary ion mass spectrometry (ToF-SIMS) measurements
were performed, providing a qualitative comparison of the C-content with a higher resolution.
An ION-TOF time-of-flight SIMS (TOF.SIMS®) instrument with a 500 x 500 um? field of
view was used on cross-sections of undoped and C-doped coatings. Element mapping was
carried out in the dual beam mode [18] using a high energy analysis beam (particles: Bi;;
acceleration energy: 25 keV; resolution: 256 x 256 pixel) and a low energy beam for material
abrasion (particles: Cs'; acceleration energy: 1 keV). First primary ions — from a liquid metal
ion gun — were accelerated to the sample surface (in this case a cross-section of the coating),
where they generate secondary ions, which were analyzed in a time-of-flight mass analyzer.
During the analyze time, Cs™ ions — which enhance the formation of negatively charged ions

(like C” or AlO") — ablated a 1000 x 1000 pm” area of the sample surface. Before the sample is
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analyzed again, an electron flood gun is used to compensate the charging of the sample
surface. In order to increase the visible coating thickness on the cross-sections, the grinding
and polishing of the cross-section was done with a grazing angle of 2°. The last polishing step
was performed with a silica suspension (Struers, OP-U), as diamond polishing probably
would interfere with the C-content measurement.

The crystallographic structure and phase formation were determined with glancing angle X-
ray diffraction (GAXRD) using Cu Ka radiation with an incident angle of 2°. The
composition of the TiICN base-layer was calculated with stress correction, based on GAXRD
measurements with an incident angle of 10°. The residual stresses were analyzed with the
sin“y-method. All XRD measurements were conducted with a Panalytical X’Pert Pro
diffractometer. Coating top-view morphology and fracture cross-section appearance were
investigated with a scanning electron microscope (SEM, Zeiss EVO 50) equipped with an
energy-dispersive X-ray analyzer (EDS, Oxford Instruments INCA).

Hardness and Young’s modulus were assessed by nanoindentation on diamond-polished
coating surfaces, using a UMIS system with a Berkovich indenter, and loads stepwise
increased from 1 to 50 mN for each measurement. The tribological characterization was
performed on CSM ball-on-disc tribometers at room temperature, 700°C and 900°C with a
6 mm diameter Al,Os3 ball counterpart. Normal-load sliding-distance combinations of 10 N
for 500 m and 5 N for 100 m were used for room temperature and high temperature tests,
respectively. For all tests, a tangential sliding speed of 0.1 m/s and a wear track radius of
5 mm were selected. The wear tracks were characterized with light optical microscopy (LOM)
and a Wyko NT1000 3D profiling system based on white light interferometry. Subsequently,
all discs from room- and high temperature ball-on-disc tests were investigated with Raman
spectroscopy, using a Jobin-Yvon LabRam confocal Raman spectrometer (Nd-YAG laser,
wavelength: 532.2 nm, power: 10 mW). Several measurements were performed within and

outside the wear track after a calibration procedure on silicon, polyethylene and calcite.

3. Results and discussion

The chemical composition of the undoped and C-doped Al,O; layer, as characterized with
GDOES, is listed in Table 1. Beside aluminum and oxygen, showing a stoichiometry close to
the nominal Al,Os value, also nitrogen (~5 at.%), titanium (~0.1 — 0.2 at.%) and carbon could
be detected. The average C-content within the Al,O; coating increases to 0.2 at.% only for an
addition of 2 I/min CH4, while the coating deposited with 1 1/min CH4 shows a C-content of
0.1 at.% which is similar to the undoped coating. The GDOES concentration-depth-profiles
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show carbon enrichment for all coatings at the surface which is more pronounced for the C-
doped coatings. The highest value is measured for the coating deposited with 2 I/min CHy,
which exhibits a C-concentration of ~0.7 at.% close to the surface. Apart from the initial
surface contamination, the occurrence of thermal cracks could also contribute to the detection
of elements which are forming the base-layer (titanium, carbon, nitrogen). As thermal cracks
occurred for all coatings within this work, a simultaneous sputtering of base-layer atoms
could influence the amount of titanium, carbon and nitrogen detected within the Al,O; layer.
The composition of the base-layer itself is relatively constant within the range of 15 - 17 at.%
carbon and 35 — 33 at.% nitrogen, respectively (see Table 1), because its deposition
conditions were unchanged. However, the origin of the rather high nitrogen content detected

within the Al,O; layer is not clear yet, but could in part also originate from the base-layer.

Table 1
Chemical composition of the Al,O; coatings investigated (GDOES) and of the base-layer (GAXRD).

CH, [1 min™] at.% Al at.% O at.% N at.% C Al/O base-layer
0 40.1 54.9 4.8 0.1 0.73 TiCo3No7
1 42.0 52.5 52 0.1 0.80 TiCy33No.67
2 40.3 53.9 54 0.2 0.75 TiCy32Nos

A comparison of the GDOES data by applying more surface-sensitive XPS measurements has
been performed for as-deposited coatings, after an 350°C in-situ heat treatment (20 minutes)
and after 2 keV Ar-sputtering (20 minutes). For the C-doped sample (1 I/min CHj), the
amount of carbon is decreased from ~29 at.% (as-deposited) to ~20 at.% after the heat
treatment. The undoped coating shows a decrease from ~11 at.% to ~8 at.%, respectively.
Apparently, the addition of CH4 during Al,Os deposition also influences the amount of C-
containing species at the surface of the Al,O; layer. After the 2 keV Ar-sputtering, no carbon
can be detected for the undoped coating while the C-content is comparable to the detection
limit for both C-doped samples. For the latter, just a hint of a C-peak is visible, hence the
corresponding amount of carbon could be roughly estimated to ~0.5 — 1.0 at.%. Nevertheless,
this is in good agreement with the C-concentration values detected in the vicinity of the
surface with GDOES.

Qualitative ToF-SIMS measurements show the difference between undoped and C-doped

samples more clearly. The results displayed in Fig. 1 are based on measurements performed at
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an area of 500 x 500 um?” of the cross-section of the undoped and C-doped coating. For an
easier comparison of the carbon signal, the two-dimensional field-of-view was summed up for
each pixel row (parallel to the coating/substrate interface) and the resulting intensity is plotted
in Fig. 1 along the coating cross section (from the base-layer, to the alumina coating and to
the surface). As the C-content within the TiCN base-layer is rather similar for both coatings
(see Table 1), it was used for normalization of the measurements. Within the C-doped
alumina coating (1 1/min CH,4) a significantly higher content of carbon is detected compared
to the undoped alumina coating (Fig. 1). The peaks of C-content detected within the C-doped
alumina coating are rather attributed to a local influence of the base-layer than to local carbon
enrichment. For example, local adhesion failure of the alumina coating occurring during ToF-
SIMS measurement could consequence that base-layer species are detected within the alumina
coating. Nevertheless, these additional peaks do not countermand the result that the C-doped
coating shows a clearly higher level of C-content. Furthermore, the ToF-SIMS results
obtained at the surface are in good agreement with the XPS results, as the C-content at the
surface is relatively high for the C-doped Al,Os coating (1 I/min CHy) but clearly lower for

the undoped coating.

TiICN, ALO, \  surface
(Pol.) | (polished) (as-deposited)
. | : C-doped
L !
3 1y :
® !
- ] | :
<
Q .
C - |
|
8 ] i | undoped
© l :
| |
|
B 1
| |
| |
| ! | ! | ! | ! | ! |
0 100 200 300 400 500

length / um

Fig. 1. Qualitative ToF-SIMS measurements on undoped and C-doped (1 I/min CH,) alumina coatings,

showing the C-content on the polished cross-section as well as on the unpolished surface.

Although only a small difference in chemical composition of the undoped and the C-doped
layers could be detected, top-view SEM images (Fig. 2a,b) show less facetted and bigger
grains for the C-doped Al,O3 coating compared to the undoped Al,Os. This is contrary to the

reported grain refinement for carbon incorporation [7], which might be related to slightly
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changed growth conditions, where also the dopant amount could be too low for inhibiting
grain growth. The undoped coating also shows some marbled grain faces and regions with
many small facets, which are both not visible for the C-doped coatings. The fracture cross-
section images (Fig. 2¢,d) indicate a lower surface roughness for the undoped Al,Oj; coating,
probably related to its smaller grains. The coating thickness is comparable for undoped and C-
doped coatings, which corresponds to an Al,O3 growth rate in the range of 1.3 pm h™', as the
deposition time was kept constant at 180 minutes. The morphology is very similar for the C-
doped coatings deposited with 1 1/min and 2 1/min CHa4, hence only the former is displayed in
Fig. 2.

EIJ‘min,CH, 1 l/min CH,

Fig. 2. SEM micrographs show the coating top-view morphology of undoped (a) and C-doped Al,O; coatings
(b). The fracture cross-section images show the AL,O3/TiCN interface (dashed white line) and the cemented

carbide substrate (bottom edge) for undoped (c) and C-doped Al,O; coatings (d).

For all coatings, GAXRD investigations show the a-Al,Os; modification with lattice
parameters (Table 2) very close to the JCPDS standard (PDF 00-010-0173). Beside Al,Os,
only TiCN from the base-layer and small amounts of TiO, could be detected with GAXRD.
Most likely, the TiO; is located at the interface between Al,O3; and TiCN and part of the
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bonding layer [17]. No significant effect of C-doping on the preferred orientation of the
a-Al,Os3 phase could be detected. For the coating deposited with 1 1/min CHa, the residual
tensile stresses are slightly decreased to ~400 MPa, compared to ~570 MPa for the undoped
coating, but the coating deposited with 2 I/min CH4 again shows an increased residual stress
of ~600 MPa. The thermal crack network, visible on polished sample surfaces, is comparable
for all coatings. The coating hardness and the Young’s modulus are in the range of 25—
26 GPa and 370 — 390 GPa, respectively. Both values are not significantly affected by C-
doping and comparable to literature [19, 20].

Table 2

Lattice parameters, residual stress, mechanical properties of the Al,O; coatings investigated

CH,4 modification a c Oes H E

[1 min™] [A] [A] [MPa] [GPa] [GPa]

0 0-Al,O3 4758 12.991 570 25.7+1,7 371+ 33
1 0-Al, O3 4757 12.988 400 249+23 393 +£26
2 0-Al, O3 4755 12983 600 26.1+23 387 +23

As the tribological behavior of both C-doped coatings is comparable, only the data of the
coating deposited with 1 I/min CHy4 is discussed below and in the following the term “C-
doped” refers to this coating. Obviously, a very low and difficult to analyze C-content already
influences the tribological behavior significantly and a further increase in C-content, say from
<0.5 at.% to ~1 at.%, does not consequence an additional improvement. At room temperature,
tribological investigations show a lower average steady-state friction coefficient (pgs) of ~0.5
for the C-doped Al,Oj; coating, compared to ~0.7 for the undoped coating, while the scattering
of the friction curve is not significantly affected (Fig. 3). LOM images reveal the occurrence
of darker spots within the wear track of the C-doped coating (Fig. 4b,c), which are not visible
within the wear track of the undoped ALLO; coating (Fig. 4a). At a higher magnification, the
LOM image reveals that these spots show an orientation perpendicular to the sliding direction
(Fig. 4c), probably indicating a laminated structure and the occurrence of shear processes.
Raman measurements show that these darker regions consist of AlLOs; [21] and
nanocrystalline graphite [22, 23] as displayed in Fig. 4d (spectrum I), while in between these
dark spots (Fig. 4d, spectrum II) and within the wear track of the undoped coating (similar to

Fig. 4d, spectrum II), only Al,O3 can be detected. The reduction of the room temperature
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friction coefficient is attributed to the lubricating effect of graphite [24]. As these graphite

containing areas are only partly covering the wear track, the friction coefficient is still higher

compared to other graphite including systems reported in literature [25].

RT friction coefficient p_.

. 0.0 I/min CH4 . 1.0 I/min CH4
0-0 L] l L] l L] l L] l L] L] l L] l L] l L] l L]
0 100 200 300 400 500 0 100 200 300 400 500

sliding distance / m

Fig. 3. Room temperature friction coefficients measured with ball-on-disc tests for undoped (a)

and C-doped (b) Al,O; coatings (ALO; counterpart, 10 N load, 0.1 m s sliding speed).

At 700°C, the ball-on-disc tests show a comparatively higher difference between undoped and
C-doped Al,O3 coatings, i.e. the average friction coefficient decreases from ~0.7 to ~0.4 for
the undoped and C-doped coating, respectively (Fig. 5). The undoped coating also shows a
considerably higher scattering of the friction curve, which is probably caused by the larger
amount of wear debris (mainly ball material) within the broad, flat wear track. The wear track
of the C-doped coating is at least five times narrower (see Fig. 6a,b) compared to the undoped
coating and shows a completely different appearance. SEM images with higher magnification
show a lot of smeared debris material within the wear track of the undoped coating (Fig. 6d),
but only few debris for the C-doped coating (Fig. 6¢). Moreover, for the C-doped coating
there are relatively large regions which are almost unaffected by the sliding contact and the
original coating morphology is still visible within the track (compare Fig. 6e to Figs. 6f and
2b). Consequently, at lower magnification, the wear track is difficult to identify on the SEM
image (Fig. 6¢). The wear track appearance suggests lower adhesion forces within the tribo-

contact for the C-doped coating compared to the undoped coating. This could be the reason
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0 I/min CH, 1 I'min CH,

inteneity ¢ a.u.
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Fig. 4. Wear tracks of undoped (a) and C-doped (b, ¢) Al,O; coatings after ball-on-disc tests at room
temperature (LOM pictures). Raman measurements (d) performed at a dark region (spectrum I) and
at a bright region (spectrum II) within the wear track of the C-doped coating, showing bands of
Al O3 and nanocrystalline graphite.

for lower ball wear and hence less wear debris formation, causing a smaller area of
interaction, i.e. a narrower wear track (see Fig. 6a,b). The reason for the lower adhesion forces
could be either a modification of the Al,Os structure by C-doping and/or the effect of carbon
on formation of tribological reaction layers in the sliding contact, where the undoped Al,O;
coating is rather similar to the ball material, which would favor adhesion [26]. However,
extensive Raman measurements did not detect any species, except Al,Os, within or outside
the wear tracks after the 700°C test and there are no signs for surface-segregation of base-
layer elements. Although the oxidation of carbon starts at 600°C [27], the activity of Al,Os-
incorporated carbon, which diffuses to the surface during testing, can not be excluded.
Additionally, traces of surface-segregated carbon could — although being permanently formed
in the sliding contact — probably completely vanish during the cooling period after the ball-

on-disc test.
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Fig. 5. Friction coefficients measured with ball-on-disc tests at 700°C for undoped (a) and

C-doped (b) AL,O; coatings (Al,O5 counterpart, 5 N load, 0.1 m s! sliding speed).

Increasing the ball-on-disc testing temperature to 900°C causes a still slightly lower friction

coefficient for undoped (~0.36) and C-doped coatings (~0.37, see Fig. 7) and both coatings

offer a good high temperature protection during the testing procedure with an overall duration

of ~2 hours at 900°C. SEM images (Fig. 8a,b) show a narrow wear track with low amounts of

wear debris for both the C-doped and undoped coating. The scattering of the friction curve

and the amount of wear debris is slightly smaller for the C-doped coating. SEM images with

higher magnification show almost unaffected regions within the wear track of both coatings

(Fig. 8c,d), suggesting that the original coating surface is partly well separated from the

counterpart ball. EDS elemental maps show an enrichment of Ti in the vicinity of the thermal

cracks (Fig. 8e,f), which are visible within and outside the wear track for the undoped and the
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Fig. 6. Comparison of 700°C wear tracks for undoped (a, SEM) and C-doped Al,O; coating (LOM: b, SEM: c).
Wear track images with higher magnification are shown for undoped (d) and C-doped Al,O3 coatings (e).

Detail (f) shows an area outside the wear track of the C-doped coating.
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Fig. 7. Friction coefficients measured with ball-on-disc tests at 900°C for undoped (a) and

C-doped (b) ALO; coatings (Al,05 counterpart, 5 N load, 0.1 m s sliding speed).
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Fig. 8. SEM images of wear tracks for undoped (a,c) and C-doped Al,O; coatings (b,d) after a ball-on-disc
test at 900°C. Elemental EDS-maps, showing the Ti-signal within the wear tracks, are also shown

for undoped (e) and C-doped Al,Oj; coatings (f).

C-doped coating. Despite the apparently more pronounced segregation occurring at the
thermal cracks (cf. Fig. 8a and Fig. 8b) of the undoped coating, the amount of detected Ti at
the crack network is similar for the undoped and the C-doped coating. Raman investigations
within the 900°C wear tracks revealed the occurrence of Al,Os; [21] and rutile [28] for both
coatings (Fig. 9). Only AL,Os containing regions (Fig. 9, spectrum I), rutile dominated spectra
showing only tiny shoulders at the Al,O; peak positions (Fig. 9, spectrum II, IIT) and spectra
with similar amounts of Al,O; and rutile can be found within undoped and C-doped wear
tracks. The occurrence of graphite is attributed to diffusion of base-layer atoms to the surface,
which is corroborated by two facts: (i) carbon bands occur only in connection with rutile and
(ii) also the undoped coating shows graphite bands. Furthermore, the formation of rutile
consumes titanium from the base-layer and makes some carbon redundant, which could
diffuse to the surface. A comparable behavior has been reported for Al,O3-TiC bulk material
[29], where also titanium oxidation and carbon diffusion occur. The relatively big amount of

carbon, which is available as the TiCN base-layer contains a major fraction of carbon, could
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explain the detection of graphite bands, despite the increased temperature which should lead
to faster oxidation and volatilization of carbon at the surface. Compared to the room
temperature wear tracks, the graphite bands are much weaker at 900°C and the rutile bands
are dominating. Hence, for both coatings, the observed reduction of the friction coefficient
seems to be mainly caused by Ti which diffuses from the TiCN base-layer through the
thermal crack network of the Al,O3; coating and forms rutile on the surface (Fig.9). The
friction reduction capabilities of rutile are already documented in literature [30, 31]. The
slightly lower friction coefficient, compared to similar systems [3], is attributed to the higher

testing temperature, which could favor lower shear forces in the rutile.

. e nc-graphite 4 ALO, = rutile

° °
ALA: :A A ! !

o
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I l: L) I L) L) I L) L) I L) : L) I l‘ L)
0 300 600 900 1200 1500 1800
=

intensity / a.u.

wavenumber / cm

Fig. 9. Raman measurements after the 900°C ball-on-disc test within the wear tracks of the
undoped Al,O; coating (spectrum I, IT) and the C-doped Al,O5 coating (spectrum I1II),

showing bands of Al,Os, rutile and nanocrystalline graphite.

4. Conclusions

For the investigated CVD Al,O; coating system, the addition of CH, to the precursor gas
mixture causes incorporation of small amounts (i.e. <1 at.%) of carbon within the Al,O3
layer, but changes the coatings morphology and significantly improves the tribological
behavior without deteriorating the mechanical properties. Surface segregation of carbon —
more pronounced for the C-doped alumina coatings — suggest that carbon incorporation into
alumina is less favorable at the deposition conditions applied within this study. However, the
friction coefficient of undoped Al,O3 (~0.7) is lowered by C-doping to ~0.5 and ~0.4 at room

temperature and 700°C, respectively. At 900°C testing temperature, titanium diffusion from
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the base-layer and the formation of rutile determines the tribological behavior of undoped and
C-doped Al,Os3, resulting in a still relatively low friction coefficient (~0.35). The diffusion of
base-layer elements mainly occurs through the thermal crack network and seems to be less
pronounced for the C-doped coating. Nevertheless, both, undoped and C-doped Al,O3
coatings, offer good high temperature protection against thermal loads like the two hours of
tribological testing at 900°C. In order to further illuminate the influence of carbon
incorporation in Al,Os (e.g. grain refinement), higher C-contents, i.e. further adaptations of
the deposition process would be necessary. However, also the low C-contents investigated
within this study have proven to influence the tribological behavior of Al,Os coatings

beneficially.
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Abstract

The application of wear resistant alumina-containing coating systems is a common approach
to improve cutting performance of cemented carbide cutting inserts. This work focuses on the
influence of B- and Ti-B-doping on the thermal stability of x-Al,Os; deposited at high
temperature and low pressure by chemical vapor deposition. The investigated coating
architecture includes a k-Al,Oj bilayer, separated by a TiN/TiCN interlayer, and a TiCN base-
layer grown on cemented carbide substrates. The transformation from k-Al,O3; to a-Al,O3
was examined with high temperature X-ray diffraction at 1030 and 1000°C as well as
glancing angle X-ray diffraction after different heat treatment times at 1000°C. Chemical
composition and coating morphology were determined with glow discharge optical emission

spectrometry and scanning electron microscopy, respectively. In general, doping retarded the
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k-o-transformation. Ti-B- and, to a lower degree, B-doping entailed a slower diffusion of
base-layer and substrate species through the x-Al,O3 bilayer, thus retarding the formation of
segregated species on the sample surface. In addition, the heat treatment atmosphere

decisively affected the k-o-transformation.

1. Introduction

The unique combination of properties and the possibilities of designing them, e.g. by varying
the crystal modification or the synthesis method, make alumina a widely used material for
coatings [1] as well as for bulk material [2]. For cutting applications, it is probably the most
successful material used as hard, wear- and oxidation-resistant coating [3]. It advantageously
offers high hardness, chemical stability and low thermal conductivity, also at elevated
temperatures [4, 5]. The major deposition method for these coatings is thermally activated
chemical vapor deposition (CVD), where temperatures in the range of 800 to 1100°C are
necessary [6, 7]. While numerous polymorphs of Al,O3 are known, only the metastable «-, y-
and 0-Al,03 as well as the thermodynamic stable a-Al,O3 have been investigated for cutting
applications [8-11]. Mainly a- and k-Al,Os, both anhydrous [12], are utilized in order to
increase the performance of cemented carbide cutting tools [8, 10, 13-17]. Compared to the
stable a-Al,Os3, the k-modification possesses morphological advantages, e.g. less pores, finer
grain size [8, 10, 17, 18] and lower thermal conductivity [4]. However, the transformation
from k-Al,O3 to a-Al,O3 must be avoided, due to the accompanying volume contraction [19,
20], which deteriorates coating performance. Nevertheless, for k-Al,Os coatings grown
without sophisticated process control, the transformation occasionally occurred during the
deposition process, where the main influencing parameters are deposition temperature,
deposition time and contamination of the precursor gas mixture [21]. Further effects may be
caused by the presence of impurities [22, 23], multilayer periodicity [24] and the constitution
of the layer deposited prior to k-ALO; [9, 17]. Also mechanical activation and the stresses
induced during cutting [25, 26] influence the transformations of the metastable Al,O3; phases.
Improved control of the nucleation of Al,O3 growth allowed the deposition of the single-
phase a- or k-polymorphs [11]. During heat treatment of such single-phase k-Al,O3 layers,
the k-a-transformation typically starts at thermal cracks [27] and high-temperatures as well as
the presence of free surfaces seems to be a precondition for transformation [24, 28, 29]. Due
to the volume contraction, transformed a-Al,Os regions show secondary cracks, which form a

continuous network for fully transformed coatings [27, 30, 31]. Except crack formation, there
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are no changes in surface morphology visible, which is related to the absence of large-scale
atom rearrangement during transformation [19, 27]. Furthermore, the close-packed anion
lattice planes seem to be preserved but rotated [29]. While the k-o-transformation for
undoped Al,Os is investigated in detail, the influence of doping elements is often examined
only for bulk Al,O; [32-35] or it is a matter of unintentionally present impurities within CVD
AL Oj; coatings [21-23]. Little work is accessible concerning the influence of doping elements,
intentionally incorporated in CVD Al,O3 coatings [36, 37]. Consequently, this work focuses

on the influence of B-doping and Ti-B-doping on the thermal stability of k-Al,Os.

2. Experimental details

k-Al,O3 bilayer coatings, separated by a thin TiN/TiCN interlayer, were deposited by
thermally activated low pressure CVD at a deposition pressure of 80 mbar. The deposition
time was kept constant at 65 minutes for each k-Al,O3 layer. During x-Al,O3 deposition, the
temperature was set to 1000°C, utilizing an industrial-scale hot-wall CVD plant (Bernex BPX
530L) and the main precursor gases were AICl;, (~2 vol.%) and CO; (~4 vol.%) with H,
carrier gas. Additionally, HCl and small amounts of H,S were part of the precursor gas
mixture. B-doping was realized with a BCl; flow rate of 150 ml min™ (~0.3 vol. %). In the
case of B-doped or Ti-B-doped k-Al,Os also the interlayer was B-doped. Ti-doped k-Al,Os
coatings were deposited with a TiCl, flow rate of 0.2 ml min™ (~0.1 vol.%). Both, BCls- and
TiCls-addition were not balanced with a lower H, flow rate due to their comparable low
amount. To improve adhesion and suppress coating/substrate interdiffusion, a TiN/TiCN
base-layer was applied between the cemented carbide substrates and the k-Al,O; bilayer. For
high-temperature X-ray diffraction (HTXRD), disc-shaped cemented carbide substrates (6
wt.% Co, 1 wt.% TiC, 5 wt.% TaC-NbC, 88 wt.% WC, grinded surface) with a diameter of 12
mm and a thickness of 2 mm were used. All other investigations were performed on polished
cutting inserts (ISO-1832: SNUN, 12.8 x 12.8 x 4.8 mm’) with a cemented carbide grade
containing 11 wt.% Co, 4 wt.% TiC, 8 wt.% TaC-NbC and 77 wt.% WC. Prior to deposition,
all substrates were cleaned with a standard procedure comparable to commercial production.
The coating top-view morphology and fracture cross-section appearance and the chemical
composition of selected sample areas were investigated with a scanning electron microscope
(SEM, Zeiss EVO 50) equipped with an energy-dispersive X-ray analyzer (EDS, Oxford
Instruments INCA). Concentration depth profiles were determined by glow discharge optical
emission spectroscopy (GDOES) with a Jobin-Yvon Horiba JY10000RF equipment, using a

pulsed RF generator. A plasma cleaning process was used in order to reduce the amount of
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contaminants adsorbed on the sample surface. The crystallographic structure of as-deposited
coatings were determined with glancing angle X-ray diffraction (GAXRD) using an angle of
incidence of 2°. The residual stresses in the ALOs layer were analyzed with the sin“y-method.
Isothermal high-temperature XRD (HTXRD) measurements were performed at 1000°C and
1030°C, with a N, flushed high-temperature oven-chamber (HTK 1200, Anton Paar). This
heat treatment was done for 1000 minutes and the evolution of phase composition was
observed with intermediate 0-26-scans. The amount of k-Al,O; (JCPDF # 00-052-0803) and
a-Al,Os (JCPDF # 00-010-0173) was measured with the peak sum intensity of the seven
strongest peaks for each phase for 20° < 26 < 70°. Both, GAXRD measurements and HTXRD
measurements were conducted with a Panalytical X’ Pert Pro diffractometer (Cu Ko radiation).
At 1000°C, the thermal stability of the k-Al,Os bilayers was also examined with a heat
treatment furnace (Carbolite RHF1600, Ar-flushed) and with a vacuum furnace (HTM-Reetz,
pressure: ~10° mbar). There, the phase evolution was investigated with GAXRD, utilizing a

Bruker D8 Advance diffractometer and an angle of incidence of 2°.

3. Results and discussion

The coating morphology of undoped, B-doped and Ti-B-doped «-Al,O; bilayer coatings is
displayed in Fig. 1. The top-view micrographs do not show significant differences and the
slightly more distinct surface relief for doped coatings does not correlate with increased
roughness seen in the fracture cross-sections. The cross-sections shows the structure of the
coating systems, comprising a TiCN base-layer (5-6 um thick), two k-Al,Os layers (0.9-1.3
pum each) and a TiN/TiCN interlayer (0.2-0.3 um) in between. In Fig. 1, both the interfaces of
the interlayer and the interface between the base-layer and the inner k-Al,Os layer are
highlighted with white dashed lines. Correlating to an increasing k-Al,Os coating thickness,
visible at the cross-sections, the growth rate is increasing from 0.8 pm h™ to 1.0 pm h™ and
1.2 um h™ for undoped, B-doped and Ti-B-doped k-ALOs, respectively.

The doping influence on chemical composition is shown by the GDOES concentration depth-
profiles for aluminum, oxygen, titanium and boron (Fig. 2). For undoped and doped k-Al,O3,
the aluminum and oxygen content is comparable and, within the outer x-Al,Os layer, the
measured Al,Oj3 stoichiometry is close to the nominal value. Despite the comparable coating

thickness of both k-Al,O3 layers (see Fig. 1), the inner k-Al,O3 layer seems to be significantly
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Fig. 1. SEM images of undoped (a), B-doped (b) and Ti-B-doped «-Al,O; bilayer coatings (c), showing
top-view (left) and fracture cross-section images (right). Each of the two k-Al,O5 layers
is labeled and their interfaces are indicated by white dashed lines.

thinner and shows a slightly lower oxygen content, which could be related to the decreasing
depth resolution of the GDOES measurement with increasing measurement time (i.e.
increasing crater depth) [38, 39]. The undoped coating shows a boron content ~5 ppm within
the k-Al,O3 layers which is slightly increased in the interlayer (~30 ppm). For coatings
deposited with a BCls-containing precursor gas mixture, the boron content within the k-Al,O;
layers increases to 50 — 65 ppm and 70 — 100 ppm for B-doped and Ti-B-doped coatings,
respectively. Simultaneously, the boron content within the interlayer is increased to a peak
value close to 0.2 at.%. With TiCl, addition, the titanium content within the outer k-AlLO;
layer increases to 0.5 at.% compared to 0.2 at.% for undoped and B-doped k-Al,Os;
(excluding the increasing Ti-concentration at the surface and at the k-Al,Os/interlayer
interface seen in Fig. 2). Assuming that this increasing titanium content (~0.3 at.%) is
incorporated in the alumina lattice indicates a higher solubility limit of k-Al,O3 for titanium
compared to the significantly lower values reported for a-Al,Os [40, 41]. Also previous
investigations [42] showed that the incorporation of dopants within CVD a-Al,Os is difficult
at 1000°C deposition temperature. However, one should also keep in mind that the CVD
deposition process, although conducted at relatively high temperatures, probably does not
reach thermodynamic equilibrium, which might also contribute to an increased solubility of
dopants. Comparing the outer and the inner k-Al,O;3 layer in Fig. 2 shows higher boron and
titanium contents for the latter. This could be related to the fact that this layer is bordered by
Ti- and B-containing coatings at both interfaces. Additionally, the deposition of the interlayer
and the outer k-Al,O3 layer, which acts as a 1000°C heat treatment for the inner x-Al,O3
layer, could cause a more pronounced diffusion of titanium and boron into the inner k-Al,O3

layer compared to the outer one. Moreover, the decreasing depth resolution of the GDOES
-92 -



D. Hochauer Publication IV

with increasing measurement time reduces the sharpness of the interfaces visible in the
concentration depth profiles, which could also contribute to an apparently increased titanium
and boron content. Undoped and Ti-B-doped concentration profiles also show a segregation

of titanium and boron at the surface, which is not visible for the B-doped coating.

undoped B-doped Ti-B-doped

Al, O /at.%

Ti/ at.%

B/at.%

Fig. 2. Chemical composition of undoped (left column), B-doped (middle column) and Ti-B-doped (right
column) k-Al,O; bilayer coatings, displayed by the GDOES concentration depth profiles of aluminum
and oxygen (upper row), titanium (middle row) and boron (lower row). Outer k-Al,O; layer (at the
surface) and inner k-Al,O5 layer are labeled with “OL” and “IL”, respectively. The boron
concentration is plotted with a larger scale of the ordinate.

For all as-deposited coatings, regardless of incorporated dopants, GAXRD measurements
show two phases which are k-Al,O3 and TiCN. As the GAXRD pattern is very similar for all
as-deposited coatings, i.e. there are no peak shifts or changes in texture visible, only the
pattern of the Ti-B-doped coating is shown in Fig. 3. The lattice parameters a (4.834+0.002
A), b (8.304+0.003 A) and c (8.934+0.003 A) of the k-Al,Os phase are very close to standard
values (JCPDF # 00-052-0803). With regard to the same powder standard, all k-Al,Os;
bilayers show more pronounced peaks for the (013), the (004) and the (015) orientation,
which are all rather close to (001), being the dominant growth orientation of x-Al,O; [17].

This is in good agreement with the preferred growth orientation of CVD k-Al, O3 layers
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reported in literature [43, 44]. The residual tensile stresses are increasing from ~240 MPa to
~290 MPa and ~390 MPa, for undoped, B-doped and Ti-B-doped x-Al,O; bilayers,
respectively. The increasing residual stress could be partly related to the increasing coating
thickness of the k-Al,O; bilayers as doping elements are introduced. On the other hand, it has
to be mentioned that the minor variations of the base-layer thickness seen in Fig. 1, which
could also influence the average residual stress in the k-Al,O3 bilayers, do not seem to affect

this tendency.
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UWLU\JUL M)

T T T T T T T T
30 40 50 60
20/°

Fig. 3. GAXRD pattern of the Ti-B-doped x-Al,O; bilayer coating as
deposited, including a detailed peak identification of k-Al,Oj.

The HTXRD investigations revealed a retarded k-o-transformation for doped x-AlLOs;
compared to the undoped k-Al,Os, i.e. the start times (Fig. 4a, solid lines) and finish times
(Fig. 4a, dashed lines) are shifted to longer times at both annealing temperatures of 1000 and
1030°C. Furthermore, Ti-B-doped x-Al,O3 transforms slower compared to the only B-doped
k-AlLO;. Applying the 95%-x-Al,Os criterion (determined from the intensity of the seven
strongest k-Al,O3 XRD peaks, see experimental details) for the onset of a-Al,O3 formation,
the B-doped and the Ti-B-doped coatings show at 1030°C start times for the k-o-
transformation of ~13 and ~20 minutes, respectively, while the undoped coating fulfills this
criterion already after 2 minutes. Moreover, traces of a-Al,Os are already detected for the
undoped coating after the heating step from room temperature to 1030°C in the HTXRD
oven. At 1000°C, the onset of the k-a-transformation is delayed to ~20, ~50 and ~60 minutes
for undoped, B-doped and Ti-B-doped coatings, respectively. This sequence of undoped, B-

doped and Ti-B-doped coatings is similar for starting and finishing of the k-oa-transformation
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at both annealing temperatures, i.e. 1030 and 1000°C. Compared to the undoped coating, Ti-
B-doping delays the finish times for 85 and 110 minutes at 1030 and 1000°C, respectively.
Subsequently to the k-o-transformation, the formation of TiO; is detected, which is attributed
to a small residual oxygen partial pressure within the high temperature chamber of the
HTXRD system. It is striking, that the time gap between the finishing of the x-a-
transformation and the TiO, formation is rather constant for both testing temperatures
(undoped: 40 min., B-doped: ~100 min., Ti-B-doped: ~200 min.), which suggests a less
pronounced temperature dependence of the TiO, formation process compared to the k-o-
transformation. Obviously, the formation of a secondary crack network during -o-
transformation increases the possibilities for oxidation of the TiCN base-layer, which explains
the onset of TiO, formation soon after finishing of the k-a-transformation. Moreover, the
doped coatings show an increased delay of the TiO, formation (see Fig. 4b), which seems to
originate from less pronounced diffusion of titanium and/or oxygen through the Al,Os layer.
This might be due to the doping elements which cause a less distinct secondary crack network

[45] or that they are blocking diffusion paths within the Al,O5 layer.
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Fig. 4. k-a-transformation (a) of undoped, B-doped and Ti-B-doped Al,O; bilayer coatings
showing start (solid lines) and finish times (dashed lines) at 1000 and 1030°C. The onset
of TiO, formation (b, doted lines) occurs subsequently to the k-a-transition.

In agreement with the HTXRD experiments, the undoped x-Al,Os bilayer transforms faster
than the doped coatings during a 1000°C heat treatment with Ar flushing (below referred to as
Ar-heat-treatment). Fig. 5a shows GAXRD patterns of the undoped, the B-doped and the Ti-
B-doped samples after an 80 minute Ar-heat-treatment. The more pronounced a-Al,O3 peak

confirms the faster k-a-transformation of the undoped coating when comparing the k-Al,O;
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and a-Al,O3 peak at 20 ~ 35° for all coatings. Simultaneously, most of the major a-Al,O3
peaks are clearly visible for the undoped coating after heat treatment but not for the doped
coatings, hence corroborating the slower k-o-transformation of the latter. In contrast to the
HTXRD results, TiO, peaks are visible for all samples after much shorter Ar-heat-treatment
times and the k-o-transformation seems to be shifted to longer times. The undoped coating
shows a considerable TiO, peak at 20 = 27.5° after 60 minutes Ar-heat-treatment, while the
first clear TiO, peaks appear after 100 minutes of HTXRD annealing at 1000°C for the same
coating. For the Ti-B-doped coatings, the first TiO, peaks are detected after 120 minutes Ar-
heat-treatment and after 300 minutes HTXRD. This earlier onset of TiO, formation is
attributed to a higher oxygen partial pressure within the heat treatment furnace compared to
the HTXRD chamber, which might have been introduced during sample batching despite the
flushing with Ar. Comparing the transformation times of the HTXRD and Ar-heat-treatment,
the slower k-o-transformation during Ar-heat-treatment is more obvious for the doped
coatings, as the undoped coating transforms relatively fast in both cases. In general, the
starting of the k-a-transformation occurs 3-4 times later for Ar-heat-treated samples. After
200 minutes Ar-heat-treatment (Fig. 5b), the GAXRD pattern of the undoped coating exhibits
mainly TiO, peaks and a further phase appears. Delamination of the coating system is already
visible to the naked eye, which explains the disappearing a-Al,O3 peaks and suggests the
attribution of the additional phase to oxidized substrate material. For the same Ar-heat-
treatment, delamination of the doped coatings occurred after ~400 minutes. The B-doped
coating still contains a considerable k-Al,O; phase fraction, whereas in the Ti-B-doped
coating the k-Al,O3 phase is still dominating (Fig. 5b), which shows that Ti-B-doping further
retards the k-o-transformation compared to B-doping, also for the Ar-heat-treatment. For the
1000°C HTXRD experiments, after the same heat treatment time of 200 minutes, K-o-
transformation in the doped coatings was almost finished (see Fig.4a, dashed lines),

demonstrating the slower k-a-transformation during Ar-heat-treatment.
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Fig. 5. GAXRD pattern of undoped, B-doped and Ti-B-doped Al,O; bilayers after
80 minutes (a) and 200 minutes (b) heat treatment at 1000°C with Ar flushing.

The initial coating failure mechanism is exemplified in Fig. 6 for the undoped coating after 80
minutes Ar-heat-treatment. B-doped and Ti-B-doped coatings show a similar surface
appearance after an Ar-heat-treatment time of ~200 minutes. The affected region appears
slightly brighter in the backscattered electron image (Fig. 6b), which is attributed to a higher
titanium content. With regard to the GAXRD results (see Fig. 5a), these regions seem to
contain mainly TiO,, where the Ti is provided by the base-layer. As the TiO, formation
precedes the k-a-transformation, it is supposed to occur primarily at thermal cracks formed
during cooling down of the coating after deposition, until secondary cracks due to the k-o-
transformation are formed. The oxidation of the base-layer seems to lift off the Al,O3 bilayer,
which causes a localized perforation and accelerates the oxidation process. This habit could

be related to formation of titanium oxide already within the Al,O; bilayer, hence causing local
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compressive stresses and buckling [46]. Additionally, titanium or TiO, seems to diffuse
through the locally destroyed bilayer, increasing the volume of the hillocks growing on the
AL Oj; surface. The generation of big pores, visible at the Al,Os/base-layer interface in Fig. 6a,
deteriorates the adhesion of the Al,Oj3 bilayer and explains the coating delamination discussed
above. Small pores are also visible between the Al,Os layers, indicating a loss of interlayer
atoms, but no separation of the two Al,Os; layers can be observed. Without oxidation
protection by the Al,Os layer, the TiCN base-layer heavily oxidizes, as TiCN is only
oxidation resistant up to temperatures in the range of 500-650°C [47-49]. Consequently, also

the cemented carbide is not protected against oxidation anymore.

Fig. 6. SEM secondary electron (a) and backscattered electron (b) fracture cross-section images of the
undoped x-Al,O; bilayer coating, after 80 minutes heat treatment at 1000°C (with Ar flushing). The
interfaces “inner k-Al,O5 / base layer” and “outer k-Al,O; / interlayer” are highlighted by
dashed, white lines as a guide for the eye. The interlayer can be observed as
brighter region below the upper dashed line in (b).

The vacuum-heat-treatment experiments performed at 1000°C at ~10® mbar, thus minimizing
oxidation processes, show the longest k-a-transformation times within this study. After a
vacuum-heat-treatment time of 720 minutes, the doped coatings contain a predominant
fraction of k-Al,O3 and also the undoped coating shows a still significant amount of k-Al,O;
(Fig. 7). For HTXRD (cf. Fig. 4a) and Ar-heat-treatment (cf. Fig. 5b), the k-a-transformation
is finished much earlier. After vacuum-heat-treatment times longer than 16 hours, the
GAXRD pattern of the undoped coating shows no k-Al,O3 peaks anymore, but for the doped
coatings the k-Al,O3 peaks even do not disappear after a 32 hour vacuum-heat-treatment. At
20 = ~26° another peak doublet is visible, where the peak at lower angle perfectly fits to
a-Al,Os. However, the peak at higher angle is attributed to an aluminum oxide (JCPDF #
00-048-0366) with an a-Al,O3; structure but slightly decreased lattice spacings, hence

showing peak positions which are slightly shifted to higher angles. The detected amount of
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this second “a-Al,O3” phase is lower for the Ti-B-doped coating. Furthermore, the GAXRD
patterns show an increasing amount of tungsten (JCPDF # 01-089-2767) with increasing heat
treatment time for all coatings, which is generally higher for the undoped coating. Although
the main tungsten peak is overlapping with a k-Al,O; peak, its strong increase,

simultaneously to the disappearing of the k-Al,Os phase, justifies this attribution.
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Fig. 7. GAXRD pattern of undoped, B-doped and Ti-B-doped Al,O;
bilayers after a 720 minutes vacuum heat treatment at 1000°C.

Qualitative EDS measurements (Fig. 8) confirm the occurrence of tungsten at the surface,
where the brightness of the backscattered electron top-view images correlates with the
tungsten enrichment. The darkest region (e.g. Fig. 1a, position 1) mainly consist of Al,O; and
the spectrum of the bright regions (e.g. Fig. la, position 2) shows a mixture of tungsten
(major fraction) and Al,O; (minor fraction). Within the brighter regions, there are also small
bright spots visible (Fig. la, position 3), which mainly consist of tungsten. The top-view
images (Fig. 8) clearly visualize the higher amount of tungsten segregated to the surface of
the undoped coating. Furthermore, it is possible to distinguish between B-doped and Ti-B-
doped coating. The latter shows less of the bright regions and no bright spots, i.e. less
tungsten segregates to the surface. The brighter surface of the undoped coating, after 32 hours
vacuum-heat-treatment, i.e. the higher amount of tungsten segregated to this surface, indicates
that the undoped bilayer is a less efficient diffusion barrier when compared to the doped
coatings, also suggested by the comparable faster formation of TiO, on undoped samples after

HTXRD and Ar-heat-treatment (cf. Fig. 5).
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Fig. 8. SEM top-view images (electron backscattering mode) of undoped (a), B-doped (b) and Ti-B-doped
AlL)O; bilayers (c) after a 1920 minutes vacuum heat treatment at 1000°C. The position of three
qualitative EDS measurements on the undoped sample is indicated by numbers and
the respective spectra are displayed in the lower row.

Fig. 9 displays a fracture cross-section of the undoped coating after 32 hours of vacuum-heat-
treatment. No delamination is visible, confirming that the adhesion failure of the investigated
coating systems, by applying thermal loads only, is at least partly determined by oxidation
processes, but not directly by the k-a-transformation. In agreement with the top-view
micrograph (cf. Fig. 8a), the fracture cross-sections (Fig. 9b, c) display a bright surface layer,
occasionally containing bright spots. There are also a few dome-shaped outgrows visible and
both, outgrows and bright spots, seem to be located in the vicinity of cracks which appear also
bright (Fig. 9c). The EDS line scan shows that these outgrows mainly consist of tungsten, but
also contain a significant amount of titanium. Both elements seem to diffuse through cracks in
the Al,Os layers, indicated by the brightness of the cracks in Fig. 9b and more clearly in
Fig. 9c, as well as by the tungsten concentration profile of the line scan. The profile exhibits a
relatively high tungsten concentration within the outer Al,Os layer, because the line scan
coincides with a crack. As surface segregation of titanium is also observed, a small amount of
titanium segregating at cracks is very probably, but mainly tungsten is detected. Furthermore,
a tungsten peak at the interlayer and a tungsten diffusion gradient within the TiCN base-layer

is visible. The diffusion gradient within the base-layer is much more pronounced and closer to
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Fig. 9. SEM secondary electron (a) and backscattered electron (b) fracture cross-section images of the
undoped k-Al,Oj; bilayer coating, after 1920 minutes vacuum heat treatment at 1000°C. The EDS
line scan (d) starts within an outgrow at the surface (depth: ~0 pm — 0.5 pm) and shows the two
Al,O; layers, the interlayer (depth: ~1 um), the TiCN base-layer (depth: ~1.6 um — 4.8 um)
and the cemented carbide substrate (depth: ~5 pm).

the surface, when compared to the GDOES measurements on as-deposited coatings (cf.
Fig. 2). Obviously, tungsten which may originate from the tungsten dissolved in the cobalt
binder phase [50] of the cemented carbide substrate diffuses through the whole coating
system. However, the big amount of tungsten detected with the EDS line scan, is attributed to
its position close to a crack and close to an outgrow. On average, the amount of surface
segregated tungsten is lower than detected with the EDS line scan. Thus, also diffusion of this
lower amount of tungsten through the coating system could be possible. The titanium,
detected within the outgrow, seems to mainly originate from the interlayer, as there are
several pores visible at the interface of the outer Al,O;3 layer and the interlayer. Occasionally,
these pores seem to be “filled” with tungsten, as visible at the fracture cross-section (Fig. 9b,
white arrow) and detected with EDS (tungsten peak close to the interlayer, Fig. 9d).
Consequently, the detected tungsten peak shows a single pore where tungsten is segregated,
but does not represent a continuous layer of tungsten underneath the outer Al,O; layer.
Compared to the other heat treatment processes, it is assumed that the absence of oxygen

causes a lower chemical potential for titanium diffusion through the ALO; layer.
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Consequently, a slower transport of titanium, away from the Al,O; interfaces, occurs and
fewer pores are generated. Hence, sufficient adhesion is maintained, and coating delamination
even does not occur for heat treatment times as long as 32 hours. Moreover, the diffusion of
tungsten through the whole coating system does not destroy the coating integrity, unlike
shorter heat treatments accompanied by TiO, formation. This indicates that the diffusion of
metal atoms through the coating system is less destructive, as long as the formation of oxides

within the diffusion paths is avoided.

4. Comparative discussion of the transformation

Table 1 summarizes the above mentioned transformation times. The start time values for
HTXRD are slightly smaller than those displayed in Fig. 4a, due to the fact that the graph
shows the decline of k-Al,O3 peaks, while in Table 1 the first clear appearance of a-Al,O3
peaks is listed. This difference also gives a hint for the order of magnitude of uncertainty of
the time values. The x-a-transformation finish time for undoped coating during Ar-heat-

treatment is omitted as the massive formation of TiO, impedes a clear determination.

Table 1

k-o-transformation start and finish times given in minutes for different heat-treatment processes at 1000°C

Coating HTXRD Ar-heat-treatment vacuum-heat-treatment
undoped 15/130 70/ - 300/ 800

B-doped 20/ 200 150/250 700 />1920
Ti-B-doped 40/240 180 /300 480 />1920

The observed diffusion of tungsten and titanium through the AL,O; layers is related to a
covered coating surface and covered surfaces of the thermal cracks, which are the preferred
regions for the initiation of the k-a-transformation and nucleation of a-Al,O; grains [19, 31].
Molecular dynamic simulations [28] suggest that the mobility provided by surface diffusion is
vital for the k-a-transformation. Therefore, the coverage of surfaces with a tungsten-titanium
film could be a reason for a retarded initiation of the k-a-transformation. Apparently, the
tungsten film limits the mobility at Al,O; surfaces much more than the occurrence of an oxide
species like TiO, does. This could be related to the higher density of the metal film which

might impede diffusion processes more efficiently. In addition, TiO, is known to possess a
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strong disorder in its lattice structure [51], which could make diffusion more easily for atoms
at the former free surface of Al,Os;. Thus, the later onset of k-o-transformation for the
vacuum-heat-treated samples can be attributed to the segregation of tungsten and titanium at
the free Al,O;5 surfaces.

Considering the difference between Ar-heat-treatment and HTXRD, the earlier and more
pronounced onset of TiO, formation for the Ar-heat-treatment, which is related to a higher
oxygen partial pressure, causes a slower nucleation of the xk-a-transformation, compared to
the HTXRD. The lower oxygen partial pressure within the HTXRD chamber, where the k-o.-
transformation starts before the onset of TiO, formation, allows a less affected k-o-nucleation
process, which is consequently the fastest one within this study. Moreover, the oxygen partial
pressure seems to influence the k-a-transformation time itself (cf. Table 1). For both doped
coatings, the transformation time (difference between finish and start time) increases from
~100 minutes to ~200 minutes and >1200 minutes, for Ar-heat-treatment, HTXRD and
vacuum-heat-treatment, respectively. The undoped coating transforms within ~20 minutes,
~100 minutes and ~300 minutes, respectively. Obviously, an oxidizing atmosphere allows a
faster progress of the k-a-transformation, where a decreased oxygen partial pressure prolongs
the transformation time. Changing to a reducing atmosphere, provided by high vacuum in
combination with high temperature, strongly increases the k-o-transformation times. This
behavior is in agreement with the stabilization of doped transition alumina by a reducing
atmosphere as reported in literature [52]. The present results also show the stabilization of
undoped k-Al,O3, which contains a much lower amount of foreign atoms (cf. Fig. 2).

As doping elements incorporated within the Al,O; are consistently prolonging the x-a-
transformation time for all heat-treatment processes, it is assumed that the diffusion processes
during the k-o-transformation (changing of the stacking of the anion sublattice and changing
the arrangement of the cations therein) proceed at a slower speed for doped Al,Os;. In
literature, the influence of impurities and dopants is often examined with regard to grain
boundary segregations [32, 33], but the influence of doping elements within this study is
related to solid soluted dopants in the Al,Os, as indicated in Fig. 2. Furthermore, based on the
assumption of a higher solubility limit for k-Al,O3 compared to a-Al,Os, segregation of
boron and titanium could be a necessary prerequisite for the k-o-transformation, in order to
allow nucleation and growth of a-Al,Os;. Such an additional segregation process can be
assumed to consequence longer transformation times for doped coatings compared to

undoped ones.
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5. Conclusions

The addition of BCl; and TiCly to the precursor gas mixture of k-Al,Os bilayers grown by
thermally activated chemical vapor deposition seems to cause an incorporation of boron and
titanium atoms, which indicates a higher solubility limit of these dopants within the k-Al,Os,
when compared to a-Al,Os.

The initiation of k-o-transformation is influenced by the coverage of free surfaces and
depends also on the covering material. The higher oxygen partial pressure within a
conventional heat treatment furnace allows an earlier and more pronounced TiO, formation,
which causes a retarded k-o-transformation when compared to HTXRD investigations with
its lower oxygen partial pressure. Much longer nucleation times are observed for vacuum heat
treatments where the free surfaces are covered by a tungsten film, which probably contains a
minor amount of titanium. A decreasing oxygen partial pressure, i.e. changing the heat
treatment facility from a conventional heat treatment furnace (Ar-flushed) via a HTXRD
equipment (N,-flushed) to a vacuum furnace, prolongs the time period between onset and
finishing of the k-o-transformation.

During heat treatment, the deteriorated Al,O; coating adhesion is rather determined by
oxidation of the base-layer than by the x-o-transformation itself. Consistently for all
investigated heat treatment processes, the B-doped xk-Al,Os; transforms slower than the
undoped one and Ti-B-doping causes a still slower k-a-transformation. In the same line, the
undoped k-Al,Os3 seems to be a less efficient diffusion barrier, compared to the doped layers.
The Ti-B-doped x-Al,Os bilayer revealed to be the most thermally stable and most efficient

diffusion barrier within this work.
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